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Abstract

Nanocrystalline (NC) and ultrafine-grained (UFG) materials have attracted extensive attention due to their superior strength under monotonic loading but also during
high cycle fatigue. Such high strength materials allow for constructions requiring less
material volume and can therefore promote light-weight efforts for the automotive or
aviation industry. Still some difficulties have to be overcome to make this material
class reliable aspirants for technical applications. Firstly, their propensity to deform
via shear bands during monotonic or cyclic loading causes the initial structure to
locally collapse what deteriorates the material✬s ductility or lifetime. Secondly, during cyclic loading the initial NC or UFG structure tends to coarsen what degrades
the strength. The knowledge about the underlying driving forces and mechanisms
for such instabilities is still at its infancy, but its understanding the key to overcome
them. By using different experimental methodologies, involving static and cyclic
loading conditions, intriguing insights into both phenomena have been gained.
Cyclic micro bending experiments have been performed on UFG copper revealing
structural modifications by a growth of larger grains at the expense of adjacent
smaller ones. Thereby the continuous migration of high angle grain boundaries was
identified as the basic mechanisms of cyclic grain growth. This migration procedure
is not just thermally assisted, proven by cyclic high pressure torsion experiments
performed under cryogenic conditions on UFG nickel where a distinct coarsening of
the structure took place. Irrespective of the deformation temperature grain coarsening was amplified within shear bands, thus, regions of strain concentration. This
emphasizes the crucial role of the cyclic strain in triggering the migration of a grain
boundary. Because the hydrostatic pressure prevents failure of the sample the cyclic
softening portion stemming exclusively from grain growth could be quantified for
the first time. Additionally, grain coarsening as well as the propagation of shear
bands could be studied up to large cyclic strains, which allow the conclusion that
cyclically induced growing of grains is not an “everlasting“ process as it levels off at
a certain grain size. This final, coarsened grain size is determined by the nominal
strain amplitude.
Strain localizations affecting the mechanical behaviour occur also under static loading conditions, which was investigated on a pearlitic nanocomposite exhibiting a
lamellar arrangement of ferrite and carbon rich cementite. Micro compression experiments revealed different types of strain localization, depending on the loading

VII

Abstract
direction with respect to the lamellar orientation of the harder cementite. Perpendicular loading leads to shearing of the cementite into the shear band direction,
parallel loading to buckling within a kink band and inclined loading localizes the
strain by confined layer slip parallel to the cementite lamellae, without deforming
it. Not only the lamellar orientation but also the strain path has an influence on the
deformation behavior, as for instance during bending the strain gradient prohibits
the formation of catastrophic shear bands. Also during cyclic bending homogeneous
deformation occurs and in addition pronounced grain growth is prevented by the
layered architecture. Thus, for cyclically loaded nanolamellar architectures structural instabilities can be avoided, which enhances the reliability for their in-service
use.
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1
Motivation
In the last decades strong efforts have been made to increase strength and ductility
of metals, both are essential design parameters for structural components. Among
various strategies, which have been developed to increase the strength of materials,
the refinement of the microstructure has the potential to increase the strength by
retaining moderate ductility [1] [2] [3]. It is applicable to any materials system as it
is not restricted by phenomena like precipitation hardening. The fundamental work
of Hall and Petch already showed a clear correlation of strength increase with grain
refinement in 1951 [4]. Since then methods apart from classical thermomechanical
processing routes and alloying have been developed which can realize structures
well below 1 µm or even 100 nm in size, referred to as ultrafine-grained (UFG) or
nanocrystalline (NC) materials [1]. Two different strategies, bottom-up and topdown processes, can be applied for microstructural design. The difference between
these processes lies in the starting configuration of the material and the following
synthesis procedure [2]. In bottom-up processes, like inert gas condensation which
was invented by Gleiter [5], the NC or UFG structured materials are synthesized
on a plain substrate. However, in top-down processes an initially bulk and coarse
grained material is refined into a fine scaled microstructure by applying large degrees
of deformation at low temperatures, known as severe plastic deformation (SPD)
methods [1]. The most common SPD techniques are equal-channel angular pressing
(ECAP) [6], accumulative roll bonding (ARB) [7] or high pressure torsion (HPT) [8].
The main advantage of HPT lies in the possibility to deform any kind of material,
for instance even relatively brittle systems such as chromium [9] or tungsten [10],
due to the applied high hydrostatic pressure. With this procedure single phase
pure or alloyed metals can be refined to grain sizes between 700 nm and 50 nm,
but also complex multiphase materials with structural sizes below 50 nm can be
achieved [1] [2]. The potential of SPD to process the strongest structural materials
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has already been demonstrated for pearlitic steels. By wire drawing it was possible
to produce pearlitic wires with a tensile strength of almost 7 GPa [11] corresponding
to one third of the theoretical strength limit. This achievement is outstanding and
encouraging for HPT processing, which follows a very similar processing principal
but additionally allows to fabricate bulk-like materials instead of the 20 µm thick
wires. The underlying grain or phase architecture of such nanostructured composites
offer superior strength and toughness combinations [12]. However, these fine scaled
structures also induce difficulties. Nanostructured materials possess enhanced grain
boundary fractions, which are believed to facilitate mechanical or thermal induced
structural instabilities which deteriorate the materials strength, ductility or life time.
Strain localization in shear bands and grain coarsening are the two main issues
leading to structural instability.
In principal both phenomena can occur as a consequence of plastic deformation
during static and cyclic loading, although their characteristics can vary depending
on the deformation mode, as will be described later in more detail. In any case,
microstructural changes will alter the mechanical response and can deteriorate the
mechanical performance and ductility substantially. For instance, grain coarsening
may enhance ductility at the expense of a softening, while shear banding can cause
inhomogeneous plastic deformation and thereby further shorten the ductility of the
samples during tensile tests (Fig. 1.1a) [3]. On the other hand, during low cycle
fatigue testing, when large strain amplitudes are applied, both mechanisms lead to
cyclic softening thereby shortening the life-time dramatically (Fig. 1.1b) [13] [14].

Figure 1.1 Schematics according to [3] and [13] comparing the mechanical response of coarse
grained and ultrafine grained structures during a) tensile testing and b) fatigue testing.

As mechanical properties are essential design parameters for structural components,
their modification during plastic deformation seriously alters their sustainability and
could therefore be responsible for fatal structural design failures. Thus, to make
these high strength materials suitable for technical applications, an understanding
of instability initiation and development is of utmost importance. Therefore the ba-

2

sic mechanisms of shear band formation and grain coarsening need to be identified,
as it may offer strategies to subdue or avoid them. As these instabilities have been
observed under various experimental conditions systematic studies are required to
prove the influence of deformation mode, loading parameters, crystallography, grain
boundary type, grain architecture and their impact on the mechanical properties.
Only the knowledge about the driving forces or fundamental processes triggering
the collapse of the ultrafine- or nanocrystalline structure will allow to design stable
and reliable ultra-strong materials.
The following chapters will summarize the current knowledge on mechanically induced grain growth and shear band formation. Further, the used experimental
techniques will be described shortly before the main findings of the thesis are presented.

3

4

2
Introduction
2.1 Processing nanostructured materials by high pressure
torsion
2.1.1 High pressure torsion setup
The first high pressure torsion setup was invented by Bridgeman [15] for a completely different objective than grain refinement of metallic materials, which is the
main purpose of HPT nowadays. However, the setup of current HPT tools is very
similar to the first hand driven setup from 1935. It consists of two anvils, where
the upper one is fixed and the lower one rotates. However, in contrast to the initial
setup of Bridgeman, nowadays so called quasi-constrained HPT is utilized, which
uses anvils with a cavity rather than a flat surface. This setup ensures application of
high hydrostatic pressures which prevents cracking of the sample [16]. A disc-shaped
sample is placed between the two anvils. Both, the sample and the anvil are sandblasted to ensure sufficient friction in order to avoid slipping of the sample between
the anvils. The lower anvil rotates monotonically under the hydrostatic pressure
and thereby severe amounts of shear strain, γ, can be imposed to the sample, which
can be calculated according to Eq. 2.1

γ=

2πrn
t

(2.1)

with the HPT disc radius, r, the number of rotations, n, and the HPT disc thickness,
t.
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The equivalent v. Mises strain, ǫvM , can be calculated with Eq. 2.2
γ
2πrn
ǫvM = √ = √
3
3t

(2.2)

In addition to monotonic deformation, the lower anvil can also be rotated cyclically
for a certain twist angle, Θ, thus simulating fatigue loading conditions. As the strain
depends on the disc radius and thickness, different cyclic strains can be applied by
adapting the sample geometry and the number of cycles.

2.1.2 Investigated materials
High pressure torsion induces a breakdown of initially coarse grains down to sizes
of 200-700 nm for pure metals, 50-100 nm for single phase alloyed metals and even
below 50 nm for multiphase materials and composites. In the initial stage of the
refinement process dislocations are generated which accumulate and form into cell
boundaries. With ongoing deformation and further increase of the dislocation density cells become smaller and the misorientation between them increases resulting in
high angle grain boundaries (HAGB). At sufficiently large strains the grain size distribution is not changed anymore and a dynamic steady state or saturation regime
is attained. The ultrafine-grained structure at this stage consists of about 20 % low
angle grain boundaries (LAGB) and 80 % HAGB. For further details to the fragmentation process see also [17] [18].
In this thesis the structural stability of pure metals, e.g. of high-purity model materials such as 99.95 % copper and 99.99 % nickel and of a high strength nanolamellar
pearlitic steel is investigated by different methodologies. The shape of the grains
depends on the viewing direction of the HPT disc. For UFG copper and nickel the
grains get elongated in the shearing direction, while in the radial and torsional direction remain relatively equiaxed with 500 nm and 300 nm grain size (calculated from
electron back scatter diffraction (EBSD) data, area weighted), respectively (Fig.
2.1a-b). The pearlitic nanocomposite is characterized by a lamellar arrangement of
the softer ferrite and harder intermetallic cementite phase with 15-20 nm and 3 nm
lamellae thickness, respectively (Fig. 2.1c). The significant reduction of grain size
and laemellae thickness leads to important implications compared to coarse grained
materials, such as i) larger grain boundary or interface fraction; ii) less ordered or
distorted grain boundaries or interfaces are far from their equilibrium structure [1]
and iii) fewer dislocations can be stored within the grains [3]. Additional variations
related to the multiphase pearlitic nanocomposite are iv) stochiometric changes of
the cementite due to dissolution of carbon atoms in the ferritic phase [19] [20] [21]
and v) replacement of the colony structure with various lamellae orientations by
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a single lamellar orientation parallel to the shearing direction [20] [22] [23]. These
pecularities may in turn provoke the mentioned instabilites, which will be briefly
summarized in the following chapters.

Figure 2.1 Microstructures for a) UFG Cu, b) UFG Ni (viewing direction parallel to the
tangential (TAN) direction of the HPT disc), and c) the nanolamellear pearlitic steel (R260,
viewing direction parallel to the radial (RAD) direction of the HPT disc) [22].

2.2 Deformation induced instabilities in nanostructured
metals
As described in chapter 2.1 NC and UFG structures possess specific peculiarities which can affect physical or mechanical properties and may lead to structural
changes during plastic deformation. Although the current understanding of plasticity in nanostructured materials is still at its infancy and mostly based on MD
simulations, the most important findings will be shortly summarized, as they are
essential for understanding the plastic deformation and the evolution of structural
instabilities.

2.2.1 Plastic deformation mechanisms in nanostructured metals
Single phase materials
In coarse grained materials of medium to high stacking fault energy plastic deformation at low homologous temperatures is realized by the activation of intragranular
dislocation sources and the subsequent glide of emitted dislocations. As the grain
volume available in UFG or NC grains becomes sufficiently small the generation of
dislocations by classic intragranular dislocation sources, such as Frank-Read sources,
becomes increasingly difficult. Although recent studies have shown that dislocation
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mediated plasticity is still possible at grain scales down to 10-20 nm [24] [25], the
nucleation sites for dislocations are transferred to the grain boundaries. Molecular
dynamic (MD) simulations on NC Ni showed the emission of partial dislocations
from grain boundaries and their absorption within opposite grain boundaries. Upon
their movement in the grain interior they leave behind a stacking fault if not followed
by a trailing partial [26]. Below 10-20 nm many studies have claimed that dislocation
based deformation mechanisms are replaced by deformation processes being related
to grain boundaries. For instance MD simulations have revealed the accommodation
of plastic strain by the relative movement of adjacent grains along their boundaries
in NC materials [27], which is schematically shown in figure 2.2a. This process is
called grain boundary sliding and could be realized by atomic shuffling near grain
boundaries and local diffusion processes [26]. In addition, grain rotation has also
been reported to accommodate plastic deformation at the nanoscale [28] [24]. Such
processes might become dominant for grain sizes below 10 nm.
For grain sizes in the ultrafine-grained regime (> 100 nm), TEM investigations have
not only evidenced the prevalence of dislocation mediated plasticity [29] but also the
operation of dislocation sources located in the grain boundary [30]. This alternative
nucleation sites for dislocations are also related to the complex and disordered nature of SPD grain boundaries consisting of dislocations within the boundary. These
“non-equilibrium dislocations“ can move under an applied load [30]. However, if
the movement of the dislocations gets disturbed, for instance by grain boundary
ledges or triple junctions, they can be emitted into the grain interior. Upon further
straining the mobile dislocation will glide through the grain interior until absorbed
again in the opposite grain boundary [29] [31] as schematically shown in figure 2.2b.

Figure 2.2 Possible deformation mechanisms for NC and UFG materials are a) grain boundary sliding [2] and b) dislocation mediated plasticity by nucleation of dislocations from grain
boundaries, subsequent movement through the grain interior and absorption in the opposite
grain boundary.

Nanolaminates
For nanocomposites, such as lamellar pearlitic structures, the deformation processes
are somewhat different. Unlike the single phase NC materials, diffusion based processes like grain boundary sliding are not feasible in layered structures simply from
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geometrical considerations. Thus, it is assumed that the main carriers of plasticity
are dislocations. The thickness of the layers between interfaces corresponds to the
smallest free glide path for dislocations. The interlamellar distance will therefore
affect the dislocation movement significantly [32] [33] and govern the exact deformation mechanism [34]. Nucleation sites for the dislocations are located at the
interfaces [37]. Once a dislocation half loop is emitted into the layer it moves by
progressive bowing through the layer interior towards the opposite interface, where
it could be partly inserted [35] [36] [37]. For a layer thickness in the micron and
sub-micron regime pile-up formation at interfaces is assumed, however, below an
interlamellar spacing of 50 nm dislocations do not have enough space to pile up anymore and confined layer slip will become important. Thereby, dislocation segments
spanning between the adjacent interfaces will bow out under an applied load parallel
to the layers as shown in Fig. 2.3a, unless they are restricted at grain or subgrain
boundaries, which also span between the interfaces. This procedure is in principal
similar to bowing a dislocation segment between two pinning points, i.e. Orowan
mechanism, where the required stress to continue bowing the dislocation scales with
the inverse of the distance between the pinning points. A similar correlation between
the stress to bow dislocation half loops and the interlamellar spacing does apply to
these layered structures.
For very fine layers below a few nanometers the curvature of such a dislocation would
increase tremendously and therefore also the required stresses. As a consequence
confined layer slip becomes unfeasible. The exact deformation mechanism at such
fine length scales is still under investigation, however, two explanations exist. First,
when the shear stress exceeds the interface strength, the dislocation will cross the
interface and continue its movement in the adjacent layer as outlined in figure 2.3b.
Nevertheless, this idea is yet to be proven experimentally. On the other hand, simulations have suggested that the nucleation of dislocations from interfaces becomes
dominant over confined layer slip for the finest lamellar spacings [38].

Figure 2.3 Plastic deformation in multilayers a) in the range of about 3-50 nm lamellar
spacing is realized by confined layer slip and b) below 3 nm crossing of dislocation through
interfaces is suggested similar to [32].
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2.2.2 Shear bands in nanostructured metals
The localization of strain within shear bands can occur under various loading conditions, such as for static, cyclic, tensile, compressive, shear or torsional strainig.
Static loading conditions
Single phase alloys
Although dislocation slip is an inhomogeneous event at the mesoscale, generally
most metallic materials deform homogeneous at the global scale, at least at moderate strains. However, at large strains deformation can become inhomogeneous as
observed for the first time during heavy cold rolling of an initially coarse grained
copper alloy in 1922 [39]. It was suggested by Sevillano [40] that heavily cold worked
structures are prone to form such shear bands due to the difficulty to maintain strain
hardening in very fine-grained structures. Subsequently the material is not able to
counteract a local collapse of the structure and allows for strain concentration in
this softer region [41] [42]. Unfortunately, UFG and NC metals lack of sufficient
strain hardening capacity due to the limited number of dislocations that can be
stored within small grains [3]. They are therefore prone to form shear bands during
deformation shortly after the yield stress is exceeded [43] [44] [45] [46]. An example
of a shear band developed during compressive loading is shown for a Fe-Cu alloy
in Fig. 2.4a [43]. Once the instability has formed it can grow in length and in
some cases also in width [43] [44], which seems to correlate with the materials grain
size [43]. For initially coarse grained materials, a refinement of the structure was reported due to the severe strains present within the shear band [47]. Nanocrystalline
structures on the other hand do not necessarily show further refinement within the
shear band [44]. However, a general feature seems to be the elongation of grains
along the shear direction [43] [44] [47] and the formation of texture [44] [47].
Descriptions of the structure of shear bands are experimentally readily available,
however, insights into the formation process of shear bands are limited. Strain mapping obtained from digital image correlation during in-situ TEM testing of NC Ni
samples revealed a continuous localization of strain in several localized bands until
one of them becomes dominant resulting in a continuous softening [46]. Further,
MD simulations revealed strain localization along grain boundaries under an angle
of 45◦ to the loading axis coinciding with the direction of maximum shear stress for
structures well below 10 nm [48]. In less favorably oriented grain boundaries stacking faults bridged the gap between the strain concentrations located at the grain
boundaries. It can be imagined, that at larger grain sizes in the UFG regime the
formation of shear bands must be more related to dislocation based mechanisms,
as the grain boundary fraction decreases significantly. However, as computational
approaches are not accessible in this grain size regime closer insights into shear band
initiation and propagation are missing at the UFG length scale.
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Nanolaminates
Sevillano et al. have noted that not only severely work hardened materials, but also
highly anisotropic materials are prone to strain localization [40]. As deformation and
failure mechanisms are expected to be highly anisotropic in layered materials, strain
localizations need to be considered as important issue. Indeed numerous experiments have shown that independent of the material type, thus whether the layered
structures consist of metals, ceramics or bulk metallic glasses, a layered structure
collapses, when a shear band developed [35] [49] [50] [52] as shown exemplarily in
Fig. 2.4b. Furthermore, the response of the lamellar architecture to strain localization, e.g. the cementite within the pearlite, is strongly influenced by the lamellar
orientation with respect to the loading direction [53].
In these lamellar structures not the grain boundaries but the interfaces become the
most important defects controlling the nature of the strain localization. The interface properties, such as coherency, defect structure or interfacial shear strength can
vary significantly depending on the processing route or material system, thereby
controlling the shear band characteristics [50] [51]. Irrespective of these important
parameters the geometrical realignment of the layers into the shearing direction and
their consequent codeformation occurs independently of the processing route and
the type of material [35] [49] [50] [51] [52]. Such a local realignment of the lamellae
along the direction of large strain may induce a geometrical softening promoting further deformation within the inclined shear bands [49]. However, layer consistency is
not always the case. The lamellar architecture can be destroyed by crossing of shear
bands, as observed in a heavily cold drawn pearlitic steel [53].

Figure 2.4 Examples of shear bands during static loading a) in a Fe-Cu alloy [43] and b)
Cu-Nb multilayer, c) where a geometrical realignment of the lamellae into the shear band
direction occurs [50].
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Cyclic loading conditions
The concentration of cyclic strain in local bands is known to occur also upon cyclic
loading in coarse grained materials [54]. Their structure consists of a ladder-like
morphology, with almost dislocation free volumes separated by narrow regions of
high dislocation density [55]. In this structure plastic strain is supposed to be accommodated by a movement of dislocations between the ladders. Thus, in softer
regions less dislocation interaction processes will occur [56]. Due to their recurring
occurrence at the sample surface after polishing, they are denoted as persistent slip
bands [57] and are detectable by surface intrusions and extrusions [58]. Observations of extrusions in the sense of material squeezed out of the surface has also
been depicted for UFG materials under LCF conditions [59], however, ladder-like
dislocation structures were not observed as the typical size of the ladder structures
observed in conventional coarse grained metals exceeds the size of ultrafine grains.
The shear bands in UFG structures also had a persistent nature [60] [14] and
mostly developed along the maximum shear stress direction under 45◦ to the loading
axis [61] [59] [62] [63]. In some cases they have been found to be aligned with the
shear direction of the last ECAP step [14]. Their appearance on the surface could
be step-like [62] as shown in Fig. 2.5a or similar to extrusions [59] [60] [64] [14] as
shown in Fig. 2.5b. The thickness of these shear bands usually exceeds the size
of the ultrafine grains [61] [60] [65] but can also be narrow, consisting of a dense
dislocation network, which is able to penetrate grain boundaries [62]. Furthermore,
shear banding can be accompanied by grain growth inside or nearby the band, thus
a combination of two instability mechanisms can occur [65] [66] [67]. For this type
of shear band a strong dependence on the initial structure [67] and the type of the
material was found [65]. In copper the coarsening occurred in narrow shear bands
consisting of one grain in thickness, whereas in aluminum the shear band comprised
of several coarsened grains, realigned into the shear direction [65].

Figure 2.5 Morphologies of cyclically induced shear bands occurring as a) step-like [64], b)
extrusion-like features [14] or c) in combination with grain growth [65].

In summary, multiple observations of shear localization within bands have been
described in the past for various loading conditions and different materials. However,
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a thorough explanation on the questions of why and how these shear bands develop
is still missing.

2.2.3 Grain growth
In coarse grained structures grain growth is commonly classified into static and
dynamic grain growth. In the static case the grain growth occurs exclusively due
to thermal energy, while during dynamic recrystallization thermal and mechanical
driving forces simultaneously trigger grain nucleation and subsequent growth. Different processes are considered to realize the growth of a grain, which are atomic
flux between adjacent crystallite surfaces through the grain boundary, movement of
atomic groups or secondary grain boundary dislocations and atomic shuffling [68].
While grain growth and grain boundary migration during deformation in coarse
grained metals is occurring only at elevated temperatures, for UFG or even NC
materials grain growth can often occur during static or cyclic deformation processes
even below a homologous temperature of 0.3. Especially, high purity NC and UFG
metals are prone for deformation induced grain coarsening [69] [70] [71] [72] [73]. The
segregation of impurities can pin the grain boundaries to some extent, making them
more stable against grain growth [74] [75]. First observations of cyclically induced
grain coarsening were depicted by Agnew et al. [59] during low cycle fatigue (LCF),
revealing a heterogeneous coarsening at low strain amplitudes of ∆ǫpl ≈ 10−3 akin
to reports about the evolution of a bimodal grain size distribution [14]. At higher
strain amplitudes the coarsening became more homogeneous. However, the opposite
case was also reported [13], where the coarsening process became more pronounced
at lower strain amplitudes. Controversial observations also exist for the role of the
testing mode, e.g. strain or stress control, and most importantly for the underlying
mechanisms and driving forces for grain growth.
Generally, the three concepts describing grain growth under cyclic and static loading
conditions are the following:
1. Grain rotation
2. Dynamic recrystallization
3. Shear-stress coupled grain boundary migration
In case 1) crystallographic orientations of adjacent grains converge due to rotation
induced by the deformation process, coalesce and thereby cause grain coarsening, as
schematically shown in Fig. 2.6. This certainly plays a role for NC structures [69] [24]
and has also been evidenced experimentally for UFG metals [76]. Case 2) is based
on the observation of grain growth becoming more pronounced at low strain rates
and strain amplitudes due to the longer life time which extend the time for diffusion
processes [13] [63]. This concept concludes that for UFG materials room temperature
is sufficient to thermally activate grain growth processes. Quite on the contrary, case
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3) suggests that a mechanical activation of grain boundaries is sufficient to initiate
its movement, as shown schematically in Fig. 2.6b. Several studies have proposed
that the applied stress can solely migrate the boundary [77] [71] [74] [78] [29] [73].
Although a mechanical activation of the boundary has been reported frequently
[59] [60] [70], clear evidence for shear-stress coupled boundary migration is rare.
Moreover, other experimental data point out to the importance of the applied strain,
as grain coarsening was increased in the necking area of tensile samples, thus at areas
of strain concentration during static loading [79] and by increased strain amplitudes
during LCF [75].
Despite the numerous observations of grain growth a clear conclusion about the
impact of the strain amplitude, the crystallography of the initial structure, the
underlying mechanisms and driving forces are missing. Especially, during cyclic
loading the role of the accumulated strain on grain coarsening has not been discussed
at all. A thorough investigation of grain growth processes by utilization of in-situ
methods and statistical approaches are therefore of utmost importance to provide a
detailed understanding.

Figure 2.6 Possible processes causing cyclically induced grain growth are a) grain rotation
[2] and b) grain boundary migration.

2.3 Experimental methodology
In this study, the stability of materials deformed by high pressure torsion was investigated for single phase copper and nickel as well as for a nanolamellar pearlitic
steel. The copper and nickel provided model systems for studying the structural
stability in single phase metals, while the nanolamellar pearlitic steel belongs to the
strongest known structural materials. Therefore, static loading experiments were
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conducted on pearlitic micro pillars and cyclic loading experiments were performed
for copper, nickel and the pearlitic steel. Appropriate experimental procedures were
selected to address the particular questions of interest regarding UFG materials in
general:
i) Basic mechanisms of static and cyclically induced shear band formation and
grain growth;
ii) Driving forces for the migration of grain boundaries during grain growth;
iii) Influence of material characteristics, such as the crystallographic orientation,
the grain boundary type and a second phase;
iv) Influence of testing conditions, such as temperature, strain amplitude and
accumulative strain;
v) Impact of grain growth and shear banding on the mechanical behavior;

And with respect to the lamellar architecture of the pearlitic high strength steel in
especially:
vi) Effect of lamellar loading direction on plastic stability during static and cyclic
loading;
vii) Tayloring mechanical properties by selective loading directions.
For points i) and vi-vii) in-situ testing techniques within a scanning electron microscope enable the unique possibility to watch and track structural changes induced
by the deformation process and relate them to local stress-strain states induced by
static or cyclic loading. Therefore, in-situ cyclic micro bending experiments partly
supported by quasi in-situ EBSD measurements and in-situ micro compression experiments were conducted. This approach allows to identify the onset of structural
instabilities, to correlate them to a specific critical stress or strain value and to
further track the evolution of the specific instability mechanisms with increasing
strain. In addition to the micro mechanical experiments, cyclic high pressure torsion
(CHPT) experiments were conducted, an alternative technique for low cycle fatigue
testing enabling solutions for points ii-v). This method inhibits sample failure up
to large cyclic strains and therefore allows to measure the mechanical response due
to grain growth and shear bands exclusively. Furthermore, a statistical analysis of
material and testing parameters is possible by assessing multiple strain amplitudes
with a single sample and imposing various testing temperatures. The applied techniques and their scientific purpose are summarized for static loading conditions in
Table 2.1 and for cyclic loading conditions in Table 2.2:
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Table 2.1 Overview of the experimental investigations on plastic instability mechanisms
based on static loading.

Experimental
procedure
Micro compression

Material

Micro bending

Pearlite

Pearlite

Instability
mechanism
Shear and kink
bands

Small slip steps

Scientific purpose
Impact of lamellar orientation
on the evolution of plastic instabilities and their effect on
mechanical properties
Preventing plastic instabilities by a load path change

Table 2.2 Overview of the experimental investigations on plastic instability mechanisms
based on cyclic loading.

Experimental
procedure
Cyclic
micro
bending

Material
Copper
(Sxx)

Instability
mechanism
Slip on defined
glide planes

Cyclic
bending

Copper

Grain growth

Copper,
Nickel

Grain growth and
shear bands

Pearlite

Cracks

micro

CHPT

Cyclic
bending

micro

Scientific purpose
Basic dislocation processes
under bending of micro cantilevers
Revealing the basic mechanisms of cyclically induced
grain coarsening
Studying the evolution of
grain growth and shear bands
systematically for different
microstructures and processing parameters to reveal driving forces
Exceeding the limits of cyclic
strength by suppressing cyclic
instabilities

2.3.1 Microsample testing
The in-situ approach was utilized for three loading conditions: micro compression
experiments on the nanolamellar pearlitic steel, unidirectional micro bending experiments on the nanolamellar pearlitic steel and cyclic micro bending experiments
on ultrafine-grained copper and the nanolamellar pearlitic steel. The experimental
setup of these tests will be outlined briefly in the following.

16

2.3 Experimental methodology

Figure 2.7 Setup micro compression experiments within the scanning electron microscope.

Micro compression testing
In order to evaluate the structural stability of the pearlitic nanocomposite during
static loading micro compression experiments were performed. Due to the lamellar
architecture of the pearlitic steel an anisotropic behavior can be expected. Therefore,
three different types of compression pillars were fabricated with the cementite and
ferrite lamellae aligned parallel, perpendicular and inclined by 45◦ with respect to
the loading direction. This was not only done for the HPT processed nanolamellar
case but also for the ultrafine-lamellar initial microstructure, exhibiting a ferritecementite lamellae spacing of 15 nm and 3 nm for nanolamellae and 200 nm and
20 nm for ultrafine-lamellae, respectively. Therefore, colonies of a suitable lamellae
orientation had to be selected to fabricate micro pillars of the undeformed pearlite
conditions as well. Micro pillars of 3 x 3 µm2 in cross section and 6 µm in length,
thus with an aspect ratio of 1:2 were focused ion beam milled. The samples were
then tested with an ASMEC UNAT micro indenter within a Zeiss LEO 982 scanning electron microscope. An electrical conductive diamond flat punch was used to
compress the pillars at a nominal strain rate of ǫ̇ = 10−3 s−1 to displacements of
1500 - 3000 nm in one or two loading steps. The setup within the SEM is shown in
Fig. 2.7.
Unidirectional micro bending testing
In order to evaluate the impact of the strain path on the deformation behavior, the
nanolamellar pearlitic steel was also loaded in bending mode. Therefore, the setup
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of the ASMEC UNAT micro indenter had to be modified slightly by replacing the
flat punch with a cube corner indenter to enable the load to be applied in a single
point rather than on an extended area (Fig. 2.8). The micro cantilever was FIB
milled on a macroscopic pearlitic steel needle, prepared with a 20 µm tip radius
following methods for atom probe tomography needle preparation. The dimensions
of the cantilever gauge section were 10 x 10 x 20 µm3 for the height, width, length
and 40 µm for the bending length. The cantilever was subjected to multiple loadingunloading steps at a nominal strain rate of ǫ̇ = 10−3 s−1 .

Figure 2.8 Setup micro bending experiments within the scanning electron microscope.

Cyclic micro bending testing
To evaluate cyclically induced microstructural changes, cyclic micro bending experiments have been conducted. These experiments allow to correlate microstructural
changes with the local stress-strain state. This was done for UFG Cu, as a model
material, with the focus on revealing the basic mechanism for grain growth or shear
banding in a comparatively easier system. In addition, the role of interfaces was
then investigated with a more complex system of the nanolamellar pearlitic steel.
Due to the different strength of the materials, two different micro indenters had to
be utilized. For the nanolamellar pearlitic steel the experiments were performed
with the ASMEC UNAT micro indenter due to the larger displacement that can be
realized and the Hysitron PI85 micro indentation system was used for the ultrafinegrained copper samples due to the significantly better force resolution. The pearlitic
cantilevers were 7 x 7 x 21 µm3 in size with a bending length of 42 µm, whereas the
copper cantilevers had a size of 3 x 3 x 3 µm3 and 12 µm bending length because of
the limited displacement range in the back and forth movement of the Hysitron indenter. For both cases, a FIB milled tungsten double blade gripper was used to load
the cantilevers, by moving the gripper up and down (see Fig. 2.9). Both materials
were loaded under displacement control with a nominal strain rate of ǫ̇ = 10−3 s−1 .
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The ultrafine-grained copper cantilever was loaded at a plastic strain amplitude of
3.2*10−3 for 400 cycles. In addition to conventional SEM investigations, the micro
cantilever was dismounted every 100 cycles to perform EBSD scans which allow to
track changes in the grain structure with the full crystallographic information. The
pearlitic nanocomposite was subjected to a block test, where the strain amplitude
was sequentially increased until cyclic softening was observed. Here, the focus was
put on identifying the critical plastic strain amplitude at which the structure becomes unstable causing a drop in the cyclic stress and how it evolves with cyclic
strain

Figure 2.9 Setup cyclic micro bending experiments within the scanning electron microscope.

Sample preparation
The micron sized compression and bending samples, as well as the tungsten double
blade gripper were machined by focused ion beam (FIB) milling with a Zeiss LEO
1540 XB dual beam work station. The FIB method allows for a locally defined
sample preparation with the aid of a focused Ga+ ion beam of 20 kV acceleration
voltage, removing the redundant material by sputtering processes. Coarse cutting
was done at a current of 10 nA to remove large volume parts in a reasonable time
but for polishing 200 pA were used to guarantee a smooth sample surface and a
reduced thickness of the ion induced damage layer [80]. During this final step the
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samples were tilted by 1.2◦ in order to remove the taper caused by redepositing.
For details on FIB sample fabrication see [81] [82]. In order to reduce the FIB
milling time, macroscopic samples were first prepared with thicknesses of around
20 µm. To do so, for the micro compression setup, thin wedge shaped slices were
prepared from pearlitic HPT discs as well as from the undeformed pearlite with a
cross section slicer. In this thinned area multiple compression samples could be FIB
milled next to each other. For the bending experiments, needles were used instead
of wedges because bending experiments require more free space around them for the
application of the displacement than the compression samples. Therefore, from the
HPT discs rods were cut and subsequently etched to a needle. Only one cantilever
could be FIB milled on this needle-shaped macro samples.

2.3.2 Cyclic high pressure torsion
The HPT setup described in chapter 2.1 can simply be adapted for cyclic torsional
deformation experiments. For this, the rotation direction of the lower anvil is continuously reversed after a certain twist angle, ±θ. The cyclic strain amplitude, ǫa ,
can be calculated by adapting the equation for the v. Mises strain:
2πrθ
ǫa = √
3t360

(2.3)

By varying the number of cycles, N , the accumulated strain, ǫacc , can be adjusted:
ǫacc = 4N ǫa

(2.4)

The measurement of the twist angle, θ, is realized by a 1 m long non-magnetic
rod, attached to the lower HPT anvil and is, thus rotating simultaneously with the
HPT sample. At its end a series of point magnets is fixed to the rod and causes a
targeted activation of a Hall sensor, which is connected to a control unit, actuating
the HPT motor to change the rotation direction. Thereby, two Hall sensors are used,
spanning an adjustable distance which yields the desired twist angle. By cyclic high
pressure torsion (CHPT) not only the strain amplitude and accumulated strain can
be adapted, but also different testing temperatures can be applied. Although most
experiments were run at room temperature for certain cases cryogenic conditions
were required in order to subdue thermal activation of grain growth. This was
possible by simply placing the HPT anvils with the sample in a bath of liquid
nitrogen, thereby realizing constant temperatures of 77 K.
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Experimental observations and summary
of publications
The purpose of this thesis was to deepen the understanding about structural instabilities, such as shear bands or grain coarsening initiated during static and cyclic
plastic deformation. As mentioned earlier, two specific experimental procedures were
used. First, in-situ micro mechanical approaches for static and cyclic loading conditions, because they directly enable a correlation between structural changes and the
mechanical response by tracking changes of the same sample area throughout the
deformation experiment. Second, CHPT was found to be indispensable for a systematic study on the effect of different loading conditions, such as strain amplitude,
accumulated strain or temperature on grain coarsening because failure of the sample
is inhibited up to large cyclic strains. The main conclusions of these experiments,
which have already been published to a great extent (see also list of publications),
will be summarized in the following chapters.

3.1 List of Publications
Publication A
Importance of dislocations pile-ups on the mechanical properties and the Bauschinger
effect in micro cantilevers.
M.W. Kapp, C. Kirchlechner, R. Pippan and G. Dehm
Journal of Materials Research 30 (2015) 791-797.
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Publication B
Anisotropic deformation characteristics of an ultrafine- and nanolamellar pearlitic
steel.
M.W. Kapp, A. Hohenwarter, S. Wurster, B. Yang and R. Pippan
Acta Materialia 106 (2016) 239-248.

Publication C
Structural instabilities during cyclic loading of ultrafine-grained copper studied with
micro bending experiments.
M.W. Kapp, T. Kremmer, C. Motz, B. Yang, R. Pippan
Acta Materialia 125 (2017) 351-358.

Publication D
Ultra-strong and damage tolerant metallic bulk materials: A lesson from nanostructured pearlitic steel wires.
A. Hohenwarter, B. Völker, M.W. Kapp, Y. Li, S. Goto, D. Raabe, R. Pippan
Scientific Reports 6 (2016) 33228.

Publication E
Cyclically induced grain growth within shear bands investigated in UFG Ni by cyclic
high pressure torsion.
M.W. Kapp, O. Renk, T. Leitner, P. Ghosh, B. Yang, R. Pippan
Accepted for publication in Journal of Materials Research.

Publication F
Strength and ductility of heavily deformed pearlitic microstructures.
A. Hohenwarter, M.W. Kapp, B. Völker, O. Renk, R. Pippan
Accepted for Publication in IOP Conference Series: Materials Science and Engineering.
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Fatigue induced instabilities studied by inexhaustible ultrafine-grained samples.
M.W. Kapp, O. Renk, P. Ghosh, T. Leitner, B. Yang, R. Pippan
Manuscript in Preparation, will be submitted to SCI journal.
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3.2 Microstructural instabilities during static loading
conditions
The high pressure torsion deformed pearlitic steel, denoted as nanolamellar (NL) in
the following due to the ferrite and cementite (actually carbon rich phase due to
stochiometric devations from Fe3 C) lamellae spacing of 15-20 nm and 3 nm, respectively, was compared with the ultrafine lamellar (UFL) initial state, consisting of
lamellar spacings of 200 nm and 20 nm for the ferrite and cementite, respectively.
To account for a possible anisotropic behavior inherent to the lamellar architecture,
three different lamellar orientations, being parallel, normal and inclined with respect
to the loading direction were tested.

Figure 3.1 SEM images of the side surfaces and cross secions of the a-c) UFL and d-f) NL
compressed pearlitic pillars showing a,d) kink bands for the parallel orientation, b,e) shear
bands for the normal orientation and c,f) inclined orientation aligned along the lamellae
similar to [85].

SEM images, shown in Fig. 3.1, were taken after compression and revealed local
deformation within bands irrespective of the lamellar orientation or spacing. Interestingly, in the NL pillars (Fig. 3.1d-f) the imposed strain was accommodated in only
one dominant band, whereas multiple bands were initiated in the UFL pillars (Fig.
3.1a-c). The cross sections reveal, that the intrinsic localization mechanism varies
for the three different lamellar orientations, but is similar irrespective of the lamellar
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spacing. When the harder cementite lamellae are aligned parallel with respect to the
compression axis a cumulative buckling of adjacent lamellae over a confined height
is observed for the UFL (Fig. 3.1a) and the NL (Fig. 3.1d) case and is therefore,
denoted as kink band similar to earlier reports [53]. Loading the lamellae normal
with respect to the compression axis, locally reorients adjacent ferrite and cementite
lamellae into the shearing direction (Fig. 3.1b,e), commonly denoted as shear band.
Although cementite is an intermetallic phase, it behaves in a ductile manner during deformation of pearlite, when its lamellar thickness is below ≈ 10 nm [83] [84].
Therefore, the lamellae stay intact when being realigned into the shear direction,
which is consistent with co-deformation in other multilayer systems [35] [50] [49].
For the inclined orientation of the UFL (Fig. 3.1c) and NL (Fig. 3.1f) pillars shear
bands form within the ferritic phase via confined layer slip [32] and parallel to the
cementite lamellae. For the formation of the shear band the cementite lamellae
neither have to be bent or buckled into the shearing direction, thus it can form
at stress values below the elastic limit of the cementite. This is in contrast to the
other two orientations where the plastic deformation of the cementite is obligatory
to form a shear or kink band. The observations, that the type of plastic instability
is goverened by the lamellar orientation rather than the lamellar spacing applies to
earlier suggestions [53].

Figure 3.2 Schematic of the engineering stress-strain curves of the pearlitic pillars, exhibiting three deformation regimes: 1) both phases deform elastically; 2) the softer ferrite
becomes plastic, the harder cementite stays elastic; 3) both phases deform plastically similar
to [85].
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In-situ capturing of the surface morphology enables correlation of the deformation characteristics with the evolution of the stress-strain curve. Figure 3.2 shows
schematics of the measured stress-strain curves, which clearly reflect the composite behavior of the UFL and NL pearlitic steel. According to the different slopes
three deformation regimes can be identified [86]. In the first deformation regime
both phases behave elastically (labelled 1, black for NL and white for UFL in Fig.
3.2) until the softer ferritic phase starts to plastically deform at around 600 MPa
for UFL and about 1900 MPa for the NL pillars (labelled 2 in Fig. 3.2). In this
second deformation regime tremendous strain hardening is realized. At the transition to the third deformation regime (labelled 3 in Fig. 3.2) shear and kink bands
become active as the harder cementite has exceeded its elastic limit and allows for
the collapse of the lamellar architecture in the normal and parallel case. The onset
of strain localization in shear bands occurs at distinctively lower stress levels for the
inclined orientation. This is attributed to the not required plastic deformation of
the cementite, thus allowing for early strain localization. It is also noteworthy, that
an essential contribution to the strength increase of more than two times of the NL
pearlite is caused by enhanced strain hardening in the second deformation regime
that can be realized in nanolaminates [34]. Unfortunately, the evolution of plastic
instabilities does not only lead to catastrophic failure of the pillars, but also shuts
off strain hardening and thereby limits the strength potential of these nanolaminates.

Figure 3.3 SEM image of the bent pearlitic cantilever, where a magnified image shows tiny
slip steps within the ferrite, which do not accumulate to a large scale, catastrophic shear
band.

An attempt to overcome structural instabilities could be the use of a different load
path. Therefore, micro bending beams were tested with the lamellae being aligned
normal to the loading direction. This testing direction leads to immediate strain
softening and failure due to shear band formation during compression. The pearlitic
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cantilever was bent in multiple steps to a total outer fiber strain of 12 %. Large
scale shear bands still have not developed (Fig. 3.3), although in this strain regime
deformation was already confined in a dominant shear band during compression
testing. At higher magnifications a damaged region becomes visible, where the
layers are not perfectly straight anymore and a roughening occurred. However,
pronounced shear bands are not detectable. Within the ferritic lamellae multiple
slip steps are visible, which are confined by the adjacent cementite, as they are not
able to overcome it. The gradient-like distribution of strains and stresses along the
cantilever, with the maximum at its outer fiber and diminishing towards the neutral
axis, seems to hinder the formation of large scale shear bands, therefore promotes
homogeneous deformation and prevents early failure.

3.3 Microstructural instabilities during cyclic loading
conditions
3.3.1 High purity model materials
As mentioned earlier, the appearance of shear bands or grain coarsening is typically
observed during fatigue testing of NC and UFG structures [87] [63] [88] [89]. Cyclic
micro bending experiments on UFG copper performed within the thesis revealed the
basic mechanism of cyclically induced grain growth for the first time. Comparison
of EBSD scans performed on the same area after 100, 200, 300 and 400 cycles at
a plastic strain amplitude of ǫa,pl = 3.2 ∗ 10−3 (Fig. 3.4) showed that a continuous migration of HAGBs leads to the growth of certain grains (detail 1 in Fig. 3.4).
Thereby, larger grains tend to grow, whereas smaller ones shrink, which is consistent
to grain growth observations during static loading experiments [69] [72] [29] [90] [76].
The difference in strain energy density between the growing larger grains (low strain
energy density) and the shrinking smaller grains (higher strain energy density) seems
to govern the direction of boundary migration [90] [91]. LAGBs stay unaffected unless structural modifications in adjacent grains cause their disappearance (detail 2
in Fig. 3.4). Therefore they might be classified as geometrically necessary boundaries [92]. Rarely, completely new grains were appearing (detail 3 in Fig. 3.4)
following the same grain growth procedure as outlined above. Most probably they
have grown from a region just beneath the cantilever surface, rather than being nucleated there. With these observations it was possible to disprove the ideas about
classical recrystallization being the underlying grain growth mechanism [87]. Present
experimental evidences are essential to reasonably intensify the understanding about
driving forces for mechanically induced grain coarsening.
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Figure 3.4 EBSD scans following the evolution of the structure within a copper cantilever
gauge section during cyclic loading of the a) initial structure and after b) 100, c) 200, d)
300 and e) 400 cycles taken from [93].
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The structure in the cyclically deformed cantilever gauge section gets continuously
modified by growing and shrinking of grains, however, the formation of a shear band
was not observed. This might be a consequence of the small tested volume, being
3 x 3 x 3 µm3 in size, which is too small for developing shear bands of multiple
grains in thickness [94] [67]. On the other hand, in macroscopic samples deformed
by CHPT a pronounced shear band has already developed in the center of the HPT
disc after 50 cycles (Fig. 3.5, see N50 in first row). Back scatter electron (BSE)
images show the development of a wedge like shape of the shear band, being thinner
near the center of the HPT disc (smaller nominal strain amplitude) and increasing
in thickness towards the edge (higher nominal strain amplitude). Thus, the thickness of the shear band seems to level out with the nominal strain amplitude. Thus,
the local strain amplitude within the shear band does not differ significantly along
the HPT disc anymore (compare Table 3.1). With increasing number of cycles the
thickness of the shear band grows, maintaining its wedge-like shape, as exemplarily
shown for 100 cycles (Fig. 3.5, see N100 in fourth row). Grain size modifications
were observed within the shear band (Fig. 3.5, see N50 in third row, TAN viewing
direction), as compared to the still equiaxed structure outside the SB (Fig. 3.5, see
N50 second row). The grains within the shear band have not only coarsened but are
also elongated along the RAD direction.

Figure 3.5 Microhardness inside and outside of the shear band varies according to the
subgrains rather than the grains in a sample cycled for 50 times. Doubling the number of
cycles to 100 leads to a thickening of the wedge-shaped shear band similar to [95].

The coarsening of the structure is also reflected in the microhardness plots (Fig. 3.5,
data points in red), where the hardness drops within the shear band (rhomboids)
are attributed to the increase of the structural size, as the damage of the sample is
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Table 3.1 Nominal strain amplitudes, ǫa,nom , nominal accumulated strains, ǫacc,nom , shear
band thicknesses, tSB , and local strain amplitude normalized by the shear band thickness
setting t = tSB in Eq. 3, ǫa,loc , are given for 50 and 100 cycle numbers at an twist angle of
5◦ .

HPT disk radius
1
2
3
4

ǫa,nom
N50 N100
0.06
0.13
0.19
0.25

ǫacc,nom
N50 N100
12
24
26
47
38
71
50
95

tSB [µm]
N50 N100
100
180
180
260
240
330
310
360

ǫa,loc
N50 N100
0.50
0.28
0.56
0.39
0.63
0.46
0.65
0.56

prohibited by the hydrostatic pressure during CHPT deformation. Similar to the
hardness evolution within the shear band, the subgrain size (full blue rhomboids) is
also nearly constant along the HPT disc radius, whereas the grain size (empty blue
rhomboids) clearly decreases. This suggests that the subgrain boundaries rather
than HAGB govern the hardness as observed in other studies [96]. Furthermore,
hardness values of Ni samples with 2 µm grain size would be significantly smaller.
Although grain size calculations from EBSD scans yielded a slight growth outside
of the shear band (blue full and empty circles), it is clearly accelerated within the
region of strain localization. Intensified grain growth within the shear band indicates
that the applied cyclic strain triggers grain growth and undermines the role of stress
assisted grain boundary migration [71] [77] [73] [72]. The importance of cyclic strain
on grain growth in UFG metals has not been emphasized so far, although numerous
experimental observations point in this direction [65] [79] [66] [67].
To investigate the impact of the strain in more detail it is necessary to differentiate
between two parameters that can be adapted during CHPT, which are the strain
amplitude per cycle, ǫa,nom (see Eq. 2.3 in experimental part), and the accumulated strain, ǫacc,nom (see Eq. 2.4 in experimental part). Variations of the nominal
strain amplitude along the HPT disc radius are inherent to the disc shaped sample,
whereas the accumulated strain can be adjusted by the number of cycles applied.
Exemplary values are given for 50 and 100 cycles in Table 3.1. As mentioned before,
the wedge shape of the shear band along the HPT disc radius balances the nominal
strain amplitude, this reduces the actual differences in the local strain amplitudes
(see Table 3.1) and may account for the small differences in the subgrain size and
microhardness along the HPT disc radius. However, coarsening proceeds further
with increasing cycle numbers and so the accumulated strains (Fig. 3.6). The continuous increase of the grain size with cycle number leads to a continuous drop of
the microhardness. Analyses of the inverse pole figure (IPF) maps calculated from
EBSD data reveal a tendency for specific crystallographic orientations of the coarsened structure (Fig. 3.6). Despite an initial scatter between [101] and [112] in TAN
direction, which corresponds to the shear direction in CHPT, a clear preference for
[101] becomes visible for the heavily coarsened grains at huge accumulated strains of
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ǫacc,nom = 6583 after 4900 cycles. In TOR direction, coarsened grains consist preferentially of (111) planes parallel to the HPT shear plane, allowing for easy plastic
deformation. Following [98] the torsional texture components {111} h101i require
only a single slip system, which may favor dislocation glide on this system and could
account for the preferred coarsening of these grains. The importance of dislocation
interaction with grain boundaries for boundary migration in UFG metals has been
evidenced from in-situ TEM straining experiments [30] [97]. The interactions lead to
the formation of disconnections and their movement cause subsequent displacement
of the grain boundary. Thus, enhanced dislocation plasticity in favorably oriented
grains could increase the dislocation interactions with grain boundaries and therefore also the generation of such grain boundary defects.

Figure 3.6 Evolution of microhardness, EBSD scans (taken at an HPT disc radius of 4
mm) as well as crystallographic orientations plotted in IPF maps within the shear band for
increasing cycle numbers, thus, increasing accumulated strain. Clearly, with increasing number of cycles the grain size increases and additionally preferred crystallographic orientations
develop.

As the growth of grains proceeds with ongoing cyclic strain accumulation an ’everlasting’ coarsening process could be assumed. This is, however, not the case, which
can be shown for the most cycled sample (N = 4900). EBSD analysis along the HPT
disc radius of this sample (Fig. 3.7) reveal a distinct dependence of the grain and
subgrain size and consequently also of the microhardness on the HPT disc radius.
As the height of the EBSD scans in the background, spans the entire thickness of
the HPT disc and except for the innermost radius fine scaled regions are not visible anymore, the shear band comprises the entire HPT disc volume. Consequently,
the measured grain size and hardness values have to depend on the nominal strain
amplitude, as variations of the local strain amplitude, e.g. within and outside of
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the shear band, have vanished. This allows for the conclusion, that once the shear
band occupies the entire HPT disc the coarsening process is governed by the nominal strain amplitude, determining the coarsened grain sizes which are smaller for
high nominal strain amplitudes and larger for smaller strain amplitudes according
to earlier CHPT experiments [99]. The grain size of the most cycled sample (N =
4900) is 1.6 µm at an HPT disc radius of 4 mm which is not significantly larger as
compared to the grain size of 1.2 µm of a sample cycled for only 50 times (compare
Fig. 3.5). It is interesting to note that during the period of shear band growth
grains have already grown up to 7 µm after 1000 cycles. Thus, it appears that a refinement of the structure has taken place again once the thickness of the shear band
equalled the HPT disc, e.g. between 1000 and 4900 cycles (compare EBSD scans
in Fig. 3.6). This means that the coarsening process cannot proceed to ’infinity’
as eventually the coarsened grain size is determined by the nominal strain amplitude.

Figure 3.7 Microhardness, grain and subgrain size as a function of the HPT disc radius,
thus nominal strain amplitude for N =50 at Θ=5◦ . EBSD scans in the background span the
entire HPT disc height and show that except for the very center the shear bands comprises
the entire sample.

The observations of grain coarsening being accelerated by a strain localization and
further amplified by the accumulated strain during the shear band growth period,
together with the evolution of torsional deformation texture components strongly
points out to a mechanical activation of grain growth by the applied cyclic strain.
The possibility to mechanically activate grain growth during cyclic loading without
thermal contribution is still debated in literature [13] [87]. Although the occurrence of only deformation texture components already questions recrystallization
arguments, additional CHPT experiments have been performed under cryogenic
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conditions (77 K) to clarify this possibility. Similarities in the coarsening procedure
to CHPT performed at room temperature confirm that thermal activation of grain
boundaries is not required for their migration (Fig. 3.8). Already after 50 cycles
shear bands traversing the center of the HPT disc are visible in BSE images. EBSD
scans taken within the shear band show a significant coarsening of the structure
compared to the steady state grain size before cycling. Increasing the cycle number
to 500 leads to the formation of multiple shear bands, consisting of a similar coarsened structure. Microhardness indents located in the shear band beyond an HPT
disc radius of 3 mm demonstrate cyclic softening and further prove that thermal
activation is not a prerequisite for cyclically induced grain growth.

Figure 3.8 Microhardness and shear band evolution after CHPT at 77K for 50 and 500
cycles. BSE images along the HPT disc radius show the formation of shear bands after 50
and 500 cycles and EBSD scans of the shear band demonstrate significant coarsening.

3.3.2 Pearlitic steel
The micro compression experiments revealed a strong influence of the lamellar orientation on the type of strain localization and, thus on the achievable strength.
Modifying the load path from compression to bending, enabled suppression of catastrophic shear band development when the lamellae were aligned normal with respect
to the loading direction. However, as shown for the copper cantilevers under cyclic
loading conditions still grain growth can modify the HPT processed structure and
deteriorate the mechanical performance. Therefore, similar experiments were conducted on the NL pearlitic steel to elucidate the effect of interfaces on a potential
coarsening process. The cyclic loading of the pearlitic steel revealed pronounced
softening at ǫa,pl = 2.5 ∗ 10−3 (Fig. 3.9) although at a somewhat lower strain am-
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plitude at which first observations of grain growth in the copper cantilevers were
depicted (ǫa,pl = 3.2 ∗ 10−3 ). Within 200 cycles the surface stress dropped by 655
MPa, which would in principal suggest a collapse of the structure. SEM images
taken from the cantilever surface neither show signs of grain coarsening nor catastrophic shear bands (Fig. 3.10) but damage in the highly strained region of the
cantilever. Two pronounced cracks grow from the outer fiber towards the neutral
axis and account for the pronounced stress drop as the effective cantilever cross section sustaining the imposed strain is reduced significantly. Similarly to unidirection
bending experiments large scale shear bands are probably infeasible to develop due
to the gradient distribution of the stress and strains, getting smaller towards the
neutral axis. Thus, a cyclic stress range of 6 GPa (assuming predominantly elastic
deformation) could be achieved by preventing shear banding and grain growth in
layered structures.

Figure 3.9 Cyclic stress-strain curves of the pearlitic nanocomposite for different strain
amplitudes. Only the last cycle per strain amplitude is shown for ǫa = 4.7 ∗ 10−4 and
ǫa = 2.0 ∗ 10−3 , whereas for ǫa = 2.5 ∗ 10−3 the softening from the 1. over the 100. to the
200. cycle is visible.
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Figure 3.10 SEM images of the cycled pearlitic micro cantilever. Cracks have grown from
the outer fiber towards the neutral axis, but significant grain coarsening and shear bands
are not detectable.
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Conclusions
Static and cyclic mechanical experiments have been conducted on UFG copper and
nickel, as well as on a nanolamellar pearlitic high strength steel. The manifold experimental efforts led to a deeper knowledge about the evolution of grain coarsening
and shear banding. Cyclic loading of pure UFG metals leads to the coarsening of
the grain structure and in the formation of shear bands in macro samples. The main
findings are the following:
1. Shear bands develop only in sufficiently large samples accompanied by a coarsening of the structure. The resulting cyclic softening in that region further
promotes cyclic slip and strain localization.
2. Grain growth occurs by the continuous migration of high angle grain boundaries, whereas small angle grain boundaries persist unless their neighborhood
is significantly altered. The preferential growth of grains favorably aligned
for cyclic torsional slip strengthens the idea that the interactions of lattice
dislocations with grain boundaries trigger the growth process.
3. The occurrence of enlarged grains within shear bands even at cryogenic conditions confirms that a thermal activation of grain boundaries is not a prerequisite for their migration. This is further supported by the evolution of
deformation texture components in the coarsened regions. Amplified grain
growth observed within regions of strain localization and its acceleration by
the accumulated strain emphasize the importance of the cyclic strain over the
stress.
4. Although grain coarsening is accelerated by the accumulated strain during the
period of shear band growth, once the thickness of the shear band comprises
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the entire HPT disc height the nominal strain amplitude determines the size
of coarsened grains.
5. Grain coarsening significantly deteriorates the cyclic strength of these materials, which could be depicted by a steady drop of the microhardness with
increasing size of the grains. Such correlation up to large numbers of cycles
was only feasible because the hydrostatic pressure during CHPT offers the
unique possibility to suppress the evolution of damage in the sample, e.g. the
formation of cracks.

The pearlitic steel is prone to shear banding leading subsequently to softening and
catastrophic failure in static compression experiments, but turned out to be stable
when loaded in bending mode. The primary conclusions are as follows:
6. The stress-strain response for the parallel and normal loading of the lamellae is
a fingerprint for a composite-like behavior, characterized by three deformation
regimes: 1) ferrite and cementite deform elastically; 2) softer ferrite starts
to yield, cementite stays elastic; 3) harder cementite contributes to plastic
deformation.
7. Exceptional strain hardening within the ferrite phase in deformation mode
2, causing in part the strength of almost 4 GPa, is realized by the elastic
response of the cementite (carbon rich phase). Plastic deformation of the
cementite permits strain localization, shutting of strain hardening and cause
catastrophic failure.
8. The type of instability mechanism is sensitive to the lamellar alignment with
respect to the loading direction: shearing of the cementite for perpendicular
loading induces a shear band, buckling of the cementite for parallel loading
originates in a kink band, confined layer slip in the ferrite parallel to the
cementite lamellae introduces shear band in the inclined pillars at stress levels
well below the elastic limit of the cementite.
9. Changing the load path from compression to bending prevents catastrophic
shear bands to form. The distribution of the imposed stresses and strain in
form of a gradient impedes the expansion of small shear bands initiated at
the outer fiber, as the decreasing stresses towards the neutral axis may not be
sufficient to bend the cementite and destroy the lamellar structure.
10. In case of cyclic bending deterioration of the 6 GPa cyclic stress range is caused
by crack initiation at the highly strained outer fiber and its subsequent growth
towards the neutral axis. The lamellar architecture consisting of two phases
turns out to be stable against cyclically induced grain growth.
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Importance of dislocation pile-ups on the
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Bauschinger effect in microcantilevers
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Leoben, Austria
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Abstract
Copper microcantilevers were produced by focused ion beam milling and tested
in situ using a scanning electron microscope. To provide different interfaces for
piling up dislocations, cantilevers were fabricated to be single crystalline, bicrystalline, or single crystalline with a slit in the region of the neutral axis. The aim
of the experiment was to study the influence of dislocation pile-ups on (i) strength
and (ii) Bauschinger effects in micrometer-sized, focused ion beam milled bending
cantilevers. The samples were loaded monotonically for several times under displacement control. Even though the cantilevers exhibited the same nominal strain
gradient the strength varied by 34% within the three cantilever geometries. The
Bauschinger effect can be promoted and prohibited by the insertion of different
interfaces.
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A.1 Inroduction
Mechanical properties of micrometer-sized, single crystalline copper bending beams
are strongly influenced by the arrangement of geometrically necessary dislocations
(GNDs) leading to two main phenomena inherent to the bending geometry: (i) size
effects of the flow stress [1,2] and (ii) a pronounced Bauschinger effect or nonlinear
elastic unloading behavior [35].
Size effects and the importance of internal material length scales are well known
and have been widely discussed [6,7] and investigated over several decades. Studies
have also been performed for geometries with inherent strain gradients [8]. For instance, Stölken and Evans [9] performed the first foil bending of 12.5-50 µm thick
Ni foils to study the influence of length scales on the mechanical behavior, which
had been found to be in the range of 3-5 µm in pure Ni foils. The flow stress increase with reduced foil thickness was well explained by strain gradient plasticity [8].
Recently, the possibility to produce micrometer- and submicrometer-sized samples
by focused ion beam (FIB) milling and to test them either ex situ or in situ allows
for sample size effects in a broad context down to the submicrometer range to be
studied. These types of experiments have been commonly performed over the last
decade in micro torsion [8,10], micro compression [11,12], micro tensile [13,14] and
micro bending [1,2] geometries. Motz et al. [1] were the first who applied micro
bending onto single crystalline, FIB milled bending cantilevers and observed that
the increase of flow stress cannot solely be explained by strain gradient plasticity
and assumed that this could be due to sparsely distributed dislocation sources and
the formation of dislocation pile-ups. Later, three-dimensional discrete dislocation
dynamics (3D-DDD) simulations [15] support this view and provide evidence that
the dislocation arrangement in micrometer-sized copper cantilevers is characterized
by a pile-up of GNDs on distinct glide planes close to the neutral axis. The strong
localization of GNDs in the pile-up thereby stems from the activation of single dislocation sources in the small sample volume. The long range stress field of the pile-up
and its back stress on the dislocation source is responsible for the pronounced flow
stress increase.
Another consequence of the pile-up stress in microcantilevers is a pronounced nonlinear unloading curve due to the Bauschinger effect (or springback during monotone
unloading), which was macroscopically observed in the 18th century [16]. Until
today, Bauschinger effects had widely been studied in pure and dispersion hardened copper [17], in nanocrystalline gold films [18] as well as in passivated and
unpassivated copper thin films [19]. Demir and Raabe recently [3] described this
phenomenon in single crystalline FIB milled micro cantilevers as a drop in the flow
stress and a smooth elastic-plastic transition when the load sign is reversed. They
also recognized an incomplete reversibility of the GND structure close to the sample
surface by electron backscatter diffraction (EBSD). More recent µLaue experiments
in single slip oriented copper samples [5] showed that the reversible backflow of
GNDs already takes place during unloading. Other data published in the literature [1,5,20,21] show pronounced deviations from the elastic unloading behavior in
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micrometer-sized bending beams, which can be associated to a dislocation pile-up in
most cases. In this study, we aim for a better understanding of the effect of different
dislocation arrangements on the mechanical behavior of microcantilevers. Based on
the FIB milled microcantilevers with different sample geometries we either foster or
prohibit the plastic back-flow by confining the dislocation pile-up.

A.2 Experimental details
In situ micro bending tests with multiple monotone loading-unloading sequences on
single crystalline and bicrystalline copper microcantilevers in three different geometrical designs [Figs. 1(a)-1(c)] have been performed. In single crystalline bending
beams [Type 1; Fig. 1(a)] the neutral axis acts as a “strain“-interface for dislocation
motion due to the change in sign of the resolved shear stress across the neutral axis.
Hence, the majority of dislocations will be trapped, but a few dislocations might
be able to penetrate the neutral axis, spreading in regions with reversed load sign,
clearly shown by 3D-DDD simulations [15]. However, dislocations emitted from the
same source will pile up leading to a back stress on the dislocation source. This
long range stress field of the pile-up is responsible for hardening at low strains as
described by Motz and co-workers [1] and a dissolution of the pile-up upon unloading [5] which results in a pronounced Bauschinger effect furthermore. In the case
of bicrystalline bending beams (Type 2 samples) with a grain boundary at the position of the neutral plane, the confinement of the pile-up should be much more
pronounced: dislocations are not able to penetrate the general grain boundary leading to a shorter pile-up length, to a higher back stress on the dislocation source,
and to a more pronounced Bauschinger effect [Fig. 1(b)]. In contrast, removing the
material close to the neutral axis (i.e., milling a slit in the bending sample, Type 3)
should lead to an escape of dislocations at the slit [Fig. 1(c)] and thus, no, or depending on the sample geometry a weak, pile-up will be formed and no Bauschinger
effect should occur.
The three different cantilever types were FIB milled using a macroscopic sized copper
bicrystal, which was prepared following the approach of Moser et al. [22]. The
single crystalline cantilever as well as the slit sample was milled with the [36̄1]
¯ crystallographic
crystallographic axis parallel to the cantilever axis and the [841]
direction parallel to the loading axis. The second grain in the bicrystalline cantilever
is rotated by 24◦ around the [314] crystallographic direction of the single crystalline
cantilever. The microcantilevers were manufactured using a ZEISS 1540 XB FIB
workstation (Oberkochen, Germany) with 30 keV Ga+ ions and a coarse milling
current of 10 nA, followed by a final polishing current of 500 pA. The dimensions of
all cantilevers are summarized in Table I.
A Hysitron PicoIndenter PI 85 (Hysitron, Minneapolis, MN) with a nominal force
resolution of 0.1 µN equipped with a doped diamond Berkovich indenter tip was
used for the bending experiments. To facilitate the accurate alignment between
the micrometer-sized samples and the indenter tip, the experiments were conducted
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Figure A.1 (a) Schematic drawing of the dislocation structure in single crystalline cantilever
Type 1 with a pile-up formed at the neutral axis; (b) bicrystalline cantilever with a grain
boundary aligned along the neutral axis (geometrically restricted pile-up, Type 2); (c) single
crystalline cantilever with a slit along the neutral axis (no pile-up, Type 3).

inside a scanning electron microscope (SEM). Prior to the experiment, indents have
been performed on a FIB milled surface on the same macroscopic sample close to the
bending cantilever. These indents were made to correct for the stiffness of the wedgeshaped macroscopic sample. Several loading and unloading steps were performed in
displacement controlled mode with step sizes of 50, 150, and 500 nm, using a strain
rate of 10−4 - 10−5 s−1 . Bending lengths, lb , [Figs. 1(a)-1(c)] of roughly 60 µm were
realized to avoid unwanted shear forces. The calculation of the stress versus strain
curves is based on linear elastic bending beam theory. Therefore, the maximum
stress at the outer fiber, σ, was calculated using Eq. (1), with F being the measured
force and W or Wslit being the section modulus for cantilever Types 1 and 2 or
Type 3, respectively, according to Eqs. (2) and (3), whereas cantilever thickness, t,
and cantilever width, w, are listed in Table I.

σ=

σ=

F lb
W

(A.1)

W =

tw2
6

(A.2)


t w2 −
W

3
wslid
w



(A.3)

SEM images of the bent cantilevers taken after the experiments should document
changes in the surface morphology with the main focus lying on resolving the slip step
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formation. Due to the limited sensitivity concerning surface topography, provided
by the SEM, slip steps became only visible at strains above 0.03-0.07.

A.3 Results
The first 21 loading steps of cantilever Type 1 are shown in the stress versus strain
diagram in Fig. 2(a). The loading curve (black) of the single crystal agrees well
with the results obtained by Motz and co-workers [1]. At very low surface strains,
the flow stress is increasing tremendously, indicating the aforementioned formation
of the pile-up structure. The curve is subsequently followed by a steady state region
exhibiting moderate hardening.

Figure A.2 (a) Stress versus strain curves of cantilever Type 1 exhibit nonideal elastic
unloading behavior, with the amount of reverse strain getting weaker with ongoing deformation steps. (b) Cantilever Type 2 shows amplified reverse strain and serrated flow during
unloading, whereas (c) ideal elastic unloading is achieved for cantilever Type 3. (a-c) Loading curves are plotted in black, unloading curves in red. (d) Comparison of the unloading
behavior of the three cantilever types at low and high strain values-set of curves left and
right, respectively. The compliance of wedge and sample holder was corrected for each curve.

A discontinuous unloading behavior is observed: each unloading step starts with a
linear elastic unloading and is followed by a less steep slope (Bauschinger effect).
During reloading, the curve predominantly follows the unloading curve, however,
slightly shifted to higher stress values meaning at low applied stresses there is no
purely elastic loading. With increasing total strain, the Bauschinger effect during
unloading is significantly decreasing.
The bicrystalline cantilever [Type 2, Fig. 2(b)] exhibits the same initial hardening
and comparable stress during the transition to the steady state region with respect
to Type 1. However, large differences can be found by a close examination of the

53

A Publications
unloading curve, where the elastic unloading portion is much smaller and the reverse
strain is increased with respect to the single crystal. Also, the back-flow during
unloading is serrated at low total strains [Fig. 2(b)]. With higher surface strain, the
back-flow becomes smoother and its magnitude is clearly reduced.

Figure A.3 Contribution of the indentation depth caused by the Berkovich indenter (blue
curve on the left, from an additional indent made in the close vicinity of the single crystalline cantilever) to the measured force-displacement data (black curves on the right) during
loading of the single crystalline cantilever. Indentation depths are exemplarily given at the
transition to the steady state regime (135 nm) and at the maximum displacement (166 nm),
which results in 31 nm additional displacement during the steady state deformation.

In the case of the slit sample [Type 3, Fig. 2(c)], the transition from the initial
region exhibiting very high hardening to the steady state is at slightly higher strains
but at comparable stresses. The unloading curve is linear elastic and does not show
any kink. The shape of the different unloading slopes is presented in Fig. 2(d) for
comparison.
Besides the shape of the loading curves, the maximum stresses also differ. Comparing the stresses at 0.01 surface strain an intermediate strength for the single crystal
of 315 MPa, an increased strength of 343 MPa for the bicrystal, and a reduced
strength of 226 MPa for the sample with the slit are observed.
Due to the experimental setup the stress versus strain and hence, force versus displacement curve (Fig. 3, black) accommodates the force-displacement data from
the cantilever bending as well as from the indent caused by the Berkovich indenter
during loading. The loading curve of an additional indent (Fig. 3, blue) made in the
close vicinity of the cantilever (Type 1 as an example) exemplifies its contribution
to strain immediately from the onset of loading. Therefore, a sincere determination
of the transition from elastic loading to the regime exhibiting pronounced hardening
is impeded and would require a different experimental setup preventing the plastic
strain input from the indenter (for instance, by using a flat punch indenter and larger
bending lengths). Anyway, the contribution of the indentation depth to the total
displacement is most prominent for early loading steps and becomes less important
for loading steps at higher strains, where the indentation depth gets small with respect to the total displacement. In the steady state region, the indentation depth
does not increase significantly anymore and so the contribution from the indenter to
the total displacement diminishes: an additional indentation depth of 31 nm out of
2400 nm total displacement during the whole steady state regime compared to a 135
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nm indentation depth contributing to a total displacement of 800 nm from the onset
of loading until steady state. Consequently, no efforts were made to distinguish the
particular plastic strain portions for Type 13 cantilevers since they are negligible for
large displacements.

Figure A.4 SEM images at 0.03-0.07 surface strain of all the three cantilevers: (a) single
crystalline Type 1; (b) bicrystalline Type 2; (c) slit sample Type 3. White arrows mark the
position and orientation of occurring glide steps.

In the case of single crystalline Type 1 samples, only one glide system was activated
and slip steps are visible on the surface [Fig. 4(a)]. A slight rotation between the slip
plane orientation on the tension (in the front) and compression side (in the back)
can be attributed to a bent after an applied surface strain of 0.03, at which the
SEM image was recorded. Careful analysis of the slip step orientation at different
distances from the sample base confirms even a very small rotation within the same
side of the cantilever. The slip step height decreases from its maximum at the highly
strained outer fiber toward the neutral axis and diminishes somewhere around the
neutral axis in a less abrupt manner than observed for the bicrystalline Type 2
cantilever [Fig. 4(b)]. There the slip steps are forced to instantly stop at the neutral
axis, because the grain boundary situated there acts as an impenetrable barrier as
slip planes do not continue into another grain. In contrast, in the single crystalline
Type 1 sample at least one weak slip step extends about 600 nm into the cantilever
side exhibiting the reversed sign in shear stress. In Type 3 cantilevers, glide steps
penetrate the whole cross section of the beam on the tension side [Fig. 4(c), in the
front] without any noticeable reduction in glide step height. Note that the SEM
images shown in Figs. 4(a)-4(c) were taken at much higher strains (0.03-0.07) than
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the presented stress versus strain curves in Figs. 2(a)-2(c), since at very low strains
the slip steps are too faint to be resolved by SEM.

A.4 Discussion
The observation of only a few slip steps in the SEM image of the single crystalline
Type 1 cantilever [Fig. 4(a)] confirms localized deformation by one favorable oriented slip system. Due to the strongly bent cantilever the orientation of the slip
steps varies slightly, however they still proceed on the same slip system. This is
similar to findings from Motz et al. [1] who further argued that the operation of
single dislocation sources on a limited number of slip planes results in a pile-up formation of GNDs at the neutral axis and hence, in pile-up stresses of opposite sign
as the applied load. This pile-up approach provides a reasonable explanation for the
experimentally observed nonlinear unloading curves [Fig. 2(a)], since the reduction
in plastic strain in single crystalline cantilevers was attributed to the reverse motion
of GNDs observed by µLaue experiments reported by Kirchlechner et al. [5].
The amplified back-flow observed in the stress versus strain curve of the bicrystalline Type 2 cantilever indicates higher pile-up stresses. This is consistent with
the confinement of the dislocation pile-up by the impenetrable boundary [Fig. 4(b)].
Furthermore, this restriction requires a higher number of activated slip systems as
can be estimated from the SEM images (0.37; 0.55; 0.13 in slip steps/µm normalized
for 0.01 strain for Type 1; Type 2; Type 3, respectively). The serrated curve reveals
the plastic character of the back-flow and agrees to the observations of discrete dislocation events [23] being a fingerprint of the avalanche-like back-flow of dislocations
in the pile-ups. The serrated dissolution of pile-ups requires a temporary blocking
of the dislocations in the pile-up, for instance, by a limited number of nonprimary
dislocations. At high total strains, the plastic unloading curve becomes smooth,
indicating that nonprimary dislocations entangle the pile-up dislocations and the
avalanche-like back-flow of dislocations is suppressed. Also the amount of reverse
strain is significantly reduced, which is in good agreement with the proposed entanglement of GNDs and SSDs which hinders a complete dissolution of the pile-ups.
The weaker reversibility of GNDs in Type 1 compared to Type 2 samples [Fig. 2(d),
black and red unloading curves] is attributed to smaller pile-up stresses as a consequence of a weaker confinement of the GND pile-up at the neutral axis compared
to an impenetrable grain boundary. Thus, it seems that the neutral axis acts as a
weaker barrier for dislocations than the grain boundary and at least some GNDs
must be able to propagate beyond the neutral axis. Although several slip steps were
revealed in the vicinity of the neutral axis shown in Fig. 4(a), distinct signs for slip
activity across the neutral axis are rare. The magnification in Fig. 4(a) shows such
a rare case of a slip step extending across the neutral axis. The restricted visibility
of slip beyond the neutral axis is most probably an unfavorable interplay of small
slip step heights, carbon contamination of the sample surface, and the limited resolution of the SEM, which is insufficient to resolve slip steps derived from only a
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few dislocations. Higher applied strains in the bicrystalline cantilever (0.043 total
strain) caused higher slip step heights and thereby improved the visibility in the
SEM compared to the single crystalline cantilever (0.03 total strain), especially in
the region around the neutral axis. It is strongly assumed that more pronounced slip
steps penetrating the neutral axis would have been detected in the single crystalline
cantilever at higher applied strains.
The lack of the Bauschinger effect in Type 3 cantilever and the slip steps penetrating
from the outer surface to the inner surface confirm the role of the neutral axis as a
“strain“-interface in the single crystalline cantilever. The free inner surface of the
slit sample allows for an escape of dislocations and thus, either no or a very little
amount of pile-up dislocations form. Pile-up stresses are significantly reduced compared to the single crystalline Type 1 samples or are even lacking, and no back-flow
is observed.
Besides understanding the reversibility of dislocation motion at the micrometer scale,
these experiments allow for a deeper understanding of hardening in micrometer-sized
samples, in particular to unravel different hardening mechanisms present at the micrometer scale. Since the glide steps are strongly localized and only a limited number
of initial dislocations exist, work hardening does not take place at low strains. However, at higher strains the smoothing and disappearance of the reverse part of the
unloading curve suggests an increase in total dislocation density, and thus, work
hardening can play a role. However, work hardening is not responsible for the major
strength increase with respect to macroscopically sized copper bending beams.
Strain gradients and their effect on hardening are inherent to the bending geometry
in micrometer-sized cantilevers. However, Motz et al. [1] showed that the strain
gradients cannot solely be responsible for the increased flow stress in micrometersized FIB milled cantilevers. Here, we can support the ideas of Motz and co-workers
[1] in copper or later by Gong and Wilkinson [2] in α-titanium single crystals by a
simple comparison: the strain gradients in the three types of equally sized bending
beams do not nominally differ. Still, the strength of the cantilevers is significantly
different (compare 315, 343, and 226 MPa at 0.01 surface strain) and strain gradients cannot solely be responsible for the observed flow stress increase with respect
to macroscopic flow stresses.
From bending experiments conducted in the SEM one may expect to see the location of dislocation sources and to calculate the activation stress. Indeed, one can
conclude that most of the dislocation sources will be activated in the highly stressed
region near the outer fiber, where the slip step height gains its maximum for Type
1 and 2 cantilevers [Figs. 3(a) and 3(b)]. However, identifying the exact location of
the site where dislocation sources had been activated is not possible, which hinders
the determination of source activation stresses in micrometer-sized bending beams.
Thus, no conclusions can be drawn at the elastic limit where the source requiring
the lowest activation stress is expected to be activated. The exact determination of
surface stresses at the elastic limit is further complicated by the smooth transition
from elastic loading to pronounced hardening at very low strains.
In the plateau region of the stress versus strain curve, the strength of the material
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is not only determined by the source activation stress, but even more by the long
range stress field of the pile-up acting as back stress on the dislocation source. The
cantilever without pronounced pile-up (Type 3) exhibits the lowest surface stress at
0.01 surface strain (226 MPa); the sample with intermediate pile-up sizes (the single
crystalline sample) has the second highest surface stress at 0.01 surface strain (315
MPa). Finally, the sample with the confined pile-up exhibits the highest plateau
stress at comparable surface strains (343 MPa). This fits well with the observed
unloading behavior where the Bauschinger effect also scales with pile-up stresses.
Nevertheless, a quantitative investigation of the dislocation structure and the GND
as well as SSD density is compulsory for quantitative conclusions on the hardening
behavior of micrometer-sized bending cantilevers in the future, however is complicated by the dissolution of the pile-up during unloading.

A.5 Conclusion
In situ loading-unloading micro bending experiments were performed on three different cantilever geometries. The size of the pile-up predominantly controls the
mechanical properties of the bending beam, as confining the pile-up in a bicrystalline cantilever led to the amplification of the Bauschinger effect, as well as a more
pronounced hardening behavior. In contrast, the reduction of the pile-up causes the
absence of the Bauschinger effect and a strongly reduced hardening behavior, even
though all the samples exhibit a comparable strain gradient.
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Abstract
Micromechanical experiments with 3x3x6 µm3 sized micro pillars were used to examine orientation dependencies of the mechanical properties in a severely plastically
deformed high strength steel and compared with the undeformed state. For the synthesis, an initially ultrafine-lamellar (UFL) fully pearlitic steel was subjected to high
pressure torsion (HPT) transforming the steel into a nanolamellar (NL) composite.
Both microstructural states were then tested in-situ inside a scanning electron microscope. Within the individual micro pillars, fabricated by focused ion beam milling,
the ferrite and cementite lamellae were aligned parallel, normal or inclined to the
loading direction. The main findings are: First, the strength and strain hardening
capacity is more than doubled comparing the UFL with the NL composite. Second,
an anisotropic mechanical response exists in terms of i) strain hardening capacity
and ii) stress level at the onset of plateau formation. Third, deformation and localization mechanisms at large compressive strains vary with the lamellae orientation,
however they are independent of the lamellae thickness.
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B.1 Introduction
Nanocrystalline (NC) and ultrafine-grained (UFG) materials have gained a lot of
attraction due to their remarkable strength. Different procedures of severe plastic deformation (SPD) have been developed to refine microstructures, such as, equal
channel angular pressing (ECAP), accumulative roll bonding (ARB) or high pressure
torsion (HPT) [1-4]. Thereby, large amounts of strain can be imposed to the material, which causes a tremendous reduction of the structural sizes. For single phase
materials, the grain refinement saturates at several hundred nanometers, whereas,
for multiphase materials, even the nanometer regime can be attained, such as for
pearlitic steels [5].
Pearlitic steels possess a widespread field of applications, as for instance for rails,
cables for suspension bridges or steel cord wires. The great potential to control
their strength by tailoring the interlamellar spacing has been extensively discussed
[6-8]. Similar to single phase metallic materials, an inverse proportionality between
strength and interlamellar spacing was found, also known as modified Hall-Petch
effect. Hence, by strongly confining the dislocation movement in severely deformed
pearlitic steels, ultrahigh strength materials can be produced [9]. To date, a cold
drawn cord wire holds the highest tensile strength of all structural metallic materials with ∼7 GPa and thereby approaches approximately one third of the theoretical
strength limit [10].
A prominent method capable of producing nanostructured materials and so also
SPD bulk pearlitic steels is HPT, where a disk-shaped sample is deformed up to
large amounts of shear strain [5,11-16]. The microstructural evolution during HPT
deformation is characterized by (i) the rearrangement of the colony structure into a
well aligned nanolamellar (NL) composite throughout the specimen, (ii) a reduction
of the ferrite and cementite lamellae spacing to approximately 25 nm and 2 nm (ǫeq
= 8) [12] and (iii) a disruption of initially unfavorably aligned cementite lamellae.
On the atomic scale, a modification of the chemical composition of the cementite
phase takes place. Such observations have been initially reported for pearlitic steels
after wire drawing [17] and later on also for HPT deformed materials [15,16], suggesting a partial or even full dissolution of the cementite. EELS measurements on
the same material as used in this study, support this view by revealing a change
in the electron energy-loss near-edge-fine structure of the carbon-rich areas after an
equivalent strain of 8 [12].
As widely known from composite materials, the aligned pearlitic structure is prone
to possess orientation dependent mechanical properties. Up to now, the lamellae
alignment has been described as an essential deformation characteristic during SPD
[8,18,19], however, only few publications deal with the impact of the lamellae alignment and orientation on the mechanical properties, as for instance scrutinized for the
fracture toughness [13]. The major challenge in probing the anisotropic mechanical
properties of NL pearlitic steels obtained by HPT is to perform technically reliable
experiments considering the small sample dimensions delivered by this technique.
To our best knowledge, other SPD-processes such as ECAP or ARB cannot provide
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comparable high strength materials due to technical processing limitations. Another
problem arises regarding the comparison with the ultrafine-lamellar (UFL) pearlitic
steel of initial interlamellar spacing having a random distribution of the pearlite
colonies. A careful selection and mechanical measurement of a distinctive lamellae
orientation is experimentally challenging. A micromechanical testing setup, initially
developed to investigate sample size effects [20], was found to satisfy both demands
and further allows an in-situ investigation of the deformation behavior within a scanning electron microscope (SEM).
In this study, in-situ micro compression experiments were conducted on a NL pearlitic
steel produced by HPT and compared with the undeformed state, which consists of
UFL pearlitic colonies. Micro pillars were focused ion beam (FIB) milled with different lamellae orientations with respect to the subsequent loading direction including
a normal, parallel and inclined one. The mechanical response, such as strength and
strain hardening capacity, as well as the qualitative deformation and failure characteristics were found to be strongly dependent on the lamellae orientation in the NL
as well as in the UFL state.

B.2 Experimental
A fully pearlitic rail steel R260 with 0.76 wt% C, 0.35 wt% Si, 1 wt% Mn, 0.017 wt%
P and 0.014 wt% S was used, consisting of ferrite and cementite lamellae with an
average lamellae spacing of 200 nm and a cementite thickness of 25 nm. HPT was
used to refine the microstructure and further details concerning the applied HPT
deformation procedure can be found in Ref. [21]. The disk-shaped sample had a
thickness, t, of 5.9 mm and a diameter of 26 mm, the number of rotations, n, was
two and the nominal applied hydrostatic pressure was 5 GPa. The material used
for the subsequent micro compression experiments was extracted at a radius r of 12
mm, which results in an equivalent v. Mises strain ǫeq of 15 according to Eq. (1)
2πrn
ǫ= √ .
t 3

(B.1)

The ferrite lamellae thickness at ǫeq = 14.8 is between 15 nm and 20 nm and the
cementite thickness is approximately 2 nm according to earlier TEM work [12,13].
As mentioned earlier, for the described experimental conditions, the chemical composition of the cementite becomes off-stochiometric during HPT. Nevertheless, for
simplicity the term cementite will be maintained for the severely deformed, offstochiometric carbon rich phase in the NL pearlitic steel.
Fig. 1 shows the fabrication sequence for the NL micro pillars. For that, a one
millimeter thick slice was cut from the HPT disk (Fig. 1a). 3 x 1.5 mm2 sized
rectangular platelets were cut from this slice in such a way, that the ferrite and cementite lamellae were aligned parallel, normal and inclined (50◦ ) to the later loading
direction (Fig. 1b). Subsequently, these platelets were locally thinned with a Hitachi
E-3500 cross section polisher to a wedge of 20 mm thickness [22,23], which facilitates
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quicker focused ion beam milling (Fig. 1c). Final fabrication of the micro pillars
was carried out with a Zeiss LEO 1540 XB dual beam focused ion beam workstation
enabling a precise control of the microstructural orientation of the cementite and
ferrite lamellae with respect to the pillar axis (Fig. 1d). Therefore, coarse milling
currents of 2 nA were used, followed by a final polishing of the pillar surface with 200
pA, in order to reduce the impact of ion damage [24] to the very surface area and to
ensure a smooth specimen surface. The taper-free micro pillars are 3 x 3 x 6 µm3 in
size, resulting in an aspect ratio of two, which should prevent plastic buckling [25].
Using the same fabrication process, micro pillars were also cut into single pearlitic
colonies of the undeformed UFL material, which were between 10 and 20 µm large,
for comparison. Since in this case no macroscopically aligned structure was present
(no HPT process was applied), it was required to use a platelet including multiple
pearlite colonies with arbitrary orientations and selecting appropriate lamella orientations with the FIB being aligned parallel, normal and inclined (22◦ and 45◦ ) to
the later loading direction.
Micro compression experiments were performed in-situ inside a SEM (Zeiss LEO982)
in compression mode. An ASMEC UNAT micro indenter with a diamond flat punch
indenter tip of 20 µm in diameter was used to load the micro pillars. Misalignment
between the micro pillar and the flat punch top surface was minimized by overtilting
the pillar top surface by 1.3◦ during FIB milling.
The micro pillars were loaded under displacement control to total displacements of
1500-3000 nm in either one or two loading steps with a constant initial strain rate
of 10−3 s−1 . Videos were recorded in terms of SEM-image sequences, which were
taken every few seconds and allow to link the mechanical data with the material’s
deformation behavior. Furthermore, post-mortem SEM investigations of each micro
pillar side surface were carried out to examine changes in the surface morphology.
Cross-sections of the tested micro pillars were obtained by FIB milling and subsequently studied with a SEM in order to gain further insights into the underlying
deformation mechanisms of the bulk material.
The non-specimen related elastic contributions of the measured displacement stemming from the wedge, SEM-stage, specimen holder, as well as from the pillar sink-in
Ref. [26] were accounted for by correcting the compliance with a method implemented by Wurster et al. [27]. Finally, engineering stress-strain curves were calculated from the corrected displacement data and the measured force values.
To elucidate the mechanical behavior of the UFL polycrystalline pearlitic steel, compression experiments were performed on comparably large samples with 3 x 3 x 6
µm3 . The samples were tested on a conventional testing rig from Zwick with an
initial strain rate of 2*10−4 s−1 .
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Figure B.1 Fabrication sequence from the HPT disk to the final micro pillars: (a) a 1 mm
thick slice is cut from the HPT disk at a radius of 12 mm (ǫeq ∼ 15). (b) The thin foil
is cut into platelets being aligned parallel, normal and inclined with respect to the ferrite
and cementite lamellae orientation. (c) These platelets get locally thinned with a cross
section polisher. (d) Final shaping of the pillars via FIB milling. (e) In the schematic the
final alignment of the pearlitic structure within the micro pillars is depicted (interlamellar
spacing is not to scale).
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B.3 Results
B.3.1 Microhardness measurements
The microhardness distribution within the HPT-processed steel sample increases
from the disk center with 270 HV1 by a factor of three to about 740 HV1 at a
radius of 12 mm, similarly to [13]. This hardness gradient along the disk radius
reflects the gradual decrease of the interlamellar spacing with increasing strain [5].
Under this experimental conditions a hardness plateau, as reported for many pure
metals, is not observed, because of an insufficiently high applied deformation strain.
Larger number of rotations would lead to a failure of the HPT-anvils or a slipping of
the sample within the tool, which would not increase the strain or microstructural
fragmentation any further. From the edge area, having a hardness of about 740
HV1, the platelets were extracted.

B.3.2 Micro pillar testing
The engineering stress-strain curves (first loading step) from the NL and UFL micro
pillars, as well as from an UFL macroscopic polycrystalline sample are presented
in Fig. 2. Due to experimental artefacts affecting the mechanical data at large
strains (i.e. contact between the sheared upper micro pillar half with the sample
base increasing the measured force) the main focus lies on the early strain range up
to 0.08. This range of interest is presented in Fig. 2 for all tested samples.

Figure B.2 Engineering stress-strain curves of the a) UFL and b) NL micro pillars with
the lamellae orientation parallel, normal, 22◦ -inclined, 45◦ -inclined (UFL) and 50◦ -inclined
(NL).

Stress-strain curves of the UFL micro pillars with the ferrite and cementite lamellae
being aligned parallel, normal, inclined under 45◦ and inclined under 22◦ to the
loading direction are shown in Fig. 2a up to a strain of 0.08. The accuracy in
the determination of the yield point in micro compression experiments is smaller
compared to conventional macro-sized experiments, since it is easily altered by misalignment effects of the loading slope. The yield stress values at a plastic strain
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of 0.2% are listed in Table 1. For the UFL pillars they are 544 MPa (normal),
followed by 604 MPa (45◦ -inclined), 654 MPa (22◦ -inclined) and 819 MPa (parallel). The yield stress of the macroscopic polycrystalline sample (549 MPa) is in the
same range. The highest yield-stress for the parallel orientation should be treated
cautiously since a contact problem between the micro pillar and the indenter at the
onset of loading (see low slope in insert of Fig. 2a) causes a lower slope in the subsequent elastic regime. However, when macro yielding commences, the impact of this
misalignment on the mechanical data diminishes. For comparison the flow stress at
1% and 5% plastic strain as well as the flow stress increase ∆σ from 0.2% to 5%
plastic strain and the total applied elongation, ǫ, are listed in Table 1. ∆σ is used
as a measure for the strain hardening capacity,considering that pronounced strain
localization is not observed before 5% plastic strain. Strain hardening ranges from
551 MPa (45◦ -inclined), over 635 MPa (22◦ -inclined) and 661 MPa (parallel) to 710
MPa (normal). In the plateau region, the different orientations require different flow
stress levels. The parallel micro pillar deforms at the highest flow stress, showing
slight hardening, followed by the 22◦ -inclined, the normal and the 45◦ -inclined one,
showing slight softening. In short, for the UFL pearlitic steel the lamellae orientation has a substantial influence on the stress-strain response in terms of the strain
hardening behavior and the flow stress in the plateau regime.
Table B.1 The flow stress values σ0.2 , σ1 and σ5 at a plastic strain of 0.2%, 1% and 5% as
well as the total elongation values ǫ are listed for the UFL and NL samples. The difference
∆σ of the flow stress values σ0.2 and σ5 was calculated as a measure for the strain hardening
capacity.
UFL
normal
σ0.2 [M P a]
σ1 [M P a]
σ5 [M P a]
∆σ
ǫ [%]

544
859
1254
710
26.6

UFL
parallel
819
1290
1480
661
17.0

UFL
22◦ inclined
654
1035
1289
635
20.2

UFL
45◦ inclined
604
892
1155
551
31.3

UFL
macrosample
549
734
1123
574
21.0

NL
normal
1918
2890
3488
1570
27.6

NL
parallel
1943
2848
3633
1690
38.5

NL
50◦ inclined
1605
2375
2850
1245
32.7

An anisotropy of the strain hardening capacity and the plateau stress is observed for
the NL pearlitic steel in Fig. 2b as well. Contrary to the UFL case, the parallel and
normal lamellae orientation show a similar hardening capacity and also the onset of
yielding is about the same. For the inclined NL micro pillar the yield stress is about
300 MPa lower and also the strain hardening capacity ∆σ is 325 MPa - 445 MPa
smaller compared to the normal and parallel ones, respectively. The only difference
between the parallel and normal orientation becomes visible in the evolution of the
flow stress in the plateau regime, where slight softening is observed for the normal
orientation, but the parallel one shows slight hardening.
Comparing the UFL and NL pearlitic steel of the corresponding lamellae orientation
a doubling (inclined, parallel) or even triplication (normal) of the yield stress at 0.2%
plastic strain is observed in the NL pearlitic steel. Also the strain hardening capacity
in terms of ∆σ is increased for the NL pearlitic steel, which is for the NL parallel
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orientation even 2.5 times higher than for its UFL counterpart.

B.3.3 SEM characterization of the deformed microstructure after
testing
In Fig. 3, the surface morphologies of the UFL and NL micro pillars at different
plastic strains ǫpl are presented. Irrespective of the interlamellar spacing and lamellae orientation the strain is not homogeneously distributed along the micro pillar
height at total nominal strains larger than 0.15 but rather concentrated in more or
less narrow bands. For the UFL pearlitic steel this strain localization occurs as multiple small kink bands (parallel, see Fig. 3a) or shear bands (normal and inclined,
see Fig. 3b and c). A similar behavior is observed for the NL pearlitic steel. For
the parallel orientation (see Fig. 3d) plastic strain localizes in a single, but more
extended kink band and for the normal and inclined orientation in narrow shear
bands, Fig. 3e and f.

Figure B.3 SEM images of the UFL a-c) and NL d-f) micro pillars after the final deformation step with the lamellae being aligned a,d) parallel, b,e) normal, c) 45◦ -inclined and
f) 50◦ -inclined with respect to the loading axis. Note that the SEM images of the individual micro pillars were taken at different plastic strains (see inserts). Side surfaces further
investigated by FIB milled cross sections presented in Figs. 4 and 5 are marked with CS.
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The different nomenclature for kink and shear band becomes plausible by incorporating the SEM images taken from the pillar cross sections for the UFL (Fig. 4a-c)
and NL pearlitic steel (Fig. 5a-c) into the discussion. Although the surface morphologies for the UFL parallel and normal orientation appear to be similar, their
bulk appearance and thus the underlying deformation characteristics are different.
In the case of the parallel orientation, localized bands appear inclined to the pillar
axis (see left side surface in Fig. 3a) and exit as straight lines on the neighboring
side surface (see right side surface in Fig. 3a). From the cross section in Fig. 4a, it
can be inferred that the shear to the left requires local buckling events of the harder
cementite phase (marked by arrows), which takes place in the area of the localized
bands. Since the cementite lamellae buckle or kink in a cumulative manner (see
schematic in Fig. 4a) along the whole pillar width these bands are denoted kink
bands. Although SEM images of the surface (Fig. 3a-c) suggest similar localization
also for the normal and inclined orientations, the SEM images of the cross sections
reveal different deformation mechanisms of the cementite (Fig. 4b and c). The
magnified view in Fig. 4b shows the major shear band for the normal orientation,
where bending and massive elongation of the cementite lamellae in the shearing direction is visible, making it plausible to denote this structure as shear band. The
interlamellar spacing within the shear band of the UFL pillar has been significantly
reduced compared to the sample volume above and below the shear band. Due to
the larger imposed strain to the inclined orientation, the deformation characteristics
visible in the cross section in Fig. 4c demand carefull interpretation: i) lamellae in
region 1 are parallel to the initial lamellae orientation and are still preserved as in
the pillar base region 2, ii) lamellae in region 3 start to heavily bend at large strains
above 20%, supposedly supported by friction between pillar top and flat punch, iii)
in region 4 fragmentation of the cementite lamellae occurs within the major shear
band, iv) cementite lamellae remain consistent at the pillar top (region 1, 3), where
smaller shear bands realize a smaller amount of strain compared to the major one.
A description of the cross section SEM images of the NL pillars, see Fig. 5, are complicated due to their small interlamellar spacing and the limited resolution provided
by the SEM. Despite these difficulties, a description of the deformation characteristics from the SEM images is attempted, as they provide a valuable input in understanding deformation instabilities for NL pearlitic structures. The deformation
of the parallel oriented micro pillar is characterized by a kinking of the nanoscaled
lamellae in Fig. 5a similar to its UFL counterpart, although here multiple small kink
bands are displaced by a single large one, see also schematic in Fig. 5a. This large
kink band also controls the shape of the micro pillar presented in the corresponding
surface SEM image (Fig. 3d). Whereas the lamellae at the pillar top are almost
parallel, they are perpendicularly aligned in the middle part, before they continue
their parallel progression towards the pillar base. The strain imposed to the normal
oriented pillar is sustained by shearing the upper against the lower pillar half in a
very localized shear band (see Fig. 5b). The magnified cross section SEM image
of the shear band reveals a bending of the ferrite lamellae in the shearing direction
within a thickness of roughly 100 nm, whereas the upper and lower pillar half seem
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Figure B.4 Cross-sectional investigations were performed parallel to the side surfaces of
the a) parallel, b) normal and c) 50◦ -inclined oriented UFL micro pillars (same as in Fig.
3a-c). Subsequent SEM investigations on these cross sections reveal different deformation
characteristics for the individual lamellae orientations. A schematic picture is depicted for
two of the different deformation processes.

Figure B.5 Cross-sectional investigations were performed parallel to the side surfaces of
the a) parallel, b) normal and c) 45◦ -inclined oriented NL micro pillars (same as in Fig.
3d-f). Subsequent SEM investigations on these cross sections reveal different deformation
characteristics for the individual lamellae orientations. A schematic picture is depicted for
the three different deformation processes: a) kink formation, b) shear banding, c) dislocation
segment moving parallel to the lamellae (confined layer slip).
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to be unaffected by this localization process. It cannot be determined whether the
cementite is bent or broken. Within the shear bands of the inclined pillar orientation
in Fig. 5c the lamellae do not show signs of bending, nor kinking, but rather retain
their orientation. It is important to point out that localized deformation processes
for the UFL and NL micro pillars, obvious in the presented SEM images, did not
occur before 5% total strain, which could be inferred from the video sequences.

B.4 Discussion
The mechanical response presented in the stress-strain curves varies according to the
interlamellar spacing (UFL and NL) and the lamellae orientation with respect to the
loading direction (parallel, normal, inclined). The main differences can be found in
i) the increased yield stress of the NL compared to the UFL micro pillars, ii) the
large differences in the hardening capacity of the different lamellae orientations, as
well as their iii) different flow stress levels for the onset of localized deformation, iv)
the flow stress evolution in the plateau regime, and v) the orientation dependent
deformation mechanism during localization. These peculiarities will be in the center
of the following discussion:

B.4.1 Onset of yielding
Surprisingly, within one microstructural state the yield stress, σ0.2 , is not significantly affected by the lamellae orientation and ranges between 550 and 650 MPa
for the UFL state and 1600 - 1900 MPa for the NL state. However, there are large
differences between the UFL and NL microstructures, where an increase of 1374
MPa (normal), 1124 MPa (as a lower bound for parallel) and 1001 MPa (50◦ -/45◦ inclined) occurs depending on the corresponding lamellae orientations. In literature,
the origin of the pronounced strength increase of nanolaminates caused by severe
plastic deformation is controversially discussed [10,28,29]. The main mechanisms
considered for SPD pearlitic steels are dislocation confinement following a HallPetch relation or Orowan bowing of single dislocations, solid solution hardening and
Taylor hardening. These mechanisms are discussed regarding the main structural
changes during high pressure torsion or wire drawing, which are the decrease of the
ferrite and cementite lamellae spacing [12], a potential increase of the dislocation
density similar to pearlitic wires [29] and the dissolution of the cementite [12]. The
dominating mechanisms controlling the increase in strength will be discussed in more
detail in the following. The explanations usually used for the strengthening effect of
a refined grain size or lamellar structure are the Halle-Petch and Orowan concepts.
A simple estimation of their applicability can be done by setting the ferrite lamellae
l
nl
spacing (exemplarily for normal orientation) in the UFL, d uf
f , and NL state, d f
with the corresponding yield stresses σyuf l and σynl into relation. Both values for σ0.2
nl,uf l
− σf riction ) need to be reduced by the friction stress σf riction , which
(σynl,uf l = σ0.2
is around 120 MPa for pure iron [30]. The ratio NL to UFL yields to:

71

B Publications

σynl
σyuf l

∼

1798
∼ 4.2
424

(B.2)

l
In the UFL state, d uf
is approximately 200 nm and in the NL state, d nl
f is in the
f
range between 15 and 20 nm. For classical dislocation pile-up behavior (Hall-Petch)
one can write:
q
√
√
l
nl
duf
σy
200
200
f
∼ q
÷ √
∼ 3.7 ÷ 3.2
(B.3)
∼ √
uf l
15
20
σy
dnl
f

For confined layer slip (Orowan):
σynl
σyuf l

∼

l
duf
f

dnl
f

∼

200 200
÷
∼ 13.3 ÷ 10.0
15
20

(B.4)

From the simple estimation it seems that the Hall-Petch concept approaches better to
the observed behavior. However, we believe that the classical Hall-Petch explanation
cannot be used to explain the yield strength of the NL structure, because the lamellar
spacing is too small to allow for a pile-up formation. This is supported by results
from the multilayer community [31], where it is well known that at a critical lamellae
spacing, a transition from the classical pile-up formation following Hall-Petch law
to confined layer slip following the Orowan mechanism occurs.
A similar estimate can be done in order to assess the impact of the dislocation
15 m2 for the NL and ρuf l of
density. Taking a dislocation density ρnl
f of 8.8*10
f
7.5*1013 m2 as a higher bound for the UFL state from Zhang et al. [29] we obtain:
q
√
ρnl
σynl
f
8.8 ∗ 1015
q
√
∼ 10
(B.5)
∼
∼
l
7.5 ∗ 1013
σyuf l
ρuf
f
√
The pre-factor, α, and the shear modulus, G, in the Taylor relation ∆σ = αGb ρ
might be different for the undeformed and the HPT deformed state, but the required
large difference would be difficult to explain on a solid physical basis. Similar to the
Orowan estimate, the Taylor hardening approach clearly overestimates the observed
yield strength increase from the UFL to the NL state and justifies that it cannot be
the solely strength controlling factor.
A further hardening mechanism could be related to the dissolution of the cementite,
reflected by a small increase of the carbon concentration within the ferritic phase
[10,16], which was inferred from EELS measurements in the present pearlitic steel
[12]. Recently, Li et al. [10] showed that the main effect of the carbon segregation on
strength is the stabilization of the ferritic subgrain structure. Hence, the nanosized
subgrain structure is stabilized up to large strains and thereby confine dislocation
glide paths, which further results in a tensile strength of up to 7 GPa. However,
these findings become only relevant at smaller structural sizes as in the current case
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and should not play the dominant role in this work, where the lamellar structure
with a larger interlamellar spacing between 15 and 20 nm is still present.
The foregoing estimates and comparison of the results indicate that a single strength
and hardening controlling mechanism cannot fully explain the difference between the
NL and UFL pearlitic steel. Nevertheless, it is evident that in the NL state the ferrite lamellae spacing is the main microstructural feature governing the yield strength.

B.4.2 Strain hardening
NL and UFL pearlitic steels exhibit a strong hardening [32] up to a certain plastic
strain between 1.7% and 3.4%, depending on the lamellar orientation and lamellae
spacing. However, there are significant differences in the orientation dependence and
the amount of hardening in the NL and UFL structure.
UFL pearlitic steel
The stress-strain curves in Fig. 2a and idealized in Fig. 6a consist of three different
regimes. Therefore, we assume the occurrence of three deformation modes (see Fig.
6a, numbered dots) similarly as reported by Thilly et al. for Cu-Nb wires [33]: 1)
Elastic behavior below the ferrite yield point (F, see Fig. 6a); 2) Plastic and elastic
behavior of the ferrite and cementite, respectively, above the ferrite yield point (F);
3) Plastic behavior of both phases beyond the cementite yield point (C, see Fig. 6a).
The major amount of hardening is realized for all lamellae orientations in deformation mode 2.
Loading parallel to the lamellae exhibits a significant stronger hardening rate compared to the normal and inclined orientation. In both cases the hardening is nearly
linear between the yield points of the ferrite (F) and cementite (C). This indicates
that a very simple composite model with plastic ferrite lamellae and linear elastic
cementite lamellae can be used to explain the hardening and orientation dependence.
Thus, for the parallel loading, the flow stress σf (ǫ) can be calculated according to
σf (ǫ) = σff (ǫ) ∗ f f + E c ∗ ǫ ∗ f c

(B.6)

where σff (ǫ) is the strain dependent flow stress of the ferrite, f f the ferrite fraction,
E c the Youngs modulus of the cementite, ǫ the applied strain and f c the fraction
of the cementite. The limit of this strong hardening is determined by the plastic
deformation or the plastic buckling of the cementite lamellae, as shown in Fig. 4a,
when the applied strain equals the yield strain of the cementite (ǫ = ǫcy ), which is ǫcy
∼ 1.5 % at σyc ∼ 3 GPa [34]. In other words, the high yield stress of the cementite σyc
stabilizes dislocation multiplication within the ferritic phase as schematically shown
in Fig. 7a, which requires the co-deformation of both phases. Once a kink band
forms at the end of deformation mode 2, pronounced strain hardening terminates.
For the loading perpendicular to the lamellae, the plastic deformation of the ferrite in
deformation mode 2 (see Fig. 7b) is constrained by the lateral flow which is confined
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by the elastic lateral deformation of the cementite. Assuming the Youngs’ moduli of
the ferrite and cementite are about the same E f ∼ E c , furthermore, the yield stress
of the ferrite σyf is very small compared to the cementite σyc and the volume fraction
of the cementite f c is small compared to the ferrite f f , a very simple relation can
be used to estimate the early hardening until yielding of the cementite starts at the
onset of the stress plateau:
1
σf (ǫ) = σff (ǫ) ∗ f f + E c ∗ ǫ ∗ f c
2

(B.7)

The second term describes the increase of flow stress due to the constrain in lateral
flow of the ferrite (the hydrostatic stress component). The plastic strain in lateral
direction, ǫlateral , is half of the one in the loading direction, ǫ, since in the fully
plastic range the lateral contraction of the ferrite can be set to 0.5 (ǫlateral /ǫ = 0.5).
The limit of this strong hardening is reached when the cementite starts to deform
plastically at ǫ = 2ǫcy .

Figure B.6 Schematic of stress-strain curves of the parallel and normal oriented a) UFL
and b) NL micro pillars, where squares mark the formation of the dominant shear band
(SB) or kink band (KB). The dotted lines mark the plastic strain where plateau formation
for the parallel and normal orientation is observed.

NL pearlitic steel
Similar to the UFL state the major amount of strain hardening is realized in the
regime, where the ferrite lamellae deform plastically and the cementite stays elastic (see Fig. 2b and idealized Fig. 6b). However, the early hardening in the NL
pearlitic steel is significantly larger than in the UFL microstructure. This indicates
that the reduced lamellae thickness does not allow for a simple dislocation pile-up
model anymore, but favors plasticity carried by single dislocations, moving from one
boundary to another [35,36]. This is also supported by reconsidering Section 4.1
which showed that the strength in the NL state does not fully correspond to the
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dislocation pile-up approach. To realize a plastic strain of 2.8% (see Fig. 6b) in the
15 nm or 20 nm thick ferrite lamellae, one or two dislocations need to be pushed
through the lamellae until the leading segment is stored in the opposite interface as
schematically shown in Fig 7c. Multiple activation of dislocations along the ferrite
lamellae could account for the in the experiment observed homogenous deformation
up to a flow stress of more than 3 GPa tremendous hardening.

Figure B.7 Schematic of the assumed dominant plastic deformation processes within the
ferrite in the major strain hardening regime, which is pile-up formation for the UFL a)parallel
and b) normal orientation and c) dislocation generation from interfaces and consequent
bulging through the lamellae for all NL pillars. d) Dislocation segments can move by bowing
out parallel to the interface (confined layer slip) at larger stresses in the NL pillars.

For the discussion of this hardening one has to take into account that the NL pearlitic
steel is a heavily deformed ferrite and cementite where the cementite is chemically
and, therefore, mechanically not identical with the cementite of the UFL microstructure. This could explain the similar hardening rates and also the same strain values
at the limit of strain hardening for the parallel and normal orientation in the NL
structure, which is not observed for the UFL structure. A lower strain hardening
capacity was found for the inclined lamellae orientation, where plastic deformation
or fracture of the cementite is not required for localization processes. Shear bands
form parallel to the cementite lamellae and thereby terminate pronounced strain
hardening in the end of deformation mode 2. It is rather the case, that dislocation segments being stored within the ferritic channel at low strains, bow out and
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thereby, move within the ferrite lamellae when the Orowan stress σor is exceeded,
according to
σor ∼ 3τor =

Gb
λ
ln(
)
π(1 − ν)d
2πb

(B.8)

with the ferrite shear modulus G (80 GPa [37]), burgers vector b (0.248 nm), Poisson’s ratio ν in the elastic case (0.29), lamellae thickness d and dislocation spacing
λ = ρ−1 with the dislocation density within the ferrite ρ (8.8*1015 m2 [29]). This
rough approximation yields 3477 MPa and 2608 MPa for a 15 nm and 20 nm ferrite
lamellae thickness, respectively, which is perfectly in the range of the hardening limit
at 2650 MPa for the inclined loading condition. Thus, it seems that for the inclined
loading situation not the yield or fracture stress of the cementite, but the bowing of
dislocation segments in the confined situation of the narrow ferrite lamellae is the
critical step for the formation of shear bands and subsequently shuts off the strain
hardening. Such dislocation mechanisms, better known as confined layer slip (CLS),
are frequently reported to operate in multilayers below a layer thickness of 50 nm
[31]. It is very likely, that CLS also operates within the ferritic phase of the parallel
and normal orientations at larger strains as schematically shown in Fig. 7d, but
there it will certainly not trigger the onset of localized deformation.
One may assume that the crystal orientation in the UFL and the texture in the NL
pillars should affect the flow stress and the hardening behavior. However, the yield
stress and the hardening rate in the NL normal and parallel case are very similar.
Also for the UFL the onset of yielding is in a similar range, as well as the hardening
rate for the normal and inclined lamellae orientation. Therefore, we assume that the
impact of the crystal orientation is minor compared to the lamellar architecture.

B.4.3 The stress-strain behavior at larger strains
For both pearlitic structures a stress plateau forms, when the cementite starts to
plastically deform or confined layer slip in the ferrite sets in. Within this region local
stress drops ∆σdrop appear for the NL normal, UFL normal and 22◦ -inclined micro
pillars, when the shear bands have fully transversed the pillar width. These stress
drops are quantified in Table 2. Localized deformation terminates the pronounced
hardening and only weak hardening or even softening occurs, mainly depending on
the specific deformation mechanisms during strain localization of the lamellae orientation. Whereas localized deformation via kink bands sustains moderate hardening,
localization in shear bands causes strain softening. Consequently, the strength at
5% plastic strain is for the parallel lamellae orientation somewhat larger as for the
normal loaded lamellae irrespective of the lamellae thickness. Although the inclined
oriented pillars deform both via shear bands, strain softening occurs for the UFL
and strain hardening for the NL state. This could be the consequence of a very
pronounced localization in one single shear band in the UFL state (geometrical softening), whereas in the NL state it is more homogeneously distributed in multiple
shear bands.

76

B.4 Discussion
Table B.2 Initial stress drops occurring in the UFL normal, UFL 22◦ -inclined and NL
normal micro pillars, when a local shear band fully transverses the pillar width.

UFL normal
∆σdrop [M P a]
ǫdrop [%]

173
7.4

UFL
inclined
281
9.1

22◦ -

NL normal
1124
19.0

B.4.4 The deformation behavior at larger strains
For the parallel oriented micro pillars pronounced kink band formation is observed
in the UFL (Figs. 3a and 4a) and NL state (Figs. 3d and 5a), which seems to be
the inherent deformation mechanism whenever the cementite lamellae are axially
loaded under compression. Similar observation were made by Porter et al. [8] and
Toribio et al. [18] in pearlitic wires, where cementite lamellae laterally loaded under
compression deformed via kinking and buckling. At total strains above about 5%
the collective kinking of lamellae leads to a localization of plastic deformation in
terms of one pronounced kink band extended in a broader range of the pillar height
(NL state, Fig. 5a) or in many little kink bands distributed along the pillar height
(UFL state, Fig. 4a).
For the NL and UFL normally oriented micro pillars the deformation characteristics
visible in SEM images of the side surface are almost identical (Fig. 3b and e). Both
localize via shear band formation at total strains larger than 5%. Unlike earlier work
from Porter et al. [8] a breaking of the harder cementite phase probably caused by
interphase crossing of dislocations within the shear bands of the UFL pearlitic steel
is not observed. The cross section images from the UFL pillar (Fig. 4b) confirm a
bending and elongation of the cementite in the shear direction, which coincides with
earlier observations of a ductile behavior of cementite [7]. Consistent layers within
shear bands have also been reported for different types of nanoscaled multilayers,
such as CuNb [38,39] or Cu-PdSi [40] and lead combined with the present SEMinvestigations to the assumption, that also for the NL pearlitic steel the cementite
stays intact. Although interface crossing by dislocations [28] cannot be excluded, the
realignment of the ferrite lamellae in the shear direction visible in the cross section
(Fig. 5b) accounts for a ductile deformation and consistency of the cementite [35].
It could be demonstrated that not the interlamellar spacing but rather the lamellae
orientation is determining the present deformation, localization and failure mechanism, which is in good agreement with earlier works from Porter et al. about tensile
tests on coarse and fine lamellar pearlitic steels [8]. A similar strong lamella orientation influence has been also found for the fracture behavior [13,14]. The initial step
for localization in the parallel and normal oriented pillars is the deformation of the
harder cementite phase. This is not the case for the inclined lamellae orientation,
since shear bands can easily propagate via confined layer slip of dislocations parallel
to the harder cementite phase [8,41]. This is further confirmed by the absence of
kinking or bending of the cementite suggesting Orowan bowing of dislocation loops
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within the ferritic lamellae.

B.4.5 Remarks to the macro behavior of a pearlitic steel
The UFL micro pillars are fabricated within one colony and therefore represent a
composite array of single crystals. A polycrystalline pearlitic steel contains abundant colonies with various lamellae orientations. Hence, one could assume that the
mechanical response of the macroscopic sample lies between the extreme cases of
the parallel micro pillar with the highest strength and the 45◦ -inclined one with
the lowest strength. From the stress-strain curve in Fig. 2a it becomes clear, that
the macroscopic response approaches more to the 45◦ -inclined micro pillar at low
strains and to the 22◦ -inclined one at larger strains. We conclude, that the macroscopic stress-strain behavior is dominated by the softer colonies with similar inclined
orientations as present in the single colony specimens.
In addition to an intrinsic size effect due to the reduced lamellae spacing, also an
extrinsic sample size effect has recently been reported for Cu/Zr multilayers [42]
similar as observed earlier for copper single crystals [43]. However, the yield stress
at 0.2% plastic strain of the macroscopically sized UFL compression samples (3 x
3 x 6 mm3 ) with 549 MPa is well within the range of the UFL micro pillars (3 x
3 x 6 µm3 ). Hence, for a UFL pearlitic steel down to a sample size of 3 µm an
extrinsic sample size effect is not apparent. Since the number of layers per sample
volume is even higher in the NL pillars, it is evident that the presented data of the
micron-sized pillars represent a bulk-like behavior.

B.5 Conclusion
We have presented micro compression experiments of a nanolamellar, NL, and
ultrafine-lamellar, UFL, pearlitic steel, where special focus was put onto the influence of the ferrite and cementite lamellae orientation on the mechanical response.
Micro pillars were FIB milled with the lamellae being aligned parallel, normal and
inclined to the loading direction. The results indicate that both, the interlamellar spacing and the lamellae orientation, have a strong influence on the mechanical
response and deformation characteristics. In particular it could be shown that:
i) The yield stress measured at 0.2% plastic strain is largely affected by the interlamellar spacing. Hence, HPT deformation (ǫeq ∼ 15) causes a yield strength
increase up to three times as a consequence of the stronger confinement of
the dislocation within the ferrite lamellae. Surprisingly, the effect of lamellar
orientation on σ0.2 is not very pronounced.
ii) Both, the NL and UFL pearlitic steel show a strong initial hardening followed
by a stress plateau regime.
iii) The interlamellar spacing and the orientation with respect to the loading direction has a significant effect on the hardening capacity.
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iv) The strong orientation effect on the initial hardening in the UFL microstructure can be explained by a composite model, where plastic deformation is
governed by the ferrite, while the cementite deforms elastically.
v) The hardening in the NL structure is even stronger, however, the onset of
the plateau regime is sensitive to the lamellar orientation. The exceptional
strain hardening capacity seems to be a consequence of the movement of single
dislocation loops in such fine scaled structures instead of pile-up formation.
vi) The deformation and failure mechanisms at large strains are controlled also by
the orientation of the lamellae with respect to the loading direction. Whereas
deformation of the cementite in the UFL and NL state is not incorporated
in the shear band formation of the inclined orientation, ductile bending in
the shear direction is required for the normal and kinking for the parallel
orientation (UFL).
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Abstract
Structural materials used for safety critical applications require high strength and simultaneously high resistance against crack growth, referred to as damage tolerance.
However, the two properties typically exclude each other and research efforts towards
ever stronger materials are hampered by drastic loss of fracture resistance. Therefore, future development of novel ultra-strong bulk materials requires a fundamental
understanding of the toughness determining mechanisms. As model material we use
today✬s strongest metallic bulk material, namely, a nanostructured pearlitic steel
wire, and measured the fracture toughness on micron-sized specimens in different
crack growth directions and found an unexpected strong anisotropy in the fracture
resistance. Along the wire axis the material reveals ultrahigh strength combined
with so far unprecedented damage tolerance. We attribute this excellent property
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combination to the anisotropy in the fracture toughness inducing a high propensity
for microcrack formation parallel to the wire axis. This effect causes a local crack tip
stress relaxation and enables the high fracture toughness without being detrimental
to the material✬s strength.

C.1 Introduction
The quest for ever stronger engineering materials has a natural upper limit, the
so-called theoretical strength, which is around 10 - 20% of the Young✬s modulus
[13]. Nevertheless, today✬s ultimate tensile strength of most engineering materials
including iron, nickel, aluminium or titanium-alloys seem to have a much lower,
seemingly unsurpassable strength limit around 10% of their theoretical limit [4,5],
or 12% of the Young✬s modulus. The maximum attainable strength and hence the
ultimate failure of a material is determined by its resistance against cracks. The
damage tolerance of a material, i.e. its capability to sustaining defects without fatal damage, is characterized by its fracture toughness and describes under which
loading conditions defects or cracks propagate. To bridge the gap between today✬s
materials real strength limits and the theoretical strength, better understanding of
the fracture toughness is therefore of crucial importance.
However, reviewing material databases a basic conflict between strength and fracture toughness can be observed [6,7]. For metallic materials increasing the strength
typically leads to the deterioration of the fracture toughness because the materials
become more sensitive to defects, which are generally present in metallic engineering materials. This leads to a dilemma where on the one hand, a huge gap remains
between the current high strength levels of metallic materials and their actual ultimate strength potential determined by their respective theoretical limits. On the
other hand, efforts in increasing the strength by various strengthening mechanisms
isassociated with a loss in fracture toughness. Consequently, in the material design
a compromise between strength and fracture toughness must be widely entered. Today✬s strongest metallic bulk material, characterized by its 7 GPa tensile strength, is
found in a plain steel first described about 130 years ago [8]. It is a so called pearlitic
steel in which two phases, iron and cementite (Fe3 C), form a lamellar arrangement.
Decreasing the inter-lamellae spacing by deformation turns the alloy into a nanolaminate, leading to a drastic increase in strength [9-11]. In the material studied
here, which has recently been microstructurally investigated by Li et al. [12], the
lamellae spacing is reduced to only a few nanometers and the alloy reaches up to
30% of its theoretical strength. From a microstructural viewpoint the origin of this
extraordinarily high strength level can be related to the confinement of dislocation
motion [12,13], which is a fundamental strengthening mechanism in nanocrystalline
materials [14,15]. However, its high damage tolerance is most surprising, since at
these high strength levels one would rather expect very low fracture toughness [4,5,7].
In contrast, without sufficient damage tolerance failure during the synthesis of the
material would become very likely. Equally severely, reaching strength levels up to

84

C.2 Material and Experimental Approach
30% of the theoretical strength could be impeded by crack growth and failure below
the microstructural strength limit in the elastic regime.
The main question of this study is how sufficient damage tolerance in terms of fracture toughness can be realized at strength levels far beyond those typical of current
engineering materials. To address this question the nanostructured pearlitic steel
introduced above was examined by advanced fracture mechanical testing. A clarification could pave the way for the future design of new ultra-strong and damage
tolerant engineering materials.

C.2 Material and Experimental Approach
Classical pearlitic steels form laminate structures consisting of alternating ferrite
and cementite layers. The layers differ in their chemical composition and crystal
structure. The ferrite is body-centered cubic iron, whereas the cementite layers
consist of Fe3 C carbides with orthogonal structure in the undeformed state. The
wire investigated here was produced by severe cold drawing. The chemical composition is outlined in the Methods section. For comparison two different wires,
cold-drawn to true strains of 3.1 and 6.52 with ultimate strengths of nearly 4 and
7 GPa, respectively, were studied. Wire diameters were 120 µm (ǫlog = 3.1) and
24 µm (ǫlog = 6.52), respectively, and we refer to these as the “low“ and “high“
deformed state in the following. Even though the wire diameters are quite small
the samples can be well regarded as a bulk material in comparison with other material types such as powders or coatings owing to its comparably tiny characteristic
internal length scales which amount to only a few nm. According to atom probe
tomography investigations [12,16] the two wires exhibit differences in the microstructure. In the lower deformed state, with a strength of almost 4 GPa, a nanolamellar
structure was found, similar to the one observed in classical pearlitic steels. In the
higher deformed states the carbide phase gradually dissolves. The lamellar structure
transforms into a nanoscaled carbon-enriched columnar subgrain structure [12,17].
TEM-investigations of the wires reveal in both deformation states a strong alignment of the microstructural constituents parallel to the drawing direction, which is
exemplarily shown for the 7 GPa wire in Fig. 1a. In the viewing direction parallel
to the drawing axis a curled structure can be found, see Fig. 1b. In-depth analyses
of the present microstructures can be found elsewhere [12,16].
To examine the damage tolerance of these wires, orientation sensitive fracture experiments in two different principal testing directions with the crack growth directions parallel and perpendicular to the drawing axis of the wires were defined. For
the parallel orientation micrometer-sized cantilevers were fabricated with a focused
ion beam (FIB) cutting technique, see Fig. 2a. To produce the micrometer-sized
cantilevers large parts of the wire around the actual specimen had to be removed.
Therefore, it can be assumed that also first order residual stresses, if any were present
in the wire, are eliminated. For the perpendicular orientation single-edge notched
tension (SENT) specimens, utilizing in this way the full wire dimensions, Fig. 2b,
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Figure C.1 Microstructure of the high deformed state of the wire. (a) In the viewing
direction perpendicular to the drawing direction the pronounced alignment of the phases and
interfaces parallel to the drawing direction is revealed by bright-field TEM. (b) View parallel
to the drawing direction using STEM exhibiting the characteristic curled microstructure.

were used. In both types of specimens the FIB was also utilized to introduce a
pre-crack like notch. Since the SENT-specimens did not exhibit bending after the
introduction of the pre-crack the extent of residual stresses seem to be rather low.

Figure C.2 The two different specimen types. (a) Micrometer-sized cantilever used for
the parallel orientation with indicated sample dimensions, designating the width, W, the
thickness, B, of the beam, crack length, a, and the bending length, L. (b) Single-edgenotched specimen used for the perpendicular orientation with crack length, a, and diameter
D. In both specimen types a fine pre-crack was introduced by focused ion beam milling. The
geometry examples originate from measurements on the high deformed state (ǫlog = 6.52),
where (a) stems from the sample after and (b) before the experiment was performed.

Due to the small wire dimensions, the experiments with the micrometer-sized cantilevers, probing the fracture resistance parallel to the wire axis, had to be performed
inside a scanning electron microscope (SEM). The SEM enables accurate positioning of the specimens with respect to the loading direction and monitoring of crack
growth during the experiment. The SENT-specimens could be tested conventionally
outside the SEM with a small scale tensile testing machine. For each direction and
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material state two experiments were performed. From a statistics viewpoint this
number is rather small, however, sufficient to confirm the general trends presented
in this report. Details on the testing procedures and the consecutive data analysis
are outlined in the Methods section. The dimensions of the samples can be found
in Supplementary Tables S1 and S2. As will be shown, the fracture properties can
be generally described by means of linear elastic fracture mechanics (LEFM), which
implies that the presented results are also applicable to larger dimensions of the
material that may be synthesized in the future.

C.3 Results and Discussion
C.3.1 Parallel testing orientation
Figure 3 shows typical load-displacement curves obtained for the crack growth direction parallel to the drawing axis for both strength levels. At the beginning both types
of specimens show pure linear elastic loading, accompanied by a small load-drop,
which can be associated with the onset of subcritical crack growth (see videos provided in the Supplementary Material). After reaching the maximum load the force
decreases with stable crack growth within the specimens. In the lower deformed
state the decrease in load ceases by reaching a maximum pre-defined displacement
followed by an unloading sequence, Fig. 3a, whereas the higher deformed state fails
catastrophically with a load-drop to zero, Fig. 3b.
Table C.1 Overview of the collected fracture toughness results for both testing directions.
Between both specimen orientations the fracture toughness varies between a factor of 5-8. It
should be noted that for the high-deformed material with perpendicular specimen orientation
the crack strongly deviates from its designated Mode-I crack propagation direction and,
hence, cannot be regarded as a pure Mode-I fracture toughness. The calculated values can
only be seen as lower bound values for the Mode-I fracture toughness and are therefore put
into parentheses.

Specimen
low deformed-1
low deformed-2
high deformed-1
high deformed-2

KIC,parallel (MPam1/2 )
5.1
4.9
3.7
3.8

KIC,perpendicular (MPam1/2 )
40.1
42.5
(19.7)
(21.1)

To evaluate the fracture toughness for the parallel orientation, the critical fracture
toughness, KIC , derived from the maximum load is calculated and summarized in
Table 1. The results of a second set of experiments in Table 1 prove the consistency
of the results. For this testing direction the fracture toughness is in the range of
5 MPam1/2 for the low deformed state and decreases to approximately 4 MPam1/2
for the higher deformed material. Calculation of the initiation toughness at the first
visible load drop would lead to even somewhat smaller values. On account of the low
values of fracture toughness and the high strength levels of the wires the plastic zone
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Figure C.3 Mechanical test records and typical fractographs presenting significant fracture
features in the parallel orientation. (a) Load-displacement curve for the low deformed state
(ǫlog = 3.1). (b) Load-displacement curve for the high deformed state (ǫlog = 6.52). Threedimensional reconstruction of the fracture surface for the low (c) and high deformed (d)
state. (e) Direct comparison of both fracture halves by looking into the broken specimen
for the low deformed state. (f) Contrasting juxtaposition of both fracture surfaces for the
high deformed state. One fracture surface was mirrored horizontally in order to show the
complete accordance of both fracture halves. The width of the fracture surfaces, which is
equivalent to the full thickness of the specimens is in (c,e) ∼6.2 µm and ∼1.5 µm in (d,f).
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size is very small compared to the other dimensions of the cantilevers (see for that
also Supplementary) proving that LEFM theory as used here is applicable. Putting
the present values in perspective with other materials classes reveals that they are
comparable to materials with low fracture toughness such as refractory metals, like
pure tungsten [18], many engineering ceramics [5] or conventional glasses [5], which
are known as being very sensitive to flaws which renders them unsuited for structural
applications. More details to the surprisingly low fracture resistance can be given
by fractographic investigations.
Three dimensional reconstructions of the fracture surfaces reveal in both cases, Fig.
3c,d, a distinctive zig-zag fracture surface compared to the flat notch surface. At
first sight, this feature could originate from intense local plasticity such as typically
observed in ductile materials. However, comparing both corresponding fractured
sample portions, Fig. 3e,f, shows that these features mutually match, which excludes
strong plastic deformation during crack growth. The fracture morphology therefore
represents a rather brittle material behavior which corresponds to the unusually
low measured fracture toughness values. The zig-zag structure can be correlated
to a curling structure, typically evolving for bcc-iron deformed by wire drawing
[19,20]. For the low deformed state, Fig, 3c, the local smooth surface features
combined with the zig-zag structure suggest that the crack follows the lamellar
alignment present in the drawn wire. For the higher deformed structure, Fig. 3d,
the lamellar structure is principally dissolved according to ATP-measurements [12].
Nevertheless, the fractographs are fairly akin to the low deformed state keeping in
mind that the wire diameter between the low and high deformed state is reduced
by a factor of 5, which means that the periodicity of the zig-zag structure will
decrease in a similar fashion. Even though this testing direction exhibits a very low
fracture toughness, ideal brittle fracture would correspond to an even lower fracture
resistance. Considering the free surface energy, γ0 , with ∼2.4 Jm−2 referring to
experimental data [21], and the Young✬s modulus of 210 GPa for iron, the Griffith
toughness [22] that characterizes the ideal brittle fracture case can be calculated by
K = (2γ0 E)1/2 yielding a value of about 1 MPam1/2 . Compared to this estimate,
the fracture toughness in the present materials is about a factor of 4-5 larger. This
discrepancy implies, that at the nanoscale a distinct amount of plasticity during
crack growth has occurred even though the fractographs exhibit fairly smooth and
well matching features on both sides, Fig. 3e,f. In undeformed pearlitic steels a
random orientation of the locally aligned structure (pearlitic colonies) is typically
found leading to a tortuous crack path also called cleavage fracture, which has
been comprehensively investigated in the last decades [23-25]. This yields for low
and moderately deformed materials fracture toughness values higher than those
measured here, however, at the expense of distinctively lower achievable strengths
[26,27].
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C.3.2 Perpendicular testing orientation
Typical features of the perpendicular testing direction, which is equivalent to the
principal loading direction of wires, are compared in Figs 4 and 5. For the low
deformed state, before failure a certain non-linearity occurs in the test record, Fig.
4a, which is in contrast to the high deformed state, Fig. 5a, where the response
is purely linear elastic. Calculating the fracture toughness from the test records, a
value of ∼40 MPam1/2 is measured for the low deformed state and approximately 20
MPam1/2 for the high deformed state. A second set of measurements with comparable results is given in Table 1. To verify and confirm these exceptionally high values
the crack tip opening displacement for crack initiation (CTODi ) was measured on
the fractured samples of the perpendicular testing orientation. With this SEMmethod that is based on three-dimensional reconstructions of the fracture surface,
the critical deformation of the crack tip before crack extension takes place can be
evaluated and related to the fracture toughness measured from the stress-based Kanalysis [28,29]. A detailed example of such a measurement and the re-calculation of
the corresponding critical fracture toughness in terms of KIC for both wire types are
presented in the Supplementary Material section. The measurements yield values
between 38.1 and 43.8 MPam1/2 for the low deformed state and results between 17.5
and 20.5 MPam1/2 for the high deformed state in the perpendicular testing direction
(see Supplementary Table S3). This is in good agreement with the results obtained
from the global measurements (Table 1). This result demonstrates the applicability of the linear elastic approach and the agreement with the stress-based analyses
suggests that residual stresses do not influence the fracture toughness strongly. In
summary, the results show an unusually high difference in the fracture toughness in
both materials between the parallel and perpendicular testing orientation, indicating
a very strong anisotropy in fracture behavior. To explore the mechanistic origins of
the large differences typical fracture surfaces are presented in Figs 4 and 5 for both
wire types.

C.3.3 Fractography
Inspecting the failed sample of the low deformed state, a certain amount of necking
can be recognized, Fig. 4b, and secondary cracks have developed, Fig. 4c. These
propagate along the wire drawing direction and are referred to as delaminations.
Between the large delaminations, smaller ones can be observed at higher magnifications, Fig. 4d. Between the delaminations ductile fracture with dimple rupture
is visible, Fig. 4e, which is an indication for good fracture toughness. In the high
deformed state, see Fig. 5b, the crack strongly deviates from the anticipated crack
path and propagates for a certain length along the drawing direction, i.e. along
the direction of the aforementioned low fracture toughness before a smoother final
fracture surface is formed. The fracture surface is still micro-ductile, Fig. 5c, and
displays again various delaminations, Fig. 5d, surrounded by nano-scaled ductile
voids.
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Figure C.4 Mechanical test records and typical fractographs presenting significant fracture
features in the perpendicular orientation of the low deformed state (ǫlog = 3.1). (a) Loaddisplacement curve showing pronounced plasticity before failure. The change in the slope in
the elastic regime after about 10 µm is due to an adjustment of the unloaded specimen into
the tensile direction. (b) Side-view onto a broken sample depicting the pre-notch and the
final fracture surface. Sample diameter is 120 µm. (c) Typical fractograph looking parallel
to the drawing direction. Several large delamination can be observed, which seem to have
no specific alignment. (d) Enlarged view of inset in (c) demonstrating a large variety of
smaller delaminations adjacent to the precrack. (e) Magnified view of detail shown in (d).
Between the delaminations typical features of ductile fracture with dimples in the range of
several hundred of nanometers can be seen.

As shown in both deformation states the delaminations are a crucial feature and
are required for achieving superior fracture toughness: In general, crack fronts carry
pronounced tensile stress triaxiality, which controls the deformation of the crack tip
and the onset of crack propagation. Calculations show that the maximum stress in
this region is about 3 times the yield strength [30,31], see also the Supplementary
Materials section. Keeping in mind that the present material in the highly deformed
state has a strength of approximately 30% of the theoretical strength, the stresses
near the crack tip indeed approach the theoretical limit. However, the theoretical
strength is associated with a de-cohesion of the atomic bonds and would lead to
brittle cleavage-type fracture with low fracture toughness. Despite this, a relatively
high fracture toughness could be measured and can be explained with the occurrence
of the delamination zones. Through the occurrence of delaminations the stress
component perpendicular to them, and thus the stress triaxiality is reduced leading
to higher crack resistance. To be effective for the fracture toughness enhancement
delaminations need to form very close to the pre-existing crack, as observed in Figs
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4d and 5e. This mechanism leads to globally higher fracture toughness and has also
been observed in samples after rolling [7,32] or severe plastic deformation [33].
A significant aspect for the understanding of these exceptional fracture toughness
values is the origin of the delaminations. Figures 4c,d and 5c-e reveal that their
crack opening direction is the same as for cracks propagating along the wire axis,
which has been found to have an extremely low fracture toughness probed with the
parallel orientation measurements. From that it can be rationalized that the weak
crack path along the lamella structure with its low fracture resistance is an important
requirement for the formation of the delaminations. During loading they are initiated
at the weak interfaces and allow a distinctively higher fracture toughness in the
principal loading direction as expected from the theoretical viewpoint, suggesting
brittle fracture for such ultra-strong materials due to the high stresses at the crack
tip close to the theoretical strength.

Figure C.5 Mechanical test records and typical fractographs presenting significant fracture
features in the perpendicular orientation of the high deformed state (ǫlog = 6.52). (a)
Load-displacement curve with pure linear-elastic behavior before failure. (b) Side-view onto
a broken sample with indicated pre-notch and final fracture surface. Sample diameter is
24 µm. (c) Typical fractograph recorded looking parallel to the drawing direction at low
magnifications. (d) Magnification of detail indicated in (c) with ductile fracture features.
(e) Inclined view onto the transition from pre-crack to final fracture that shows various
delaminations before the crack deflects and propagates into the drawing direction. The view
is about 30◦ inclined to the drawing direction to give a better view onto the transition zone
with its delaminations and the final crack deflection.

In addition to the occurring delaminations present in both deformation states, a
pronounced crack deflection occurs in the high deformed state, see Fig. 5b. It is
a consequence of the aligned microstructure, which exhibits a much stronger crack
growth resistance perpendicular to the lamellar structure than parallel to it. This
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leads to the deflection into the weaker crack growth direction during loading. The
real Mode-I fracture toughness would be even higher than the measured K-value as
otherwise the crack would not deflect and run into the weak direction. This consideration implies that the results obtained here (around 20 MPam1/2 ) should only be
regarded as a lower bound value for the real Mode-I fracture toughness. An upper
bound value for this testing direction can be given with the value of the low deformed
structure (ǫlog = 3.1), exhibiting a fracture toughness of approximately 40 MPam1/2
for this testing direction, see Table 1. This is because with increasing strain the
fracture toughness will decrease or stay nearly constant but very unlikely increase.
Therefore, the fracture toughness measurements of the low deformed state represent
the upper bound value for the real Mode-I fracture toughness in the high deformed
state. An inspection of the crack path for the low deformed state, Fig. 4b, demonstrates a slight deflection of the crack as well. Compared to the high deformed state,
the deflection only occurs after some global Mode-I crack growth, which determines
the fracture toughness. In contrast to the high deformed state, this deflection seems
to be an effect of the Mixed-Mode loading conditions introduced by the additional
bending torque when the crack becomes very long. To conclude, there is a very
fine line between brittle and ductile behavior in such microstructurally nano-scaled
highly oriented materials. The accomplishment of high damage tolerance in the
main loading direction requires the exploitation of the microstructural anisotropy.

Figure C.6 Ashby map presenting the fracture toughness plotted against the yield strength
of several important engineering material classes. The investigated steel variants set themselves apart from all other material classes [4,5,38] with strength values between 4-7 GPa
and fracture toughness values between 4 and 40 MPam1/2 depending on the testing direction. Even though they do not exceed the fracture toughness of several alloy groups, their
damage tolerance in the main loading direction along the wire axis is exceptional and makes
them one of the most damage tolerant and strongest materials in the world.
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C.4 Conclusions
The significance of the results is clearly demonstrated in an Ashby-map, where
fracture toughness is plotted against the yield strength, see Fig. 6. The comparison
reveals that these nanostructured pearlitic steels exceed in their joint tensile strength
plus fracture toughness than any other conventional material class. Even though the
fracture toughness of other alloy classes can exceed that of pearlite, the combination
of strength and fracture toughness along the loading direction of these pearlitic steel
wires is unique. Similar concepts of toughening as presented here are also often
discussed in the context of biological and bio-inspired materials [34,35] and often
considered as a new design philosophy. With that in mind, it is fascinating to
learn that the steel discussed in this study, often regarded as an allegedly “oldfashioned“ material, shows such a remarkable damage tolerance and the best known
combination of high tensile strength and toughness. The underlying toughening
mechanism based on the presence of weak interfaces represents an interesting design
concept stimulating further innovative ultra-strong and simultaneous tough metallic
alloys.
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Material synthesis
The steel has a hypereutectoid composition with 0.98 C, 0.31 Mn, 0.20 Si, 0.20 Cr,
0.01 Cu, 0.006 P, 0.007 S and Fe in balance (wt.%). The steel was austenitized
at 1223 K for 80 s followed by the pearlitic transformation, which took place at
853 K for 20 s. This pre-material with an initial diameter of 0.54 mm was then
subjected to a cold drawing process. Depending on the diameter reduction, the true
(logarithmic) strain amounts to:
ǫlog = ln

d20
d2i

(C.1)

where d0 is the initial diameter and di is the reduced diameter of the wire. Two
specific states were studied, namely, wires deformed to 3.1 and 6.52 with a thickness
of 120 µm (ǫlog = 3.1) and ∼24 µm (ǫlog = 6.52), respectively.
Microstructural investigations
The microstructure was investigated using a JEOL JEM-2200FS TEM (transmission
electron microscope) operated at 200 KV in both TEM and scanning TEM (STEM)
modes. Samples were prepared using a dual-beam Focused Ion Beam/SEM instrument (FEI Helios NanoLab 600TM) with 30 kV Ga ions and a final low voltage
milling at 5 kV Ga ions.
Sample preparation
Micrometer-sized notched cantilevers, suitable for fracture toughness measurements
along the drawing axis, were fabricated using a Zeiss LEO 1540 XB dual beam focused ion beam workstation. From the different wire diameters small sections were
lift out for further fabrication steps and adequately positioned onto a FIB lift-out
grid, which could be conveniently transferred to the testing stage for the consecutive mechanical experiment. Coarse milling currents of 2 nA to 500 pA were used to
fabricate the rough shape, followed by a final polishing of the surfaces with 500-100
pA, in order to reduce the impact of ion damage. Finally, the notch was introduced
with a milling current of 50 pA with the ion beam cutting direction parallel to the
later loading direction allowing a constant crack depth and notch radius across the
thickness of the specimen. From both wire diameters two specimens were fabricated
and the characteristic dimensions of the test specimens, including the width, W,
the thickness, B, the crack length, a, and the bending length, L, are listed in Supplementary Table S1. Due to the large difference in wire diameter the dimension
between the two testing conditions along the wire axis are different.
Using the same fabrication process cracks were introduced into the macroscopic specimens used for testing the fracture behavior perpendicular to the drawing axis. For
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the coarse notch milling currents of 25 nA and for the final crack a milling current
of 100 pA was in use. The characteristic dimensions, represented by the diameter,
D, the crack length, a, of the crack front are outlined in Supplementary Table S2.
Sample testing
Due to the different specimen sizes and maximum testing loads various testing machines inside and outside the SEM differing in their maximum load and displacement
capacity were utilized to record the mechanical response of the test samples. The
fracture experiments accounting for the parallel orientation were performed in-situ
inside a SEM (Zeiss LEO982). Two different micro indenter system were used. The
ASMEC UNAT micro indenter equipped with a diamond indenter tip was the main
testing machine for the micro-cantilever experiments. In addition, one experiment
was performed with a Hysitron Pico-Indenter (PI-85). The cantilevers were loaded
under displacement control to total displacements of 2-6 µm with a constant displacement rate of 1 µm/minute. Videos in terms of SEM-image sequences were
recorded, which enables linking the mechanical test record to the crack tip deformation during loading. In total, for each drawing strain and loading condition two
experiments were performed, providing consistent results.
The SENT-specimens (single-edge notched tension) of the low-deformed wire sample
(ǫlog = 3.1) were tested on a miniaturized testing gear provided from Kammrath and
Weiss with a maximum load capacity of 200 N. The SENT-specimens of the high
deformed wire (ǫlog = 6.52) were tested on a fibre testing module from the same
company with a maximum attainable load of approximately 1 N. The test length
of the wires was 1 mm. Similar to the cantilever experiments, described above, for
each drawing strain two experiments were performed with consistent results.
Fracture toughness evaluation
From the load-displacement curves the critical stress intensity, KIC , was evaluated.
The stress intensity of the cantilever specimens used for the evaluation of the fracture
toughness parallel to the drawing direction can be calculated according to [36]:
K=

a
FL
f
W
BW 3/2

(C.2)

where F is the force, taken from test record, L the bending length, B the thickness
of the beam, W the width of the specimen and a the crack length. From the test
record the maximum load, Fmax , was taken to determine the fracture toughness,
KIC . The geometry factor f(a/W) can be written as:
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and was derived by using two-dimensional Abaqus finite element simulations [36].
The stress intensity of the single-edge notched (SENT) specimens subjected to tensile
loading conditions used to measure the fracture toughness perpendicular to the
drawing axis was evaluated according to:
a
√
K = σ πaf
(C.4)
D
where σ is the applied stress of the round bar with σ = 4F/(πD2 ), F is the force,
D, the diameter of the wire and a the length of the transverse semi-elliptical surface
crack. In each
case the maximum load was used to calculate KIC . The geometry

a
, was numerically obtained with the finite element method [37]:
factor, f D
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For details concerning the fractographic investigations and video-sequences of the
testing process please refer to the Supplementary information.
D

− 34.7849

 a 3
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Abstract
The cyclic mechanical properties and microstructural stability of severe plastically
deformed copper were investigated by means of micro bending experiments. The
ultrafine-grained structure of OFHC copper was synthesized utilizing the high pressure torsion (HPT) technique. Micron sized cantilevers were focused-ion-beam
milled and subsequently tested within a scanning electron microscope in the low cycle fatigue regime at strain amplitudes in the range of 1.1 - 3.2 * 10−3 . It was found
that HPT processed ultra-fine grained copper is prone to cyclic softening, which
is a consequence of grain coarsening in the absence of shear banding in the micro
samples. Novel insights into the grain coarsening mechanism were revealed by quasi
in-situ EBSD scans, showing i) continuous migration of high angle grain boundaries,
ii) preferential growth of larger grains at the expense of adjacent smaller ones, iii) a
reduction of misorientation gradients within larger grains if the grain structure in the
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neighborhood is altered and iv) no evidence that a favorable crystallographic orientation drives grain growth during homogeneous coarsening at moderate accumulated
strains, tested here.

D.1 Introduction
Grain size reduction by severe plastic deformation (SPD) is well established to synthesize bulk ultrafine-grained (UFG) or nanocrystalline (NC) samples. Similar to
the static strength, the performance in the high cycle fatigue (HCF) regime has been
proven to be enhanced significantly compared to the coarse grained (CG) counterparts for UFG [1-4] and NC materials [5-8]. The reason for enhanced fatigue limits
or HCF performance can be explained by a shift of the onset of microplasticity,
necessary to induce fatigue damage, to higher stress levels than in the CG condition. Unfortunately, the performance of such materials in the low cycle fatigue
(LCF) regime, where higher plastic strain amplitudes are present, is deteriorated
and cyclic softening is promoted. For UFG materials, which will be in the focus of
the current work, cyclic softening has been found to occur not only under strain controlled conditions (decreasing stress amplitude) for purity levels above 99.9% [9-12],
but also in stress controlled experiments above a certain stress amplitude, where the
softening is reflected in a continuously increasing strain amplitude [11,12]. However,
these studies have conflicting viewpoints about the impact of the strain amplitude.
Although it is frequently reported that cyclic softening is more pronounced at higher
strain amplitudes [1,13,14], other experiments show that low strain amplitudes and
the concomitant enhanced lifetime enable time dependent thermally activated processes to occur and promote cyclic softening [11]. Also, material parameters can
be decisive for the occurrence or magnitude of cyclic softening, for instance, a high
purity level [14] or the grain shape [1]. Although it is well known that different
SPD procedures generate materials of different grain boundary structures, the grain
boundary misorientation has been disregarded in the context of the cyclic mechanical response for a long time. Although cyclic softening was revealed for structures
consisting of major fractions of low angle grain boundaries (LAGB) [1] or high angle grain boundaries (HAGB) [11], their direct influence has not been investigated
systematically.
For UFG materials, three mechanisms have been found to contribute to the observed
cyclic softening, which are i) shear band formation, ii) coarsening of the fine scaled
grain structure [15,16] as well as iii) a reduction of the defect density, in especially
dislocation density [3,9], or a combination of them. These mechanisms can lead to
early strain localization, fatigue damage and failure of the samples. The small grain
size and the resulting large grain boundary fraction was suspected to be responsible for these microstructural instabilities as it offers large driving forces for grain
growth.
Despite the extensive work carried out on this topic, detailed knowledge about the
initiation and evolution of these structural instabilities is still at its infancy. As
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an example, the nature of the grain growth process in these fine-scaled structures is
currently not completely understood. A thorough description, whether grain growth
proceeds in discrete events or in a rather continuous manner, if a certain incubation
time is needed, or which grains will start to grow, is still unclear. Further issues
include whether a certain crystallographic orientation is favored to grow or shrink,
as well as the importance of the grain boundary type (LAGB, HAGB).
The ambiguities about the processes inducing structural instabilities prevent an
understanding of how cyclically stable materials need to be designed. A sound identification of the driving forces for the underlying processes and how they evolve are
of utmost importance to control the microstructural stability in a successful way.
To gain a thorough understanding about the mechanisms occurring during cyclic
loading of UFG structures, a suitable experimental setup was looked for. Cyclic micro bending experiments, conducted inside a scanning electron microscope (SEM),
allow for a unique correlation between changes in the microstructure and the local
stress-strain state. Further, tracing the same sample area throughout the entire
experiment enables the detection of crucial changes in the surface morphology, for
instance shear bands or fatigue cracks which in turn may affect the softening process.
Special emphasis was placed on the identification of possible correlations between
boundary misorientation and crystallographic orientations with structural instabilities.

D.2 Experimental
Quasi constrained high pressure torsion (HPT) [17] was used to synthesis an oxygen
free high conductivity (OFHC) copper (99.95%) with ultrafine grains. The HPT disk
diameter d and its thickness t were 15 mm and 7.5 mm, respectively. Deformation
was conducted at a pressure of 3.5 GPa for 15 revolutions n, which resulted in an
equivalent v. Mises strain ǫeq of 87 at an HPT radius r of 12 mm, from which the
sample was extracted, according to Eq. (1)
2πrn
ǫeq = √ .
t 3

(D.1)

Such strains are sufficient to obtain constant mechanical and structural properties
throughout the entire HPT disk, except the very center (r < 1 mm). In this steady
state region the grain size was measured by electron back scatter diffraction (EBSD)
to be 530 nm (area weighted).
For the cyclic micro bending experiments, a platelet was extracted from regions of
saturated microstructure, which was subsequently cut into rods of 1 x 1 mm2 in
cross-section. The top of the rods were electrochemically etched to form tips, where
the final bending beam was focused-ion-beam (FIB) milled with a Zeiss LEO 1540
XB dual beam FIB workstation. For the bending beams, thickness to length ratios
between 1:1 and 1:2 were used. A schematic drawing of a bending beam is shown in
Fig. 1. The actual size of all samples tested can be found in Table 1.
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Figure D.1 Schematic drawing of a miniaturized bending beam with dimension labels of
the width w, height h, length l and bending length lb , as well as the distribution of the
normalized bending moment Mb (x) along the x-axis. Strain ǫ(y) and stress σ(y) values
along the y-axis are indicated.

To illustrate the mechanical and the structural changes, two samples have been selected for this study, denoted sample A and B. The cyclic micro bending experiments
were conducted inside a SEM (Zeiss LEO982) using an ASMEC UNAT (sample A)
and a Hysitron PI85 (sample B) microindentation system to impose the strain amplitude. A FIB milled tungsten double blade gripper was used to impose the cyclic
load onto the samples. The bending beams were loaded under displacement control,
resulting in plastic strain amplitudes ǫa,pl of 1.1 - 3.2 * 10−3 at the outer fiber, with
a stress ratio R = -1 at a strain rate ǫ̇ in the range of 2.6 - 3.8 * 10−3 s−1 (for details
see Table 1). For sample B EBSD scans were conducted after 100, 200, 300 and 400
cycles to track the coarsening process.
The elastic contributions of the measured displacement stemming from the needle,
SEM-stage and the specimen holder were taken into account by correcting the measured compliance using a method according to Wurster et al. [18]. The outer fiber
stress σs was calculated from the force-displacement data, based on elastic bending
beam theory according to Eq. (2):
6F lb
.
(D.2)
wh2
Although this is a good approximation for small strain amplitudes, it overestimates
the stress at larger strain amplitudes. The outer fiber strain ǫs according to Eq. (3):
σs =

ǫs =

uh
.
2llb

(D.3)

is simply derived from the applied displacement and assumed to be constant in the
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gauge length. The measured force is F, the bending length lb , gauge section width
w, gauge section height h, the beam deflection u and the gauge section length l.
Table D.1 Dimensions in µm of the tested bending beams with width w, height h, length l
and bending length lb and the testing parameters strain rate ǫ̇ in s−1 , plastic strain amplitude
ǫa,pl , the number of cycles N and the total applied accumulated plastic strain ǫacc,pl .
h
σ0.2 [M P a] 5.0
σ1 [M P a]
5.0
σ1 [M P a]
3.4

w
7.5
7.5
3.3

l
10.0
10.0
2.7

lb
42.0
42.0
12.6

ǫ̇
2.6*10−3
3.8*10−3
3.1*10−3

ǫa,pl
1.1*10−3
1.9*10−3
3.2*10−3

N
5800
1200
400

ǫacc,pl
25.5
34.6
5.1

D.3 Results
D.3.1 Cyclic hysteresis loops
The cyclic hysteresis loops of sample A are shown in Fig. 2 for two different plastic
strain amplitudes, ǫa,pl = 1.1*10−3 (a) and 1.9*10−3 (b-d), respectively. For both
strain amplitudes only certain cycle numbers (90, 990, 2990, 4990, 5790 for ǫa,pl =
1.1*10−3 and 90, 790, 990, 1190 after the increase to ǫa,pl = 1.9*10−3 ) are plotted
to ensure a better visibility. The maximum tensile and compressive surface stresses
at the lower strain amplitude ǫa,pl = 1.1*10−3 in Fig. 2a stay nearly constant up to
5790 cycles, corresponding to an accumulated plastic strain ǫacc,pl of 25.5 according
to Eq. (4):
ǫacc,pl = 4 ∗ ǫa,pl ∗ N.

(D.4)

However, an increase of the applied plastic strain amplitude of sample A to 1.9*10−3
(Fig. 2b-d) causes a continuous drop in the maximum surface stresses during 1190
cycles, corresponding to an accumulated plastic strain of 34.6. The estimated maximum surface stress drops by 5% and 7% of the maximum stress, from 541 and
-595 MPa to 515 MPa and -552 MPa, at the maximum of the positive and negative
displacement deflection after 1190 cycles, respectively.

D.3.2 Changes in the surface morphology
In addition to the cyclic stress-strain response of the samples, SEM images were
taken to capture possible changes of the surface morphology. SEM images taken
from the outer fiber side surface of sample A in Fig. 3a show that cyclic bending for
5800 cycles at ǫa,pl = 1.1*10−3 (ǫacc = 25.5) and for additional 1200 cycles at ǫa,pl =
1.9*10−3 (ǫacc = 34.6) already caused a significant degradation of the sample surface.
A very local roughening becomes visible at the transition from sample head to the
gauge section, where the maximum bending moment and thus, stresses and strains,
are applied to the cantilever. Sample B (Fig. 3b) shows similar features of surface
damage at the highly strained region of the cantilever consisting of severe depressions
and protrusions. However, although surface roughening serves as a precursor for
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Figure D.2 Cyclic hysteresis loops for strain amplitudes of a) ǫa,pl = 1.1 * 10−3 and bd) ǫa,pl = 1.9 * 10−3 . a) No changes in the maximum surface stress were observed for the
smaller strain amplitude, b) whereas cyclic softening occurred for the larger strain amplitude
at the maximum of the c) negative and d) positive displacement deflection.

fatigue crack initiation, those have not been observed at the surface. Furthermore,
shear or cyclic slip bands emerging at the sample surface are frequently reported for
ECAP processed samples [3], but are not visible on the micro cantilever surfaces.

D.3.3 Changes in microstructure
As mentioned earlier, the observed cyclic softening could be a consequence of grain
coarsening. To capture structural changes during cyclic loading, BSE images of the
cantilever were recorded. BSE images shown in Fig. 4 were taken from the side
surface and from the top surface of FIB prepared cross-sections (labelled 1, 2, 3) of
sample A in a certain distance from the neutral axis as marked in the schematically
drawn cantilever. Considering that a plastic strain amplitude of 1.9 * 10−3 is applied
to a cantilever of 7.5 µm width, the maximum plastic strains occur at the outer fiber
region, whereas near the neutral axis, the cantilever will still deform approximately
elastically (see stress-strain distribution schematically drawn in Fig. 1). Inherent to
the bending geometry, the magnitudes of the elastic strains and stresses are applied
in terms of a gradient along the side surface in Fig. 4, decreasing towards the neutral
axis, where they finally disappear. As a consequence, during cyclic bending the
grain size evolves heterogeneously along the cantilever width. Near the neutral axis,
a region with low stress-strain values, the grain size has not changed significantly
(Fig. 4, side surface), compared to the initial state. This is also visible in the BSE
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Figure D.3 Localized damage initiation at the highly strained region (outer fiber, clamping)
of a) sample A tested at ǫa,pl = 1.9 * 10−3 and b) of sample B tested at ǫa,pl = 3.2 * 10−3
taken after 400 cycles with protrusions and depressions.

images of the top surface (see image labelled 1), reflecting the microstructure in the
thickness direction of the cantilever. In regions closer to the outer fiber, where larger
strains are active, single grains have already coarsened, approaching more than 1
mm in size (see image labelled 2). This coarsening is even enhanced at the outer
fiber, where the maximum stress and strain is present, resulting in single grains,
which have grown up to almost 2 mm in size (see image labelled 3), still embedded
in an UFG matrix, where limited grain growth occurred.
To analyze the mechanisms of grain coarsening in more detail (e.g. crystallographic
orientation of growing grains), sequential EBSD scans of the gauge section were
performed throughout the experiment on sample B. These results are depicted in
Fig. 5. At first glance, a comparison of the IPF maps (top row) between the asHPT processed material (0 cycles, Fig. 5a), the state after 100 cycles (Fig. 5b),
200 cycles (Fig. 5c), 300 cycles (Fig. 5d) and 400 cycles (Fig. 5e) does not yield
major differences. However, a closer look manifests three different processes that
occur manifoldly at various positions of the cantilever. The identified processes are:
growth of larger grains, appearance of new grains and reduction of misorientation
gradients. Examples at positions where these processes occurred are shown in the
magnified details (labelled 1, 2, 3) in Fig. 5a-e). Firstly, a growth of larger grains
at the expense of adjacent smaller grains was captured frequently (second row). For
example, it can be seen that the grain boundary of the larger grain (turquois) migrates towards the bottom left in the direction of the smaller adjacent grain (orange),
which continuously shrinks until it finally disappears after 400 cycles (see Fig. 5e).
Secondly, a new grain appeared and grows during cycling (see light green grain in
third row). Although it cannot be proven, this process might be explained by the
fact that a growing grain from just below the surface consumed grains partially covering the observed surface. Thirdly, a reduction of misorientation gradients, seen as
LAGB with small misorientation angles, appeared in certain grains (forth row). This
is illustrated for a pink grain, exhibiting a misorientation of 4.2◦ in the undeformed
state (Fig. 6a), which is removed after 100 cycles (Fig. 6c). However, misorientation gradients are not necessarily removed, as shown for a purple grain with an
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Figure D.4 BSE images of the side surface of sample A after 1200 cycles at ǫa,pl = 1.9*10−3
show a gradient in the grain size evolution, which increases from the neutral axis towards
the outer fiber. BSE images from the top surfaces confirm a smaller grain size in the region
near the neutral axis (position 1), which increases with increasing strain amplitude (position
2) and shows grains with a size of a few micrometers near the outer fiber (position 3).
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initial misorientation gradient of 5.1◦ (Fig. 6b) retaining a misorientation gradient
of 4.9◦ after 100 cycles (Fig. 6d). It should be mentioned that these processes do
not occur in an isolated way. Quite on the contrary, many structural changes of the
grain structure occur as a consequence of a combination of the mentioned processes.
For instance, in detail 2) a new grain appears (light green) and undergoes a growth
procedure similar as remarked for detail 1) with the addition that growth occurs in
every grain direction, so that is has eventually more than doubled its size. Similarly,
also the reduction of misorientation gradients in detail 3) is accompanied by the
migration of the grain boundary and a distinct expansion of the grain size.

Figure D.5 EBSD images of a) the initial structure and after b) 100, c) 200, d) 300 and
e) 400 cycles show that in most cases large grains grow at the expense of smaller grains
(example shown for position 1), a suddenly appearing grain continuously grows (example
shown for position 2) and misorientation gradients disappear in large grains (example shown
for position 3).

D.4 Discussion
Cyclic softening in strain controlled fatigue experiments under LCF conditions has
been frequently observed in the past for high purity copper or aluminum [1,3,9,11,12,19].
In these experiments, the principal structural changes responsible for early strain
localization and thus a deteriorated mechanical performance have been identified.
These changes include shear band formation, grain coarsening [11,19] and a reduction of the initial dislocation density [3]. Despite the vast number of studies, the
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Figure D.6 a-b) Misorientation profiles within two initial grains depicted from EBSD
measurements; c) misorientation gradient disappears in certain grains after 100 cycles, d)
while it remains in others after 100 cycles. Lines from where misorientation profile stems
are marked in the small inserts, low angle grain boundaries are drawn in white.

basic mechanisms leading to structural instabilities, or how they can be avoided,
could not be identified.
Most of the studies mentioned above have been conducted on UFG metals synthesized by ECAP. The reported mechanical and microstructural instabilities therein
refer to microstructures of different grain shape (equiaxed, elongated) and grain
boundary structures (different fraction of HAGB and LAGB), depending on the
chosen ECAP route and number of passes [20]. ECAP structures synthesized by a
large number of passes are especially characterized by a majority of HAGB, which
is similar to HPT structures. Due to the large strains applied during HPT, the
structure of the current work consists of about 80% HAGB and 20% LAGB [21].
The cyclic hysteresis loops in Fig. 2 confirm that also the HPT structure is prone
to cyclic softening, akin to ECAP structures, where the cyclic stress decreases after just 20 cycles at a comparable plastic strain amplitude of ǫa,pl = 1*10−3 [11].
There, the pronounced macroscopic softening stems from a severe localization of
the applied cyclic strain in shear bands, where the coarsening process seems to be
enhanced. In the present study, SEM images of the tested cantilevers indicate that
a homogeneous grain size increase after cyclic loading (Fig. 4) is responsible for
the degradation of the stress response. Although the occurrence of grain coarsening
correlates to observations for ECAP structures [11], no shear bands developed during the number of cycles tested (Figs. 3 and 4). It should be mentioned that the
homogeneous and moderate grain coarsening could be a consequence of the micro
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mechanical setup, which does not allow for large scale shear bands to form due to
the confined sample dimensions. Furthermore, it is assumed that the homogeneous
grain coarsening does not weaken the cyclic strength as much as in the case when
severe grain growth is localized in large scale shear bands. Beside grain growth, a
reduction of the dislocation density has been found to contribute to cyclic softening as the grain boundary becomes more defined during the fatigue experiment [3].
This results are consistent with the seminal work of Feltner and Laird, where cold
worked structures, consisting mainly of cells of LAGB type, were tested in the LCF
regime [22,23]. Similarly as in the ECAP structures, the cell walls appeared sharper
after the fatigue experiment and in addition also defects in the cell interior were less
frequently found [23]. Although defect densities have not been measured directly in
the present work, such changes in the dislocation content have been found to occur
most prominent during the very first cycles, while for larger cycle numbers changes
in the hysteresis loops become negligible [23,24]. These results seem plausible even
for UFG structures tested here, as excess dislocations may annihilate easily at the
numerous grain boundaries until a certain density, sufficient to realize a given plastic
strain amplitude is reached. However, the results of this micro bending experiment
show continuous softening up to accumulated strains of 34.6. For this reason, although contributions to the softening from a reduction in the dislocation density
cannot be excluded for the very first cycles, in the authors’ opinion the main reason
for the cyclic softening observed here, is a consequence of grain coarsening.
An often and controversially discussed parameter influencing the amount of cyclic
softening is the applied strain amplitude. Whereas many studies report enhanced
cyclic softening for larger strain amplitudes [1,14,25], other works show more pronounced softening for low strain amplitudes, where the extension of the lifetime
should promote thermally activated grain growth. In that context, the accumulated
plastic strain ǫacc,pl = 4N ǫa,pl , which additionally takes into account the number
of cycles tested, is an often overlooked parameter. For instance in the work of
Höppel and Mughrabi [11] the increased cycles to failure observed at a lower strain
amplitude (Nf = 160014 and ǫa,pl = 2*10−4 ) lead to a larger accumulated plastic
strain as compared to a higher plastic strain amplitude (ǫa,pl = 1*10−3 and Nf =
6552). Consequently, the enhanced cyclic softening ratio CSR = 1 −

∆σ
2 Nf /2
∆σ
2 N =1

, taking

into account the stress drop at half of the sample lifetime ∆σ
2 Nf /2 , revealed for the
lower plastic strain amplitude accords to a higher accumulated plastic strain. Solely
considering the plastic strain amplitude in the current results would suggest that
a minimum plastic strain amplitude is required for the onset of cyclic softening,
which was absent until the plastic strain amplitudewas increased to 1.9 * 10−3 . It
is important to note, that cyclic softening did not only go along with an increased
plastic strain amplitude, but also with an increased accumulated plastic strain due
to an increased cycle number. Although the simultaneous linear increase of strain
amplitude and accumulated strain of the experimental procedure does not allow to
unambiguously differentiate, which parameter is responsible for the onset of cyclic
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softening, the accordance with the work of Höppel and Mughrabi [11] suggests that
the accumulated strain is decisive for the onset of softening mechanisms and the
subsequent degradation of the cyclic stress.
For the comparison of the micro bending experiment with macro experiments it is
important to take into account that i) micro bending samples have a strong strain
gradient and hence, a gradient in strain amplitude and accumulated strain, ii) in
macro samples the coarsening is related to the macroscopic strain amplitude and the
accumulated macroscopic strain, however, coarsening occurs often in shear bands,
iii) no shear bands are formed in micro samples, therefore homogeneous coarsening
takes place, which is more pronounced at the outer fiber due to the mentioned gradient. Although the stress amplitude also obeys a gradient, the stresses applied to
the outer fiber region are nearly constant as soon as the yield stress is reached. Assuming for simplicity a linear cyclic stress increase from the neutral axis to the outer
fiber, one can calculate at which cantilever height the applied stress equals the yield
stress, which has been found to be around 443 MPa UFG copper of 99.97% purity
[26]. For the lower applied plastic strain amplitude of 1.1 * 10−3 the macroscopic
yield stress barely catches the outer fiber region, whereas at the larger plastic strain
amplitude of 1.9 * 10−3 the yield stress is reached at a distance of 500 nm from the
outer fiber. Interestingly, grain growth occurs even in a larger distance of 1.5 µm
away from the outer fiber (Fig. 4, side surface view), where the cyclic stress is with
340 MPa, distinctly lower than the macro yield stress. However, micro yielding will
take place.
As mentioned earlier, shear banding does not contribute to the observed softening,
at least at these low accumulated plastic strains. Thus, the significant contribution
to the observed softening must necessarily arise from grain coarsening. The main
questions of the coarsening process are still unresolved, for instance: i) Is the nature of the grain growth process of continuous or discontinuous manner and does it
occur immediately or is a certain incubation time needed? ii) Is the type of grain
boundary relevant for grain coarsening? iii) Do crystallographic orientations exist,
which preferentially grow? iv) Is the driving force for grain coarsening of thermal or
mechanical nature? v) What is the direct impact on the mechanical response? The
clarification of these ambiguities is of utmost importance and will be stressed with
regard to the present results in the following paragraphs.

i) It was argued in the past that grain coarsening in cyclically loaded OFHC
UFG copper is similar to dynamic recrystallization [2,11]. However, in these
experiments only the final structure could be analyzed, without any knowledge
of what happened during the cyclic loading in the structure. From the quasi
in-situ experiments it could be deduced that grain coarsening is most likely
caused by a continuous migration of grain boundaries (Fig. 5). Although the
structure was not continuously traced during cyclic bending, but only after
100 cycles for the first time, it is very unlikely that a certain critical strain
has to be applied to initiate the boundary migration process, as observed
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in classical dynamic recrystallization studies [27]. The structures tested here
were already deformed to severe strains, where continuous boundary migration
was found to occur, restoring an equilibrium structure which consists only
of deformation texture components at low homologous temperatures [28,29].
Large grains were frequently observed to grow at the expense of smaller ones.
This growth process seems to occur in a continuous manner, where the grain
boundary migrates towards the smaller grain and continuously sweeps over it.
Grain growth processes studied by in-situ TEM on UFG Al thin films under
continuous loading conditions during nanoindentation [30] or tensile straining
[31] similarly show a rapid movement of a general grain boundary whereby
larger grains usually grew at the expense of adjacent smaller grains. The
accordance in these two essential points with the present experiments suggests
that the principal mechanisms for grain coarsening have to be the same for
monotonic and cyclic loading conditions.
ii) Approximately 80% of the boundaries generated during HPT are HAGB and
20% LAGB, which are mainly observed within larger grains. The current experiments show that they react differently to the applied cyclic strain. This
is in contrast to early studies on ECAP structures exhibiting a large fraction
of low angle grain boundaries, where the main coarsening procedure was characterized by a distinct growth of the cells having small misorientation angles
[9]. The current experiments clearly show, while the HAGB were the ones
that cause grain growth (see HAGB as black lines for detail 1 in Fig. 5), the
LAGB within the grain interior remain pretty stable, with only minor misorientation changes (see LAGB as white lines in Fig. 6b,d). Only in cases where
surrounding grains in the neighborhood disappear or a migration of the boundary is observed the misorientation of the LAGB is distinctively reduced (see for
instance Fig. 6a,c where blue and orange grains at the top shrink and disappear), which allows for accommodation of plastic strains. Because considerable
changes of the LAGB seem only to occur if a particular grain’s surroundings
are changing significantly, they are likely to be classified as geometrically necessary boundaries [27]. This means that they realize a certain misorientation
gradient along the grain, necessary to accommodate plastic strain with respect
to the neighborhood. If the surroundings change due to growth or shrinkage,
the character of this boundary is also prone to change.
iii) As not all of the grain boundaries within the sample cross-section migrate,
it is of interest, whether grains of a certain crystallographic orientation are
more susceptible to grow or shrink. In an earlier study focusing on grain
boundary migration during severe monotonic cold rolling of HPT processed
Cu, no preferred crystallographic orientation was found to grow [28]. Quite
contrary, stress differences between neighboring grains arising from differences
in the Taylor factor or the grain size led to differences in the strain energy
density, which seemed to trigger the direction of the migration process [28].
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However, under cyclic loading conditions, a preferential growth of a certain
crystallographic orientations could not be identified in this study, at least
within these low accumulated plastic strains of 5.1, as applied here.
iv) We have shown that grain coarsening is the consequence of migrating grain
boundaries. However, the decisive and most challenging question is: what
drives the boundary to move? It has been argued that fatigue induced grain
coarsening is thermally driven, since lower strain rates showed an enhanced
effect [2]. Although certain thermal activation can never be neglected, the
observation of large growing and small shrinking grains in monotonic loading
tests at elevated temperatures led to the conclusion that the curvature of the
grain boundary triggers the migration direction of the grain boundary [32].
Therefore, smaller grains exhibit a stronger concavity and tendency to shrink
and disappear. However, this grain size effect can also be explained in lieu of
the elastic strain energy. Thereby the variance in strain energy density, which
is smaller in larger grains due to a lower yield stress, but larger in smaller
grains due to an increased yield stress, may act as a driving force. However,
since the portions are small, it is likely that at low homologous temperatures a
thermal or further mechanical activation of the grain boundary is required, for
instance given by the interaction between dislocations and grain boundaries
[31]. Still such processes cannot explain the eventual movement direction of
the grain boundary, which determines which grain has to disappear. In our
opinion, at low homologous temperatures, the difference in yield stress as a
consequence of different sizes of the adjacent grains determines the shrinking
grain and so triggers the migration direction of the boundary [28].
v) Although common agreement exists concerning the contribution of grain coarsening to cyclic softening [1,2,11], it could not be identified yet to what extent
this is the case. The difficulty is to differentiate the portions contributing to
cyclic softening that stem from grain coarsening, compared to those from shear
banding, dislocation annihilation or already formed fatigue cracks. Although
the current experiments reveal a major contribution to cyclic softening from
the coarsening of the ultrafine-grained structure, the impact of dislocation
annihilation cannot be excluded completely. Furthermore, fatigue cracks are
not visible on the side surface, however, an initiation of nanocracks from the
roughened cantilever top surface cannot be excluded by experimental evidence.
Therefore, the softening portion solely stemming from the cyclically induced
enlargement of the grain size will not be quantified and requires a different
experimental approach.

D.5 Conclusion
Cyclic micro bending experiments were performed on UFG OFHC copper micro
cantilevers in the low cycle fatigue regime. Cyclic softening was observed, which
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could be explained by a coarsening of the UFG structure. Contributions to softening
by shear bands could not be revealed up to an accumulated plastic cyclic strain of
34.6 in these micron sized samples. The grain growth process was studied in more
detail via quasi in-situ EBSD measurements revealing new aspects and confirming
prior observations about cyclically induced grain growth mechanisms. Hence, the
main conclusions that can be drawn about cyclically induced grain growth are as
follows:
i) Grain growth increases with the accumulated plastic strain.
ii) No preferred crystallographic orientation was observed to grow or shrink, while
there seems to be a tendency for larger grains to grow at the expense of smaller
grains.
iii) Grain growth and shrinkage is realized by a continuous migration of large angle
grain boundaries.
iv) Small angle grain boundaries within larger grains seem to be geometrically
necessary, as they disappear only if their neighborhood is altered.
v) As grain growth is occurring at low homologous temperatures in regions of high
plastic strain, boundary migration seems to require a mechanical activation
and not, as often assumed, only large applied stresses.
vi) As small grains tended to disappear more frequently, the migration direction
seems to be triggered by differences in the elastic strain energy.
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[4] P. Lukáš, L. Kunz, M. Svoboda, Effect of low temperature on fatigue life and
cyclic stress-strain response of ultrafine-grained copper, Metall. Mater. Trans. A
38 (2007) 1910-1915.
[5] T. Hanlon, Grain size effects on the fatigue response of nanocrystalline metals,
Scr. Mater. 49 (2003) 675-680.
[6] T. Hanlon, E. Tabachnicova, S. Suresh, Fatigue behavior of nanocrystalline metals and alloys, Int. J. Fatigue 27 (2005) 1147-1158. [7] B.L. Boyce, H.A. Padilla,
Anomalous fatigue behavior and fatigue-induced grain growth in nanocrystalline
nickel alloys, Metall. Mater. Trans. A 42 (2011) 1793-1804.
[8] O. Renk, A. Hohenwarter, R. Pippan, Cyclic deformation behavior of a 316L
austenitic stainless steel processed by high pressure torsion, Adv. Eng. Mater. 14
(2012) 948-954.
[9] S. Agnew, J. Weertman, Cyclic softening of ultrafine grain copper, Mater. Sci.
Eng. A 244 (1998) 145-153.
[10] S. Hashimoto, Y. Kaneko, K. Kitagawa, A. Vinogradov, R.Z. Valiev, On the
cyclic behavior of ultra-fine grained copper produced by equi-channel angular pressing, JMNM 2e6 (1999) 593-598.
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Abstract
Structural instabilities of nanocrystalline and ultrafine-grained materials have been
recognized as a major challenge during cyclic loading, especially in the low cycle fatigue regime. Although a severe deterioration of the mechanical properties has been
reported during cyclic deformation, quantification of the softening portion solely
due to grain coarsening was not possible. It will be demonstrated that cyclic high
pressure torsion is a versatile method to enable direct measurement of the impact of
grain coarsening on cyclic softening, as failure of the sample is prevented. Here, cyclic
high pressure torsion experiments have been performed on 99.99% ultrafine-grained
nickel. Grain coarsening similar to conventional uniaxial fatigue experiments was
observed and could be studied up to large cyclic accumulated macro strains of 50.
The correlation of electron back scatter diffraction images with microhardness measurements facilitated quantification of the cyclic softening as a consequence of grain
growth for the very first time. Further, structural investigations revealed distinctly
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enhanced grain coarsening within shear bands. Thus, the cyclic strain seems to be
the most important parameter controlling mechanically driven boundary migration
during cyclic loading at low homologous temperatures.

E.1 Introduction
Extensive grain refinement of metallic structures by severe plastic deformation (SPD)
yields an enormous enhancement of the strength of materials. This improvement of
the mechanical properties is also reflected in the high cycle fatigue (HCF) performance, making this material class ideal for frequent load reversal applications.
Unfortunately, this holds true only for cases where the plastic strain amplitude is
low. Under low cycle fatigue (LCF) conditions i.e. large plastic strain amplitudes,
nanocrystalline (NC) or ultrafine-grained (UFG) structures become unstable due to
their large amount of grain boundary area [1].
Various types of structural instabilities have been reported for static, dynamic and
cyclic loading situations, when higher strains were applied. For instance, during
the SPD process itself two recovery processes take place, namely grain boundary
migration [2] and triple junction motion [3]. These processes continuously modify
the microstructure in a way that a further refinement is impeded, even when the
strain during SPD is increased. It seems that these processes not only determine
the saturation grain size of a particular SPD process, but also the grain shape [4].
The design of structural components is dictated by the mechanical properties of a
material, such as the yield, fracture or fatigue strength. Changes of the microstructure, such as grain growth, would seriously alter these properties during application
and therefore their service life.
Significant changes of the microstructure have been reported for static loading conditions. For instance in the case of NC Al thin films grain coarsening was observed
during tensile loading [57]. Further in-situ TEM work revealed that the coarsening
process was due to shear-stress coupled migration of the boundary and in certain
cases was linked to the coalescence of adjacent grains [8]. Both mechanisms increase the grain size and thereby affect the mechanical properties. Although the
coalescence of grains contributes to coarsening in NC structures, for UFG materials motion of grain boundaries have been reported [9]. For UFG Al the migration
of grain boundaries seems therefore to be closely related to interactions between
dislocations and grain boundaries, as for instance it has been reported that grain
boundary dislocation movement is assisting this process [10]. That these observations cannot only be an effect of thin-foil was demonstrated for NC Cu, where severe
coarsening of the structure from 20 nm up to 700 nm for single grains was observed
beneath a microhardness indent [11]. Similar observations have been made during
high pressure torsion (HPT) of electrodeposited NC Ni [12]. With increasing shear
strain the initially 22 nm sized structure significantly coarsened to a steady state
size of about 200 nm. Interestingly, this value is similar to coarse grained HPT
deformed Ni and shows that the resulting grain size after SPD is independent of the
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starting grain size [13].
As indicated before, avoiding structural instability of NC and UFG materials during
fatigue experiments remains challenging. Early observations have shown that cyclic
softening of an UFG Cu structure during LCF is induced by grain growth, reduction of the dislocation density and change of the boundary misorientation [14]. In
many cases cyclically induced coarsening does not affect the entire sample volume
uniformly, but rather occurs locally. A shift from heterogeneously to homogeneously
coarsened structures was often attributed to the increase of the applied strain amplitude. In cases of increased strain amplitudes generally amplified grain coarsening
was observed [15, 16] supporting the idea of deformation-driven grain coarsening.
Other studies reported the opposite trend, namely more pronounced cyclic softening
and grain growth with decreasing strain amplitude [17]. The increase in sample lifetime for lower strain amplitudes increases simultaneously the diffusion time for the
coarsening process which supports the concept of thermally assisted grain growth
[1]. Although the driving forces behind cyclically induced grain coarsening are still
debated, recent quasi in-situ experiments have confirmed that under LCF conditions
a continuous migration of high angle grain boundaries is the basic mechanism of the
coarsening process. These findings are in line with observations during static loading
conditions [18].
Shear band formation may also occur during plastic deformation of NC and UFG
alloys. This not only limits ductility under static loading conditions, but also decreases grain stability under cyclic conditions [19]. The refinement of the structure
into the NC and UFG regime and the resultant higher strength levels are likely to
favor inhomogeneous plastic deformation. This has frequently been shown for high
strength nanolaminates [20-22] or nanocrystalline structures [23], where the formation of a shear band caused strain softening and catastrophic failure of the sample.
Strain localization in shear bands has also been found after low cycle fatigue experiments [14, 15, 24-29]. Shear bands formed in UFG Al during cyclic loading can be
smaller as the grain size and consist of a dense dislocation network, which is able
to penetrate through grain boundaries and thereby form a path through plenty of
grains [29]. Conversely, shear band thicknesses being several times larger than the
grain size were reported for UFG Al [19]. Within the shear band the grains become
aligned along the shear band direction and a homogeneous coarsening of the structure is observed. Thus, both structural instability mechanisms are combined.
The extensive experimental work of the last decades focused primarily on the impact
of cyclic loading on mechanical properties and their relation to structural changes
of the material. Still, a thorough understanding of the driving forces, the nature
of the instability processes and their evolution with cyclic strain are not clear. A
statistical approach to gain a deeper understanding about the impact of the crystallographic orientation, the grain boundary type or the strain amplitude on the
coarsening process is often inhibited by early sample failure in conventional uniaxial
fatigue experiments. Further, the coincidence of grain coarsening and sample damage does not allow for a quantification of their respective impact on cyclic softening
separately.
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In the present study a very simple cyclic deformation setup is introduced, which
allows a study of cyclically induced grain coarsening up to large strains. It will
be shown that cyclic high pressure torsion (CHPT) performed on high purity UFG
nickel introduces structural instabilities, such as grain coarsening and shear bands,
similar to conventional fatigue experiments. The sample constraint caused by this
specific experimental setup prevents sample failure and therefore, enables to track
structural changes up to extremly high cyclic strains. Thus, it was possible for the
first time to exclusively quantify the impact of grain coarsening to cyclic softening.

E.2 Experimental
A high purity nickel (99.99%) was processed by HPT. The HPT disc, being 10 mm
in diameter and 0.8 mm in thickness, t, was monotonically deformed for 15 rotations,
n, under a hydrostatic pressure of 5 GPa. At the outermost disc radius, r, of 5 mm
this results in an equivalent strain of 340 according to Eq. 1:
2πrn
ǫeq = √ .
(E.1)
3t
At such large strains constant properties are achieved over the sample diameter,
except for the very center of the HPT disc (r < 0.5 mm). The steady state grain
and subgrain size was calculated from electron back scatter diffraction (EBSD) data
(area weighted, tangential view) to be 310 nm and 260 nm, respectively. By EBSD
the grain boundary structure was also analyzed and was found to consist of 80% high
angle grain boundaries (HAGB) and 20% low angle grain boundaries (LAGB). Cyclic
loading was performed by CHPT, directly after the formation of the UFG structure
via monotonic HPT. During CHPT the rotation of the lower anvil is simply changed
from continuous to alternating twist mode allowing the sample to be rotated for
certain degrees clockwise (first half cycle) and then the rotation direction is changed
to anti-clockwise for the same amount of degrees (second half cycle).
Table E.1 Nominal strain amplitudes, ǫa,nom , accumulated strain, ǫacc , thickness of the
shear band, tSB , as marked in Fig. 1 and local strain amplitude, ǫa,loc , for samples cycled
to 5◦ for 50 times are listed for HPT disc radii 1, 2, 3 and 4 mm. The local strain amplitude
is estimated with Eq. 1 by setting t = tSB .

HPT disc radius
[mm]
1
2
3
4

ǫa,nom

ǫacc

tSB

ǫa,loc

[−]
0.06
0.13
0.19
0.25

[−]
12
26
38
50

[µm]
100
180
240
310

[−]
0.50
0.56
0.63
0.65

The nominal cyclic strain amplitude can be simply calculated from the applied twist
angle shown in Table I. Due to experimental reasons the separation of the elastic
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and plastic part is not possible. Eq. 2 shows the dependence of the cyclic strain
amplitude on the HPT twist angle, Θ, the thickness of the HPT disc and also on
the HPT disc radius:
2πr Θ
ǫa = √
3t 360◦

(E.2)

The accumulated strain can be modified by changing the number of cycles, N, according to Eq. 3:
ǫacc = 4ǫa N

(E.3)

and is shown in Tab. I for samples cycled to Θ = 5◦ for N = 50, which will
be presented in this study. In conventional fatigue experiments hysteresis loops
are recorded to allow for an investigation of the cyclic stability. In the case of
CHPT a continuous measurement of the torque is in principle possible, although the
measured torque does not correspond solely to the flow stress [30]. A much more
reliable technique to quantify cyclic softening is to measure the microhardness along
the HPT disc radius.
In addition to microhardness the microstructural stability was evaluated by back
scatter electron (BSE) images recorded along the HPT disc radius in TAN direction
(see insert Fig. 1). Furthermore EBSD was used to investigate the crystallographic
orientation as well as the grain boundary misorientation of the cycled samples. These
structural investigations were carried out at exactly the same positions where the
microhardness was measured, which allows directly to correlate cyclic softening to
structural parameters.

Figure E.1 Formation of shear bands in the middle of the HPT disc height, with its
thickness, t SB , increasing from the center towards the edge for 5◦ and 50 cycles (first row).
The grain size outside the shear band has not changed significantly (second row), whereas
inside the shear band grains are coarser and elongated along the radial direction (third row).
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E.3.1 Shear band formation
Investigating the cross section of a HPT disc cycled 50 times for 5◦ by BSE images
revealed two different regions with different contrast (Fig. 1, first row). A bright
region in the middle of the disc height is surrounded by a darker region at the top
and bottom of the disc. BSE images taken at higher magnification revealed a grain
size and an equiaxed grain shape similar to the as-deformed material in the outer
darker regions (Fig. 1, second row), whereas in the bright region a shear band has
formed. Inside the shear band the grains are larger and appear elongated in the
radial direction (Fig. 1, third row). No significant change of the grain size and
the grain shape is observed along the HPT disc radius, although the nominal strain
amplitude increases. However, the width of the shear band, tSB , increases with
increasing nominal strain amplitude along the HPT disc radius, forming a wedge
shaped region throughout the disc (Fig. 1).

Figure E.2 The Vickers microhardness inside the shear band drops by about 20% after
cyclic loading at 5◦ for 50 cycles, whereas outside it remains nearly the same compared to
the as-HPT deformed state.

E.3.2 Microhardness
Microhardness measurements shown in Fig. 2 were conducted along the HPT disc
radius in tangential direction (see TAN in insert of Fig. 1). Thus, modification of
mechanical properties due to CHPT as a function of the changing nominal strain
amplitude could be tracked. Microhardness was determined inside and outside of
the shear band to clarify the effect of the different grain sizes. For a sample cycled
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for 50 times at a twist angle of 5◦ , the microhardness inside and outside the shear
band differs significantly (Fig. 2). Outside the shear band the microhardness along
the HPT disc radius (blue empty dots) remained at about 305 HV almost constant
compared to the microhardness of the as-HPT deformed discs (black full squares).
Within the shear band the microhardness (red empty rhomboids) drops by 20% down
to about 255 HV. No distinct correlation between the nominal strain amplitude and
the hardness is visible and hardness within the shear bands remains nearly constant
along the HPT disc radius. Although slight scatter can be observed along the disc
radius, it is distinctively smaller than the differences between the areas outside the
shear band and the as-deformed condition.

E.3.3 Microstructural evolution
As evident from the BSE images (Fig. 1), the grain size differs significantly inside
and outside of the shear band. The same trend is visible in EBSD scans taken
along the radius of the disc (Fig. 3a), where a sharp transition from a coarsened
to a still ultrafine-grained region is visible. The fraction of the coarsened region
increases with increasing HPT disc radius, thus nominal strain amplitude, similar
to the BSE images in Fig. 1. For detailed insights into the grain structure EBSD
scans were performed at higher magnification in the ultrafine-grained region outside
the shear band (Fig. 3b) and in the already heavily coarsened region within the
shear band (Fig. 3c) along the HPT disc radius in tangential direction. Mostly
HAGB (misorientation ≥15◦ , see black lines) accumulate in the structure, although
in the larger grains additional cell boundaries of low angle type with misorientation
between 2-15◦ also appear.

Figure E.3 (a) EBSD scans were taken in tangential direction along the border between the
major shear band and the matrix for a sample cycled 50 times at an HPT twist angle of 5◦ .
The thickness of the shear band clearly increases with increasing nominal strain amplitude.
At an HPT disc radius of 2 mm an additional narrow shear band is visible nearby the major
one. EBSD scans of higher magnification taken (b) outside and (c) inside the shear band
prove a severe coarsening of the grain structure within the shear band.
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In Fig. 4 the structural sizes were analyzed for boundary misorientation angles of
2-15◦ (LAGB, empty symbols) and ≥15◦ (HAGB, full symbols) for both outside
(circular symbols) and inside (rhomboid symbols) of the shear band. Although the
structure outside the shear band does not seem to have coarsened significantly, grain
size analysis revealed already a growth in size of about 20%. While the HPT steady
state grain size was 310 nm taking into account HAGB after cyclic deformation it has
grown up to 373 nm on average outside the shear band. However, this is clearly less
pronounced compared to the grain growth within the shear band. Contrary to the
observations from BSE images a strain amplitude dependency becomes visible, which
is stronger if HAGB are considered. Both structural sizes increase with decreasing
nominal strain amplitude (Fig. 4). For the smallest nominal strain amplitude at
a radius of 1 mm the average grain size (HAGB, ≥15◦ boundary misorientation)
became more than 6 times larger compared to the initial steady state structure. It
should be noted that the measured structural sizes delineated by HAGB can only be
considered as a lower bound, as the edge grains of the scan have exceeded the EBSD
scan size and were therefore cut off. The scanning area chosen reflected a compromise between retaining sufficient resolution to detect small grains and minimizing
scanning time to avoid sample drift.

Figure E.4 During cyclic loading the structural size calculated for boundary misorientation
≥15◦ (HAGB, filled symbols) and subgrains (2-15◦ boundary misorientation, open symbols)
significantly increases inside the shear band (red rhomboids). Even outside the shear bands
(blue circles) slight coarsening can be noticed. Grain sizes for the as-HPT deformed starting
material are given for comparison (black squares).
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E.3.4 Crystallographic orientation
The full crystallographic information of the EBSD scans taken from areas outside
and inside of the shear band (Fig. 3b-c) allows for an analysis of orientation changes
induced by CHPT. For an easier interpretation the data are plotted in inverse pole
figures (IPF) in two directions (tangential, torsional, compare TAN and TOR in inset
of Fig. 1) instead of ODF sections. Figures 5 and 6 show IPF maps for the as-HPT
deformed structure (TAN in Fig. 5a, TOR in Fig. 6a) and for the same structure
subjected to CHPT inside (TAN in Fig. 5b, TOR in Fig. 6b) and outside of the
shear band (TAN in Fig. 5c, TOR in Fig. 6c) at different disc radii, respectively.

Figure E.5 Inverse pole figure (IPF) maps from (a) the as-HPT deformed structure (first
image) were compared to the cycled structure (b) outside and (c) inside of the shear band
(first row each) with respect to the tangential (TAN) direction of the HPT disc. Further the
IPF maps were weighted by the size (marked by sw ) of the analyzed grain (second image in
(a) and second row each in (b-c). The dot size scales with the size of the analyzed grain.

Each data point in the conventional IPF maps (not marked by sw in Fig. 5 and Fig.
6) corresponds to the crystallographic orientation of one analyzed grain. Addition-
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ally, each of these data points can be weighted by the size (sw ) of the corresponding
grain, with larger dot sizes corresponding to grains of larger size (marked by sw for
size-weighted in Fig. 5 and Fig. 6).

Figure E.6 Inverse pole figure (IPF) maps from (a) the as-HPT deformed structure (first
image) were compared to the cycled structure (b) outside and (c) inside of the shear band
(first row each) with respect to the torsional (TOR) direction of the HPT disc. Further the
IPF maps were weighted by the size (marked by sw ) of the analyzed grain (second image in
(a) and second row each in (b-c). The dot size scales with the size of the analyzed grain.

The monotonically deformed steady state structure exhibits a typical shear texture
observed for medium or high stacking fault energy fcc metals [31, 32] (TAN in Fig.
5a and TOR in Fig. 6a). The shear texture is not very pronounced although h110i
directions align parallel to the shear direction (TAN direction) and {100} planes
(TOR direction) are preferred, corresponding to the ideal texture components of
shear [33]. Similar trends can be observed in the size-weighted IPFs, from which it
is clear that large grains have a higher tendency for these orientations. After CHPT
the crystallographic orientation outside the shear band (TAN in Fig. 5b and TOR
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in Fig. 6b) progressively changes to some extent with increasing HPT disc radius.
For larger radii, thus higher nominal strain amplitudes, [101] orientations become
more intense in tangential direction and {001} and {111} in torsional direction
especially for larger grains (see sw IPF in Fig. 5b and Fib. 6b). In tangential
direction inside the shear band (Fig. 5c) a preference for [110] and [112] directions
parallel to the shear direction is visible in the IPFs. The major difference from the
as-HPT deformed structure is the reduced number of analyzed points in the sizeweighted IPFs due to grain coarsening and therefore a reduction in the number of
analyzed grains. However, compared to the region outside the shear band and the
monotonically deformed sample a clear preference of {111} planes parallel to the
shear plane can be noticed (Fig. 6c).

E.4 Discussion
Two types of structural instabilities developed during CHPT of high purity UFG
Ni: i) coarsening of the initially UFG grained structure and ii) formation a shear
bands. The first case has been reported frequently for NC and UFG metals not
only under fatigue [1, 14, 16-18, 34-37] but also under static loading conditions for
a variety of materials [5-12, 38-40]. The formation of shear bands has also been
observed macroscopically at the surface [14, 15, 19, 24-27, 34] and in the sample
interior of cyclically deformed materials [29]. However, the combination of both instability mechanisms namely the observation of grain coarsening within shear bands
has been shown for the very first time by Höppel et al. [19] and could be confirmed
in this study. Although possible a persistent instability type of these fine scaled
structures for specific loading situation or materials was not reported. Thus, it remains unclear why and how these instabilities form and develop. The use of CHPT
allows the tracking of the evolution of such instabilities, as the experiment is not
restricted by the rupture of the fatigue sample. The main questions to be answered
are the driving forces for grain growth, why do shear bands form and how the loading
conditions affect the occurrence and development of these instability mechanisms.
Only a thorough understanding of these fundamental points will allow to develop
nanostructured materials being resistant against the formation of such instabilities.
As mentioned, shear band formation can be frequently observed in nanostructured
materials, but also during deformation of coarse grained materials, see for example
[41, 42]. In any case a shear band reflects a strain localization, which can be further
promoted in case of limited work hardening, such as for severely deformed materials.
Although generally there can be various reasons for shear band formation [43], for
cyclic deformation of UFG structures it appears that grain coarsening causes local
softening. The microhardness measurements of CHPT samples show that grains
and subgrains can grow up to about 2000 nm and 880 nm, respectively, leading to
a drop in the microhardness of 20%. Two explanations for the shear band initiation
could be imagined: i) grains coarsen as a response to cyclic deformation causing
local softening and thereby promote strain localization in these softer regions or ii)
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due to the stress- and strain concentration at the edge of the HPT disc a shear localization develops through the middle of the disc, thereby amplifying grain growth
within this region. Similar explanations for case i) already exist to describe instabilities in cyclically deformed coarse grained materials, where persistent slip bands
develop above a certain strain amplitude [44]. These structures consist of channels
of low dislocation density, thus softer regions, where dislocations can realize the
cyclic strain more easily by moving forth and back. A similar explanation for the
simultaneous occurrence of shear bands and grain coarsening in cyclically loaded
UFG Al was utilized earlier by Höppel et al. [19]. The evolution of shear bands was
attributed to the local softening induced by growth and rotation of adjacent grains.
On the other hand, case ii) cannot be neglected as from Fig. 1 it is evident that
the shear band formation will start at the disc edge, a location of maximum strain
concentration, and develop almost completely through the middle of the disc after
50 cycles of deformation. Additionally, grain coarsening does also occur outside of
the shear band, though less pronounced, but does not result in the formation of a
large scale shear band. Thus, a conclusion about the exact mechanism generating a
shear band cannot be drawn so far.
However, it is evident that grain coarsening is distinctively amplified in the shear
band region. It is shown in Fig. 4 that grain growth occurs inside and outside of
the shear band, but the grain size (HAGB, ≥15◦ boundary misorientation) within
the shear band is more than 5 times larger than outside of it. As the starting grain
size, the flow stress, texture and boundary characters of the monotonically deformed
UFG Ni will be similar before CHPT, but the strain is localized in the shear band,
it is evident that grain growth is enhanced significantly by the cyclic strain. The
importance of the cyclic strain found in this study is deviating from earlier studies
about shearstress coupled boundary migration [7]. In-situ TEM tension experiments
at elevated temperatures on UFG Al revealed a migration of a HAGB immediately
after a stress increment. However, this argument does not hold for grain growth
during CHPT as the same stress is initially applied over the disc height, yet grain
growth is concentrated in the middle of the disc (Fig. 1, 3, 4). Even though at
higher cycle numbers the local stresses will become higher in the outer regions due
to the somewhat smaller grains, the coarsening process is still accelerated in the
middle of the disc. The importance of the strain for grain coarsening has also been
shown in static tensile experiments on nanogradient structures [39] and in cyclic micro bending experiments [18]. There it was reported that in UFG structures grain
growth proceeds by a continuous migration of HAGBs, which can be also assumed
to occur for torsional cyclic deformation. Because the IPFs in Fig. 5 and Fig. 6
show the presence of ideal shear texture components outside and inside of the shear
band after CHPT [32, 33], dislocation based plasticity will prevail and their interactions with grain boundaries may induce the migration of the boundary. Therefore,
grain coarsening in UFG structures induced by cyclic loading cannot be explained
by recrystallization as suggested in earlier works [1], as different texture components
would have to appear.
Coarsening within the shear band occurred preferentially in grains having their (111)
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plane oriented parallel to the shear plane (torsional direction) and the [110] direction parallel to the shear direction (tangential direction, see Fig. 5c and Fig. 6c).
Compared with earlier studies on torsional deformation of Toth et al. [33] this
crystallographic orientation requires the activation of only one single slip system
to realize the torsional strain. Grains with this orientation can probably accommodate the intense cyclic strain within the shear band in a more efficient manner.
Thus, enhanced plasticity might occur in these grains. The repeated interaction of
dislocations with grain boundaries might induce the continuing formation of disconnections [45] whose motion will cause migration of corresponding grain boundaries
leading to grain coarsening. Similar reasons may explain also frequent occurrence of
coarsened grains with their [112] direction parallel to the shear direction. Although
this texture component requires the activation of a second slip system, these slip
systems are coplanar and possibly induce less dislocation interaction than for the
other orientations, making this orientation also preferable for cyclic slip. In regions
outside the shear band (Fig. 5b and Fig. 6b) only microplasticity is assumed to take
place, which could explain the retention of the monotonic torsional texture components. Coarsened grains in the region outside the shear band at radius 4 mm have a
tendency for (100) planes parallel to the shear plane and the [110] direction parallel
to the shear direction. This ideal orientation known as “C“ component requires
the activation of two non-coplanar slip systems. This may induce more dislocation
interactions, thus, reducing interaction of dislocations with grain boundaries.
As the strain seems to accentuate the coarsening process, it is necessary to discuss
the effect of the strain amplitude as well. A comparison of the grain coarsening inside
and outside the shear band suggests that larger strain amplitudes cause enhanced
grain growth. However, within the shear band grains at smaller radii, i.e. reduced
nominal strain amplitude, grow larger in size than at the edge of the disc (Fig. 4),
contrary to what would be expected. It is important to note that the effective strain
amplitude within the shear band will differ remarkably from the nominal one due to
the varying thickness of the shear band. To estimate the effective strain amplitude
within the shear band we assume the plastic strain to be entirely concentrated in
the shear band and the matrix outside the shear band to deform microplastically.
As grain growth outside the shear band is not pronounced (Fig. 4), this estimation
should yield reasonable values. The local strain amplitude can then be calculated by
normalizing the nominal strain amplitude by the shear band thickness, see Eq. 1 in
that case with t = t SB . This yields for 50 loading cycles to local strain amplitudes
inside the shear bands of 0.50, 0.56, 0.63 and 0.65 at HPT disc radii of 1, 2, 3 and
4 mm, respectively. Although under this considerations the local strain amplitude
differences are less pronounced compared to the nominal ones (see Tab. I), they still
increase with increasing radii. Nevertheless, observing larger grain sizes at smaller
strain amplitudes upon CHPT is not contradictory with the observations that the
coarsening process is primarily strain driven at low temperatures. Earlier results
of CHPT deformed nickel and iron [30] have already shown that for large strain
amplitudes (ǫa,pl ∼ 1), the structural size will be smaller at higher applied strain
amplitudes. This trend has been explained with the understanding that at such
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large strain amplitudes present also within the shear bands structural refinement
will occur as in monotonic HPT, thus subduing the coarsening process. Of course,
this effect will diminish for small strain amplitudes as usually applied in LCF experiments (ǫa,pl ∼ 0.001 0.01) and the frequently observed trend of an amplifying
effect of the strain amplitude on the coarsening process [15, 16] will prevail.
As mentioned earlier, distinct cyclically induced softening of about 20% occurs in
the region of the shear band. This is attributed to the pronounced growth of grains
and subgrains in the presence of strain localization. A reduction of the dislocation
density within grains may take place, but will not contribute to a significant decrease
in microhardness [31]. The evolution of the hardness does not show a correlation
with the nominal strain amplitude in contrast to the grain size (HAGB, ≥15◦ boundary misorientation in Fig. 4). Their exceptional growth of more than 6 times at
a radius of 1 mm does not correlate to the drop of 50 HV in microhardness. The
moderate size dependence of subgrains on the nominal strain amplitude and their
less pronounced coarsening suggests that the subgrain boundaries are the crucial
barriers for dislocations and therefore govern the materials strength.

E.5 Conclusion and outlook
Cyclic high pressure torsion experiments were performed on UFG Ni samples and
led to the observation of cyclic instability mechanisms, namely shear banding and
grain coarsening. The goal of the present investigation was to show the details
of the evolved grain size, texture, boundary structure within a shear band and
outside of it for a defined number of loading cycles (N = 50) and consequences
with respect to cyclic grain coarsening. The experimental setup prevents fatigue
crack initiation and rupture due to a sample constraint in principle up to infinite
accumulated strain. Therefore, the cyclic softening portion stemming solely from
grain coarsening could be quantified and was measured by a drop of 20% in the
microhardness due to a grain size and subgrain size increase of more than 6 and 3
times, respectively. Furthermore, it was found that grain coarsening is distinctively
amplified in regions of shear localization, strengthening the concept of deformation
driven boundary migration. This was supported by IPF maps revealing the evolution
of shear texture components with increasing cyclic strain.
Details to the evolution of the shear band width as a function of loading cycles
and the maximum applied shear strain, i.e. applied angle amplitude, the effect of
temperature and initial structure are the subject of ongoing investigations.
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Abstract
The fracture toughness and deformation behavior of heavily deformed pearlitic steels
are investigated. A strong anisotropy of the fracture toughness and the plastic
deformation behavior with respect to the lamellar orientation has been observed.
The consequences of this anisotropy for processing and application as well as for the
limits in strengthening are discussed.

F.1 Introduction
Eutectoid and hypereutectoid pearlitic steels are commonly used in industry. For
example, nearly all of the rail steels have a fully pearlitic microstructure. Heavily
cold drawn pearlitic wires are the standard materials for cable wires from suspension
bridges, steel cord wires for tires or the steel strings for musical instruments. In the
last decades a significant increase in strength of such cold drawn pearlitic wires has
been obtained [19]. Exceeding 6 GPa strength in tension, such wires have further
enhanced the interest in this classical structural material. In these wires the tensile
strength has now reached about 1/3 of the theoretical limit and is significantly
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higher than of all other currently used structural materials. Additionally, it is a
model material for material scientists to clarify how the theoretical limit of strength
of other metallic materials can be obtained.
Our interest in the last few years was devoted to the analysis of the evolution of
fracture toughness as a function of cold deformation and the study of the anisotropy
in the deformation behavior and ductility of the nanolamellar arrangements of ferrite
and cementite. The goal of the present paper is to summarize these new findings
and to discuss the impact of these results with respect to the limits for processing
and strengthening.

F.2 Fracture toughness as a function of cold working
For the processing, as well as for the in-service use of pearlitic steels, the evolution of
ductility and fracture toughness as a function of strain are essential parameters. The
special importance of fracture toughness and its anisotropy for ultra-strong materials
has been discussed recently in [10-12]. In this section the evolution of the fracture
toughness as a function of strain of High Pressure Torsion (HPT) deformed pearlitic
steels and of cold drawn wires are summarized. For more details, see [10,12].

Figure F.1 Scanning electron microscope images of (a) the undeformed state, (b) at an
equivalent strain of ǫ = 2, (c) ǫ = 8, (d) ǫ = 16 and (e) transmission electron microscope
image at ǫ = 16.

The HPT processed pearlitic steel was an R 260 with a chemical composition of 0.76
wt% C, 0.35 wt% Si, 1 wt% Mn, 0.017 wt% P and 0.014 wt% S. Figure 1 contains the
scanning electron microscope (SEM) and Transmission Electron Microscope (TEM)
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images of the undeformed and the HPT deformed microstructure for different equivalent strains looking into the radial direction of the HPT sample. The size of the
pearlite colonies in the undeformed material is in the range of 10-20 µm and the
colonies are randomly oriented (figure 1a). Within the colonies the cementite lamellae spacing is in the undeformed state about 200 nm. With increasing strain the
lamellae align parallel to the shear plane and the lamellar spacing decreases. The
with the imposed strain path unfavorably aligned lamellae become heavily bent and
broken into smaller pieces, which align with further shearing (figure 1b). At equivalent stains larger than 8 the lamellae are almost fully aligned (figure 1c).
At an equivalent strain of 16 the lamellar spacing is reduced to 15-20 nm as observed in the SEM (figure 1d) and TEM micrograph in figure 1e. In figure 2 the
corresponding increase of hardness as a function of strain is plotted. The refinement of the microstructure is reflected in the change of the hardness. It increases
strongly from 270 HV in the undeformed state to 770 HV at an equivalent strain of
∼16. Along with the microstructural changes several studies have proven a distinctive change in the chemistry of the cementite phase leading to a non-stochiometric
composition and a supersaturation of the ferrite phase. Therefore, the classical description of heavily deformed pearlite as “ferrite-cementite“ composite is not fully
straightforward [13-15].

Figure F.2 Evolution of Vickers microhardness with increasing equivalent strain from [10].

Compact tension (CT) specimens for fracture toughness measurements are machined
from the HPT samples deformed to different numbers of rotations. Depending on
the number of rotations and the sample extraction radius the fracture toughness can
be measured as a function of equivalent strains. The miniaturized CT specimens
had a width of 5.2 mm and a thickness of 2 mm. The fracture toughness for the
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three different crack plane orientations labelled as A, B and C were investigated, [10]
figure 3. In the samples with orientation A, the crack plane is parallel to the shear
plane and the propagation direction is in tangential direction of the HPT sample
or parallel to the shear direction. For orientation B, not presented here, the crack
plane is perpendicular to the shear plane and the desired crack growth direction is
in the axial direction of the HPT sample, or perpendicular to the shear plane. For
orientation C the crack plane is perpendicular to the shear plane as in orientation
B, but the crack propagation direction is in the radial direction of the HPT sample.
The fracture toughness results for orientations A and C are summarized in figure 3.
With increasing equivalent strain a significant anisotropy of the fracture toughness
develops. For orientation A the fracture toughness decreases at smaller shear strains
very quickly and reaches a nearly constant low value at higher strain levels, which is
only slightly larger than the fracture toughness of a ceramic. For crack orientation C
the fracture toughness increases for lower strains, but decreases at higher strains to
values similar to the undeformed material (about 40 MPa m1/2 ). Fracture toughness
values of orientation B, not shown in figure 3, lie between those of orientation A and
C. However, the crack immediately deflects into the shear plane (perpendicular to
the actual crack plane), and follows the direction of lowest toughness. Therefore,
these values do not characterize the Mode-I fracture toughness and correspond only
to a lower limit for this loading case.

Figure F.3 Fracture toughness evolution with increasing pre-deformation, thus, equivalent
strain, for two different loading directions: pre-crack parallel (orientation A, black dots) and
perpendicular (orientation C, open triangles) to the lamellar alignment from [10].

Similar fracture toughness experiments have been performed on heavily cold drawn
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pearlitic wires [12]. The chemical composition of this hypereutectoid steel was Fe,
0.98 wt.% C, 0.31 wt.% Mn, 0.2 wt.% Cr, 0.006 wt.% P and 0.007 wt.% S. Two
wires cold drawn to a true strain of 3.1 and 6.52 with an ultimate tensile strength
of about 4 and 6.5 GPa, respectively, were investigated. The diameter of the wires
was 120 µm and 24 µm, respectively. Again the anisotropy of these wires has been
investigated. The microstructure in the view perpendicular to the drawing direction
is very similar to the HPT microstructure perpendicular to shear plane. The thicker
wire (ǫ = 3.1) has a lamellar spacing similar to the HPT sample with ǫ = 16 (figure
1d-e). In the thinner wire (ǫ = 6.52) the microstructure is significantly finer. The
microstructure in the view of the drawing direction is very different to the HPT
deformed microstructure, showing a characteristically curled microstructure. For
more details regarding the microstructure and tensile properties of these wires see
[9].
Table F.1 Fracture toughness values for a pearlitic wire drawn to ǫ = 3.1 (low deformed)
and ǫ = 6.52 (high deformed). Pre-cracks were introduced parallel and perpendicular to the
lamellae orientation [12].

Specimen
low deformed-1
low deformed-2
high deformed-1
high deformed-2

KIC,parallel
(MPam1/2 )
5.1
4.9
3.7
3.8

KIC,perpendicular
(MPam1/2 )
40.1
42.5
(19.7)
(21.1)

In order to measure the fracture toughness micrometer-sized cantilevers with the
crack propagation direction parallel to the drawing direction and single-edge-notched
tension samples for crack propagation perpendicular to the drawing direction were
tested. The measured anisotropy of the fracture toughness values of the thicker wire
(ǫ = 3.1) are comparable to the HPT samples deformed to high strains (compare
Table 1 and figure 3). The low fracture toughness in the drawing direction (parallel
to the lamellae) is comparable or somewhat larger than the lowest values measured
parallel to the shear plane of the HPT sample (orientation A). In both cases this
is the brittle loading direction. The measured fracture toughness for orientation C
of the HPT-processed material is similar to the crack plane perpendicular to the
drawing direction in the wire and is in both cases distinctively higher. For both
processing techniques this is the ductile loading direction. For the thinner wire
(ǫ = 6.52), the material with the highest tensile strength, the fracture toughness
decreases somewhat for the crack propagation direction in the drawing direction, but
more significantly in the crack propagation direction perpendicular to the drawing
direction. Thus, a pronounced anisotropy of the fracture toughness remains. The
reason for the pronounced anisotropy in the HPT-processed material and the drawn
wires are clearly visible from the fractographs in figures 4 and 5, for the brittle and
the ductile loading direction, respectively. In all cases the transition from the pre-
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crack to the overload fracture is depicted. For the crack propagation parallel to the
shear plane and the drawing direction, which is in both cases the brittle direction,
a debonding of the aligned lamellar structure is evident (figure 4). In addition, the
difference in the lamellar arrangement between HPT and wire drawing namely the
planar or curled microstructural arrangement is reflected by the topography of the
fractographs.

Figure F.4 SEM images of the fracture surfaces with the pre-crack parallel to the lamellae,
thus parallel to (a) the HPT shear plane (orientation A) [10] and (b) the wire axis [12].

Contrary for orientation C in the HPT sample and the crack orientation perpendicular to the drawing direction of the wire (figure 5) the formation of delaminations
results in a reduction of the triaxiality in front of the crack and permits a ductile
failure. For further details see [10,12].

Figure F.5 SEM images of the fracture surfaces with the pre-crack perpendicular to the
lamellae, thus (a) along the radial direction of the HPT disc (orientation C) [10] and (b)
perpendicular to the wire axis [12].

F.3 Effect of the lamellar arrangement during compression
loading
In order to compare the mechanical behavior of an undeformed and heavily cold
worked lamellar “ferrite-cementite“ arrangement micromechanical experiments with
about 3 x 3 x 6 µm3 sized micro pillars have been performed. The details of this study
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are described in [16]. A fully pearlitic rail steel R260 with a chemical composition
as described in section 1 was used. As already mentioned the lamellar spacing in
the undeformed pearlite is about 200 nm (see figure 1) and a colony size of 10-20
µm. To study the orientation dependency of such lamellar composites on the plastic
deformation, the sample size for the undeformed pearlite has to be significantly
smaller than the colony size. The heavily deformed samples were taken from a HPT
sample in a region with an applied strain of 14.8, the lamellar spacing was in this
case about 15 nm. For better comparison, both the undeformed and the heavily
deformed samples had about the same dimensions. All samples have been machined
by focused ion beam (FIB) milling. For each material, three loading conditions,
schematically depicted in figure 6 have been investigated to study potential plastic
anisotropy.

Figure F.6 Schematic diagrams of the principal compression directions (normal, parallel,
inclined) with respect to the ferrite and cementite lamellae alignment.

The loading directions are denoted as parallel (parallel to the aligned lamellae),
normal (perpendicular to the ferrite and cementite lamellae) and an inclined loading
direction between these two extrema (inclination angle of about 45◦ ). Measured
load-displacement curves, i.e. technical stress-strain curves, are presented in [16].
In figure 7 the characteristic features are replotted in a schematic diagram to point
out more clearly the differences in the deformation behavior, as a function of the
loading direction for the undeformed and heavily deformed pearlite.
Clearly evident is the enormous effect of HPT deformation, or in other words, the
reduction of lamellar spacing from about 200 nm to 15 nm on the mechanical behavior. Despite the significant differences in the flow stress of the two materials, there
are several similarities, but also some differences with respect to the orientation dependence. The inclined direction is for both microstructures always the softest. A
further pronounced similarity is the formation of only one (HPT pre-deformed to ǫ
= 14.8) or two (non pre-deformed) distinct and narrow shear bands for both lamellar
spacings in the normal loading direction, which are clearly visible in the SEM images
of the deformed samples in figure 8. The formation of these shear bands is associated
with a load drop. It seems that the realignment of the lamellar arrangement into the
shear direction, compare [16], causes initially some softening and when the lamellar
spacing is again sufficiently reduced, or the formed substructure is sufficiently refined (hardened), again a stable deformation takes place, by assumed a growing of
the size of the shear band. Common for all three orientations is the start of plastic
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Figure F.7 Schematic stress-strain curves from [16] (a) for the HPT processed state after
an equivalent strain of ǫ = 16 and (b) for the non HPT processed state, for the lamelllae
being aligned parallel, normal and inclined with respect to the loading direction.

yielding, which is for the undeformed state at somewhat below 500 MPa and the
nanolamellar (ǫ = 14.8) at about 2 GPa. However, it should be noted that the exact
determination of the onset of plastic yielding cannot be determined very precisely
in such micro-compression experiments.
For the parallel and the normal lamellae arrangements with respect to the loading direction, in the undeformed material the early pronounced hardening can be
explained easily by a composite model. The cementite behaves elastic and the ferrite already nearly ideal plastic during this first few percent of plastic deformation.
When the plastic deformation of the cementite starts, pronounced hardening diminishes or is even displaced by softening for the normal loading direction due to the
formation of a shear band.
In the heavily deformed material the parallel and normal orientations behave very
similar during hardening, which indicates that the composite model cannot be applied anymore. After the initial pronounced hardening regime at a flow stress of
about 3.5 GPa the parallel orientation exhibits a nearly ideal plastic behavior,
whereas the normal orientation shows softening due to the pronounced shear band.
The shape of the pillars after the compression experiment is compared in figure 8 by
one representative pillar for each loading direction and lamellar spacing. All samples
deform at higher strains on this scale in the form of shear or kink bands, but only
the normally oriented one deforms primarily in a single band.

F.4 Concluding remarks with respect to processing and
applications
The presented results have important consequences for the processing and applications, but also for the limits of obtainable strength and ductility of cold worked
pearlitic steels. There are a large number of papers dealing with the strength of
cold worked fully pearlitic steels, see for example [19]. In most cases it is assumed
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Figure F.8 SEM images of the undeformed (ultrafine-lamellar) and HPT pre-deformed
(nanolamellar) compressed micro pillars, with the lamellae aligned parallel, normal and
inclined with respect to the loading direction.

that the strength is a sum of different contributions, where the most important
assumed mechanisms are Hall-Petch or Orowan mechanism, dislocation hardening
and solution hardening by carbon dissolution [8]. To the authors✬opinion, at the
limit of strength of this type of materials not all of these mechanisms are of similar
importance. Although the micro-compression experiments provide some hints to
the hardening phenomena, in the present paper only the consequences for the cold
working and application are shortly discussed.
The anisotropy of fracture toughness is a common feature of many highly stressed
biomaterials like wood or bone. The exceptional properties in certain loading directions cannot be explained without this anisotropy. This is also the case for cold
drawn pearlitic wires, where the anisotropy in fracture toughness is a pre-request
for its exceptional combination of properties.
In the typical loading direction of the wires and sheets for technical applications or
the directions where the highest tensile deformation during the processing occurs,
the fracture resistance is high. It is exceptionally high if one takes into account the
strength of these materials [12]. In the directions where the stresses during application are low or during processing compressive stresses are present, the fracture
toughness is very low. Cracks on the microscale are unavoidable during processing
and in service. In the case of tensile loading of sheets or wires such cracks always
experience a high fracture resistance due to crack deflection or crack delamination.
The decrease in fracture toughness and the decrease in the anisotropy for cold drawn
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hypereutectoid steel wires with strengths above 6.5 GPa might be one of the main
reasons why it becomes more and more difficult to further deform such wires. An
important feature of the micro compression experiment was the pronounced formation of a single “macro“ shear band for the loading of the lamellar microstructure
in normal direction, i.e. compression loading perpendicular to the lamellar plane. A
consequence of this anisotropy in the shear localization seems to be responsible that
during rolling the occurrence of macro shear bands at higher strains is much more
pronounced than during wire drawing.
From simple geometric considerations in rolling the lamellae become nearly perfectly
aligned to the rolling plane at strains of about 1.5. Such an arrangement is very
sensitive to form localized macro shear bands, see figure 9, whereas during wire
drawing a curled arrangement of the lamellae develops being less sensitive to macro
shear bands. Hence, it seems to be easier to reduce the lamellar spacing in wire
drawing than in sheet rolling without failure.

Figure F.9 Optical micrograph of a pearlitic steel (R260) cold rolled at 298 K to a logarithmic thickness reduction of ϕ = 1.5. Marcroscopic shear bands are clearly visible in the
transverse section.

The shear deformation in HPT or on the surface of rails is realized by a relatively
homogeneous shearing. This shear deformation corresponds to deformation of the
inclined micro pillar, which has the lowest flow stress. Thus, in HPT or at the
surface of a rail the macro shear direction matches well with shear direction with
the lowest flow stress, shearing in any other direction would require higher shear
stresses. Hence, this anisotropy stabilizes the homogenous shear deformation during
HPT or the shear deformation near the surface of a rail.
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Abstract
Structural instabilities in UFG nickel introduced by cyclic deformation were studied systematically by cyclic high pressure torsion (CHPT), an alternative setup for
performing low cycle fatigue (LCF) experiments. Thereby, the grain structure was
altered similarly to conventional LCF testing by grain coarsening and shear band
formation. Different to conventional LCF testing, the large hydrostatic pressure
prevents fatigue induced damage of the samples, e.g. the formation of cracks. This
allows to study the development of these cyclically induced instabilities up to huge
amounts of accumulated cyclic strain. Additionally, it allows to measure the fraction of cyclic softening solely originating from the coarsening of the structure, not
accessible in conventional experiments. It is shown that grain coarsening in shear
bands progresses with increasing accumulated strain, although the resulting grain
size is further determined by the strain amplitude. Cyclic loading under cryogenic
conditions proved that thermal activation is not a prerequisite for grain boundary
migration and hence grain coarsening. Finally, a comparison of CHPT performed
on coarse grained and nanocrystalline materials revealed that the strain hardening
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capability of the coarse grained materials and its absence in the nanocrystalline material governs the tendency for strain localization within shear bands significantly.

G.1 Introduction
The refinement of metallic structures into the ultrafine-grained (UFG) and nanocrystalline (NC) regime is capable of increasing the monotonic but also the cyclic
strength tremendously [13]. Extensive research showed, that these materials are
perfect aspirants for the high cycle fatigue (HCF) regime, where only moderate
plastic strain amplitudes are applied due to their significant enhanced flow stresses.
However, when larger cyclic plastic strains have to be accommodated in such fine
scaled structures, they can be significantly altered by the formation of shear bands
or a coarsening of the structure [4]. Thus, in the low cycle fatigue (LCF) regime a
deterioration of the cyclic mechanical response is generally observed [4] affecting the
sustainability and therefore the reliability of these materials.
The appearance of cyclically induced shear bands is manifold, ranging from surface
features [511] to observations in the sample interior [12] over to a narrow appearance,
that can be more step-like [9] but also extrusion-like [5,6,9,10] or even flat, when consisting of coarsened grains [13]. The observations of coarsened grains within shear
bands turned out to vary strongly with the materials structure generated by the processing method [14]. Whereas for UFG copper processed by equal channel angular
pressing (ECAP) the shear band width was limited to a few coarsened grains, the
shear band width in aluminum was distinctly larger. In some cases, the grains within
the shear bands were found to become aligned along the shear direction [13]. In a
foregoing study on UFG Ni applied to cyclic torsional straining, grain coarsening
was reported to take place also outside the shear band [15]. Though, the coarsening
process was clearly accelerated within the shear band. There, grains tend to align
along crystallographic orientations preferred for cyclic slip.
Although the observation of amplified coarsening within shear bands emphasizes the
importance of cyclic strain in triggering the migration of grain boundaries [13-15]
most studies argue that a coupling of grain boundaries to shear stresses [16-20] account for grain growth, similar to observations in bicrystals [21,22]. Elsewhere, grain
coarsening upon LCF experiments has been found to correlate with a thermal activation, as it was more pronounced when the time for diffusion controlled processes
was increased [23]. Thus, different opinions about the driving forces exist, as a full
understanding of the coarsening process and its underlying mechanisms has still not
been achieved.
Deeper insights into the underlying mechanisms of grain coarsening were provided by
in-situ approaches conducted inside scanning electron microscopes (SEM) or transmission electron microscopes (TEM). Both enable to track deformation induced
structural changes as throughout the entire experiment the same sample area is
under investigation. In doing so in-situ SEM cyclic bending experiments revealed
that structural coarsening is caused by the continuous migration of high angle grain
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boundaries (HAGB) [24]. Thereby, larger grains tend to grow at the expense of
smaller grains, suggesting that the migration direction is governed by differences
in the strain energy density [25,26]. On an even smaller scale in-situ TEM straining experiments evidenced the crucial role of disconnections for boundary migration
[27]. Such boundary defects consist of a step associated with a grain boundary dislocation and will be continuously produced by the interaction of lattice dislocations
with grain boundaries [28].
Although, these type of experiments reveal unique insights into the basic grain
growth mechanisms they also have limitations, in especially concerning investigations on the shear banding mechanism. TEM experiments are restricted to a very
small investigated sample volume and as the initiation sites for shear bands cannot
be predicted they can be easily overlooked with this method. Further, it seems that
the formation of shear bands is not possible in small sample volumes such as micron
sized cantilevers [24]. They require sample volumes on the macroscopic scale which
excludes in-situ approaches utilizing micron and submicron sized samples.
In order to study the development of shear bands and their evolution with strain a
different experimental approach is necessary. In a previous work [15] cyclic high pressure torsion (CHPT) on UFG Ni has been found to reproducibly initiate shear bands
coupled to cyclically induced grain growth. The main advantage of this methodology
is the prevention of cyclic damage, i.e. fatigue crack initiation by the applied hydrostatic pressure. Contrary to conventional fatigue experiments the infinite sample life
time therefore allows to track the evolution of the shear bands and grain coarsening
up to huge accumulated cyclic strains, being in the focus of this study. Only such
detailed studies are able to decouple the various parameters that may influence cyclically induced instabilities, impossible with conventional testing routes. The different
materials and testing parameters used in studies so far may explain the different results and ideas of the vast number of studies outlined before. A systematic study on
the influence of experimental parameters such as the strain amplitude, accumulated
strain and temperature will be presented. Furthermore, also material parameters
like crystallography, grain boundary type and starting grain size will be evaluated
with respect to structural instabilities. This systematic study and the variation of
influencing parameters will allow for the first time to gain insights into structural
instabilities and their underlying driving forces in such UFG and NC materials.

G.2 Experimental
To study cyclically induced structural changes high purity nickel (99.99%) was used
as a model material as the relatively high melting point allows to study the cyclic
deformation behavior at low homologous temperatures (about 0.16 at room temperature). The UFG structure was synthesized by applying monotonic high pressure
torsion (HPT). Discs with 10 mm in diameter and 0.8 mm in thickness, t, were
used. The coarse grained nickel was deformed for 15 revolutions, n, resulting in an
equivalent v. Mises strain, ǫeq , of 340 at an HPT disc radius, r, of 5 mm according
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to Eq. 1:
2πrn
ǫeq = √ .
(G.1)
3t
This strain is sufficient to obtain a constant grain size along the HPT disc radius,
except for the very center of the sample (r < 0.5 mm). The steady state structure
exhibits an equiaxed structure in tangential (TAN) viewing direction of the HPT disc
(Fig. 1a). The grain and subgrain size was calculated from electron back scatter
diffraction (EBSD) data to be 317 nm and 269 nm (area weighted), respectively,
yielding a microhardness of about 300 HV. For more details on the HPT setup used,
see [29,30].
To compare the effect of different starting grain sizes on the evolution of structural
instabilities upon cyclic loading in addition to the UFG structures coarse grained
(CG) high purity nickel (99.99%) and nanocrystalline (NC) nickel were used (Fig.
1b-c). For the CG structure the as-received materials was annealed for 1 hour at
973 K. It should be noted that the CG and UFG material were produced from the
same rod and are of same purity (99.99%). The NC nickel of commercial purity was
processed by electrodeposition resulting in a mean grain size of 22 nm [31].

Figure G.1 Initial microstructure of the cyclically torsioned samples a) UFG Ni, b) CG Ni
and c) NC Ni [31].

Cyclic high pressure torsion (CHPT) was used as an alternative assessment for
displacement controlled fatigue. As mentioned before, this setup suppresses damage
evolution, e.g. roughening and cracking, during the deformation experiment due to
the applied hydrostatic pressure. The sample initially processed by monotonic HPT
is left inside the sample anvils for the UFG condition, as the fatigue experiments
can be performed immediately afterwards. The setup is similar to conventional HPT
except for the requirement of an additional control unit, allowing for a change of
the rotation direction of the lower HPT anvil after a desired twist angle, Θ. A long
rod with permanent magnets on its end is mounted to the lower anvil, which rotates
between two Hall sensors, activating them once the chosen twist angle is reached
and forcing the motor of the HPT tool to change its rotation direction. Further, the
number of cycles, which should be imposed to the sample can be set. The rotation
speed was 0.2 rotations per minute.
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By adjusting the twist angle, Θ, during CHPT the nominal strain amplitude can be
calculated following Eq. 2
2πr Θ
ǫa = √
3t 360◦

(G.2)

According to Eq. 2, the strain amplitude varies along the HPT disc radius, but
also for samples of different thicknesses. The three different used parameters are
summarized in Table 1.
Table G.1 The nominal strain amplitude, ǫa,nom , increases along the HPT disc radius
depending on the HPT twist angle and the HPT disc thickness according to Eq.2.

HPT
angle

twist

5◦
5◦
1.25◦

HPT
disc
thickness
0.80 mm
0.65 mm
0.80 mm

ǫa,nom at HPT disc radius
1 mm
0.06
0.08
0.03

2 mm
0.13
0.16
0.06

3 mm
0.19
0.23
0.09

4 mm
0.25
0.31
0.12

The accumulated strain can be adapted by changing the number of cycles, N, according to Eq. 3
ǫacc = 4N ǫa

(G.3)

For this study various parameters that could influence shear band formation and
grain growth were systematically studied, e.g. strain amplitude, accumulated strain,
temperature. All analyzed conditions are summarized in Table 2.
Table G.2 Overview of the different experimental conditions used during cyclic deformation
of three different initial structures.

HPT
angle
5◦
5◦
1.25◦

twist

HPT
disc
thickness
0.80 mm
0.65 mm
0.80 mm

5◦
5◦

0.80 mm
0.80 mm

5◦

0.80 mm

Number of
cycles
50, 250, 1000
5, 4900
25, 250, 1000,
4000
50, 500
100,
250,
1000, 5000
50, 250

Starting
material
UFG
UFG
UFG

Temperature

UFG
CG

-77 K
273 K

NC

273 K

273 K
273 K
273 K
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G.3 Results
G.3.1 Shear band evolution in UFG structures with increasing strain
A previous study [15] revealed the development of a shear band in UFG nickel during
CHPT with 5◦ twist angle for 50 cycles. Back scatter electron (BSE) images show
the entire sample height (Fig. 1 in first row, reprinted from [15]) and reveal a shear
band traversing the entire HPT disc, which is visible by the brighter contrast in
the middle. It was shown that compared to the initial UFG structure within the
shear band has coarsened significantly and the grains are elongated along the shear
band direction, whereas outside of the shear band an equiaxed structure, which only
slightly coarsened, prevails [15]. The thickness of the shear band, tSB , (Tab. 3 and
Fig. 2) does not only increase along the HPT disc radius, thus, with increasing
nominal strain amplitude, but also by an increase of the cycle number, thus, with
increasing accumulated strain. The presence of a shear band and the softening due
to grain coarsening will localize the cyclic deformation within this region. The strain
localization in just a certain thickness of the HPT disc results in higher local strain
amplitudes within the shear band, but due to its wedge-like shape also in smaller
differences of the local strain amplitude over the HPT disc radius. The local strain
amplitude can be estimated by normalizing the nominal strain amplitude by the
shear band thickness setting t = tSB in Eq. 2, given exemplarily for the 50 and 100
times cycled sample in Table 3.

Figure G.2 BSE images of initially UFG Ni a) cycled for 50 times at 5◦ twist angle reveal a
wedge-shaped shear band located in the center of the HPT disc, which is brighter in contrast
[15] and b) which grows in thickness when the cycle number is doubled to 100 times.

G.3.2 Microhardness and structural evolution with accumulated strain
for different strain amplitudes
To study the evolution of grain growth and cyclic softening with increasing accumulated strain samples cycled for 5, 50, 250 and 1000 times at a twist angle of 5◦ were
investigated by microhardness measurements and EBSD scans. Focusing first on the
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Table G.3 Nominal strain amplitudes, ǫa,nom , thickness of the shear band, tSB , as marked
in Fig. 2 and estimated local strain amplitudes inside the shear band, ǫa,loc , are calculated
for different HPT disc radii for samples cycled for 50 and 100 times at 5◦ twist angle. The
local strain amplitude is calculated with Eq. 2 by setting t = tSB and is enhanced due to
the strain localization, but does not differ significantly over the HPT disc radius.

HPT disc radius
(mm)
1
2
3
4

ǫa,nom
(-)
N50
N100
0.06
0.13
0.19
0.25

tSB
(µm)
N50
N100
100
180
180
260
240
330
310
360

N50
0.05
0.56
0.63
0.65

ǫa,loc
(-)
N100
0.28
0.39
0.46
0.56

shear band region a nearly constant distribution of the hardness along the HPT disc
radius can be observed for all cycle numbers (Fig. 3a). The microhardness drops
from 301 HV for the UFG starting material to average values of 272 HV, 254 HV,
252 HV and 217 HV after 5, 50, 250 and 1000 cycles, respectively. The continuous
cyclic softening is a consequence of the ongoing structural coarsening with increasing
cycle number confirmed by the EBSD scans taken at an HPT disc radius of 4 mm
(Fig. 3b).

Figure G.3 Evolution of (a) the microhardness along the HPT disc radius, (b) the grain
structure in representative EBSD scans taken at r = 4 mm and (c) the corresponding
crystallographic orientations in IPFs calculated for the tangential and torsional direction for
UFG samples subjected to CHPT at 5◦ twist angle for 5, 50 [15], 250 and 1000 times.

Grain (>15◦ boundary misorientation) and subgrain sizes (2-15◦ boundary misorientation) were calculated from EBSD data inside and outside of the shear band (Fig.
4). As their evolution along the HPT disc radius was nearly constant (compare exemplarily Fig. 8 for 5◦ twist angle and 5 cycles, first row) only the average values are
plotted as a function the cycle number. For both, grains and subgrains, a coarsening
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is observed, which is weak outside the shear band (Fig. 4b, compare EBSD data in
Fig. 5a taken at r = 4 mm) and pronounced inside the shear band (Fig. 4a, compare
EBSD data in Fig. 3b). Both sizes increase steadily with the cycle number, thus
accumulated strain. Note that calculations of the grain size for the samples cycled
1000 times can be considered only as a lower bound as the grains already exceed the
size of the EBSD scan size. However, larger scan sizes were not accessible in order
to ensure a sufficient resolution for still small grain sizes in a reasonable scanning
time, necessary to avoid drift issues. In addition inverse pole figure (IPF) maps were
calculated from the EBSD data taken at r = 4 mm inside (Fig. 3c) and outside
(Fig. 4b) of the shear band to track any changes with respect to crystallographic
orientations. Inside the shear band a preference for {111} planes parallel to the
shear plane was observed with increasing accumulated strain. In shear direction
orientations from [101] to [112] are getting preferred with increasing accumulated
strain. Outside the shear band the crystallographic orientations remain relatively
similar to monotonic HPT conditions [26], although slightly intensified towards [101]
(001) with increasing accumulated strain.

Figure G.4 Calculations of grain and subgrain sizes (a) inside and (b) outside of the shear
band for UFG samples cycled at 5◦ twist angle for 5, 50 [15], 250 and 1000 cycles. Please
not different scale for grain (left) and subgrain sizes (right).

As mentioned earlier, due to the wedge-shaped evolution of the shear band differences of the nominal strain amplitude along the HPT disc radius were partly levelled
out. This makes it difficult to study the influence of the strain amplitude on structural evolution in more detail with a single HTP disc. Therefore, a different twist
angle of 1.25◦ was applied during CHPT, resulting in smaller nominal strain amplitudes as compared to the 5◦ twist angle. To compare samples deformed at different
nominal strain amplitudes but the same accumulated strains the number of cycles
were adjusted to 25, 250, 1000 and 4000 for 1.25◦ twist angle. Fig. 6 shows that for
the smaller strain amplitude the mechanical and structural evolution is qualitatively
similar, as the microhardness drops (Fig. 6a) and continuously grains grow within
a shear band (Fig. 6b).
However, comparing the microhardness levels of both samples at the same accumu-
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Figure G.5 (a) EBSD scans taken outside the shear band at r = 4 mm and (b) IPF maps
calculated for the tangential and torsional HPT disc viewing direction for UFG samples
cycled by 5◦ for 5, 50 [15], 250 and 1000 times.

Figure G.6 Evolution of (a) the microhardness along the HPT disc radius, (b) the grain
structure in representative EBSD scans taken at r = 4 mm and (c) the corresponding
crystallographic orientations in IPFs calculated for the tangential and torsional direction for
UFG samples subjected to CHPT at 1.25◦ twist angle for 25, 250, 1000 and 4000 times.
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lative strains, for instance 1.25◦ for 4000 cycles and 5◦ for 1000 cycles, shows that
hardness is lower for the smaller strain amplitude. Accordingly the grain and subgrain sizes measured from EBSD scans inside the shear band (Fig. 7a) were a bit
larger and about the same outside the shear band (Fig. 7b) for the 1.25◦ twist angle.
The evolution of the IPFs with increasing accumulated strains (Fig. 6c) follows in
principal of trend in the 5 samples, with a preference for {111} planes parallel to the
shear plane and a scatter between h101i and h112i for the shear direction. However,
the intensities are somewhat smaller as compared to 5◦ twist angle.

Figure G.7 Calculations of grain and subgrain sizes (a) inside and (b) outside of the shear
band for samples cycled at 1.25◦ twist angle for cycle numbers of 25, 250, 1000 and 4000
times.

Irrespective of the twist angle the structure does not change significantly along the
HPT disc radius, thus, with the nominal strain amplitude. This is clearly visible in
the EBSD scans of the sample subjected to only 5 cycles at 5◦ twist angle (Fig. 8,
first row). However, for the sample deformed to 4900 cycles the grain size changes
distinctly along the HPT radius (Fig. 8, second row).
Interestingly, the grains are finer at larger radii (r = 4 mm and ǫacc =6583) and
get coarser towards the disc center (r = 1 mm and ǫacc =1646). The gradient-like
evolution of the grain and subgrain size measured from the EBSD data is visible
in Fig. 9, where the largest grains exceed 10 µm in size at r = 1 mm, while at
r = 4 mm the grain size is only around 1.6 µm. Accordingly the microhardness
follows a similar but inverse trend, decreasing with increasing HPT disc radius from
184 HV at r = 1 mm to 267 HV at r = 4 mm. At these huge accumulated cyclic
strains the IPF maps calculated from the EBSD data have intensified their preferred
orientations towards {111} h101i (Fig. 8). The height of the overview EBSD scans in
the background equals the HPT disc thickness (Fig. 9). Still fine scaled regions can
only be seen in the disc center (r = 1 mm), whereas the rest of the sample consists
of uniformly coarsened regions only, which means that the shear band comprises the
entire sample volume for radii r > 1 mm.
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Figure G.8 IPF color maps and IPFs taken from the shear band region for samples subjected to 5◦ twist angle show a) a constant grain size along the HPT disc radius after 5
cycles and b) decreasing grain size with increasing HPT disc radius after 4900 cycles.

Figure G.9 Gradient of microhardness, grain and subgrain size along the HPT disc radius
after N = 5000 at Θ = 5◦ . EBSD scans in the background span the entire HPT disc height
and reveal only coarsened SB regions except for the very center of the HPT disc at r = 1
mm.
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G.3.3 Cyclic high pressure torsion of UFG structures at cryogenic
conditions
Similar as for the experiments at room temperature prior to CHPT the UFG structure was processed by monotonic HPT at 77 K. This resulted in a steady state
microhardness of 382 HV (Fig. 10), which is distinctively higher than the saturation
hardness of 301 HV achieved for deformation at room temperature (Fig. 3a and
5a). The microhardness scattered widely over the HPT disc for both cycle numbers.
This is due to the development of shear bands, thus several measurements were
taken inside the shear band and some outside (Fig. 10a). Inside the shear band
the microhardness values drop down to about 320 HV beyond an HPT disc radius
of roughly 3 mm, where the indents were placed inside the shear band. Similar to
room temperature experiments the shear band thickness increases from the center
towards the edge of the HPT disc exhibiting a wedge-like shape (Fig. 10b). Unlike
than at room temperature the shear band thickness did not increase significantly
with increasing cycle number, but their number multiplied. EBSD scans taken at an
HPT disc radius of 3 mm within the shear band reveal distinct grain growth compared to the cryogenic saturation regime. The calculated grain sizes were 199 nm
and 231 nm after 50 and 500 cycles of CHPT, respectively, showing that coarsening
proceeds with the accumulated strain.

Figure G.10 a) Microhardness is plotted for the initial UFG structure (black) processed
at 77K as well as for the CHPT deformed structures to 50 and 500 cycles at 77K (red). b)
BSE images along the HPT disc radii reveal formation of shear bands and c) a coarsening
inside of it compared to the starting grain size visible in the IPF color maps.

G.3.4 Effect of different starting grain sizes
So far the experiments focused on structural changes of UFG nickel subjected to
cyclic loading and the effect of deformation temperature. However, also the starting
grain size itself may, if varied significantly, influence the occurrence of shear bands

160

G.3 Results
or grain growth. To investigate this in more detail cyclically induced changes of the
UFG microstructure were compared to the structural evolution of initially coarse
grained and nanocrystalline nickel upon CHPT. EBSD scans of the cycled CG material (Fig. 11b) show a refinement of the structure with increasing HPT disc radius,
thus strain amplitude, after 100, 247, 1000 and 5000 cycles.

Figure G.11 a) The microhardness increases with the HPT disc radius after CHPT of the
coarse grained nickel in agreement with the refinement of grain and subgrain sizes. After
sufficient number of cycles similar crystallographic orientations as observed in the UFG
starting structure (Fig. 9) develop.

Most importantly structural modifications, i.e. the refinement of the structure, proceeds homogenously over the HPT disc height, being not confined or accelerated
within a shear band what is a clear difference to the UFG microstructure. The
continuous refinement is also reflected in the gradient of the microhardness (Fig.
11a), which increases along the HPT disc radius up to a maximum of about 220
HV. Interestingly, the maximum hardness in CG at r = 4 mm corresponds to the
minimum hardness in UFG after 1000 cycles at the same twist angle of 5◦ . Although
the evolution of the grain (Fig. 11c) and subgrain sizes (Fig. 11d) calculated from
the EBSD data roughly follows a gradient-like distribution of the microhardness af-
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ter 100 cycles, for larger cycle numbers the grain size scatters along the HPT disc
radius although for larger radii, independent of the cycle number a relatively constant value can be obtained. Moreover, the microhardness evolution does not differ
significantly for the different applied cycles, although the corresponding grain and
subgrain sizes vary markedly. The crystallographic orientations obtained from the
EBSD scans are comparable to the ones of the cycled UFG structure at large cycle
numbers (compare for instance Fig. 9), suggesting the development of a similar
crystallographic texture during CHPT irrespective of the starting grain size.

Figure G.12 a) Microhardness indents taken in the center of the HPT disc show minor
cyclic softening. b) As visible from EBSD scans taken at r = 2 mm single grains have grown
up to several hundred nanometers after cyclic loading for 50 and 250 cycles at 5◦ twist angle.
c) Within a shear band developing nearby the surface after 50 cycles distinct grain growth
occurs and d) gets more pronounced by increasing the cycles to 250.

Microhardness measurements for the NC sample with an initial grain size of about
22 nm and a microhardness of 485 HV prior to cycling (Fig. 12a) showed after 50
cycles at 5◦ twist angle a small drop by 19 HV down to mean values of 466 HV.
This slight reduction of the hardness did not continue with increasing the number

162

G.4 Discussion
of cycles to 250. Despite the neglecting changes in the microhardness single grains
have already grown up to several hundred nanometers (Fig. 12b).
Grain size measurements from the recorded EBSD data are not fully reliable as the
resolution of the SEM is insufficient to resolve the still very fine grain sizes assumed
in the thin regions between large grains (unindexed points). The microhardness
and EBSD scans were located in the middle of the HPT disc height, where for the
UFG starting grain size already a pronounced shear band has developed. For the
NC starting material no evidence for strain localization is apparent from these data.
However, extended analyses revealed a narrow shear band that developed near the
surface of the HPT disc already after 50 cycles and similar features could be detected
after 250 cycles. The shear bands consist of coarsened grains after 50 (Fig. 12c)
and 250 cycles (Fig. 12d), though the structure is very inhomogeneous in size as
finer regions can be detected nearby heavily coarsened ones. The effect of grain
size increase on the mechanical behavior could not be evaluated as microhardness
measurements within the shear band were inhibited by their narrow appearance. The
crystallography within the shear band differs significantly from the NC structure in
its surrounding but is akin to the cycled UFG structure after 250 cycles. Although
also outside the shear band a coarsening was observed (Fig. 12b) the crystallography
did not change notably.

G.4 Discussion
Similar to conventional fatigue experiments CHPT induces structural changes in
the UFG structure by the formation of shear bands and coarsening of the structure.
CHPT offers the advantage that the hydrostatic pressure under which cyclic torsional
deformation takes place suppresses crack initiation which allows a systematic study
on these instability mechanisms. This offers the unique possibility to track the
evolution of instabilities up to enormous cyclic strains of 6583 in this study. Although
in real applications significantly smaller grains are accumulated, monitoring the
evolution of structural instabilities over long distances allows to deduce principals
under which conditions they are privileged to originate and further spread out. As
a consequence profound conclusions about driving forces triggering the formation of
shear bands on the one hand and grain coarsening on the other hand are derivable. In
the following the impact of strain amplitude, accumulated strain, thermal activation,
grain boundary type, crystallography and the initial grain size on the extent of grain
growth and shear band formation, as well as on the subsequent cyclic softening can
be evaluated.

G.4.1 Accumulated strain vs. strain amplitude
An amplifying effect of the applied strain or stress amplitude on cyclic softening has
frequently been reported for UFG metals [6,10,32] as well as a more homogenous
[5] or pronounced coarsening of the structure [15,32]. On the contrary enhanced
cyclic softening and grain coarsening was observed for decreasing strain amplitudes,
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explained with the concomitant extended lifetime which ensures longer times for
diffusion controlled processes assisting grain growth [23]. Along with the enhanced
life time higher accumulated strains were imposed to the sample in the case of smaller
strain amplitudes. A stimulating effect of the accumulated strain with respect to
cyclic softening or grain coarsening was also observed in the current study similar
to [5,33]. During the period of shear band thickening from 5 up to 1000 cycles for
5◦ twist angle and similarly from 25 up to 4000 cycles for 1.25◦ twist angle cyclic
softening but also the coarsening of the grain and subgrain structure progressively
increased inside [Fig. 4a, 7a] and outside [Fig. 4b, 7b] of the shear band. The
continuous coarsening independent of the local strain amplitude clearly shows that
the accumulated strain induces progressive grain boundary migration what is also
reflected in the microhardness.
Assuming that most of the strain is concentrated within the shear band and outside
of it only micro yielding takes place [15] differences in the nominal strain amplitude
along the HPT disc radius in the beginning were balanced by the wedge-like shape of
the shear band. Therefore, the local strain amplitude within the shear band becomes
more evenly distributed and may account for the roughly constant hardness (Fig.
3a, 6a) and grain size distribution within the shear band (Fig. 8a) along the HPT
disc radius.
However, samples subjected to different strain amplitudes (Θ = 1.25◦ andΘ = 5◦ )
but deformed to the same amount of accumulated strain can be compared in order
to identify the effect of the strain amplitude. Samples subjected to Θ = 1.25◦ and
4000 cycles (ǫacc = 1104 at r = 4 mm) reveal slightly coarser grains than a sample
subjected to Θ = 5◦ and 1000 cycles (ǫacc = 971 at r = 4 mm) and so a comparable
accumulate strain. This is also in agreement with somewhat lower microhardness
levels for the smaller strain amplitude. Although from the results a smaller strain
amplitude seems to accelerate grain growth one has to be cautious as locally during
the growth of the shear band the strain amplitude is changing. This could cause
that the difference in the nominal strain amplitude is not exactly represented in the
local strain amplitude.
Nevertheless, an influence of the strain amplitude cannot be neglected which is
supported by a comparison of the samples cycled for 1000 and 4900 cycles at 5◦
twist angle. After 4900 cycles, except for the very center of the HPT disc (r < 1
mm), where still UFG regions are visible at the top and the bottom, the shear band
comprises the entire sample volume. Therefore, the local strain amplitude equals
the nominal one. At this stage the evolution of the coarsened grain size is governed
by the nominal strain amplitude rather than the accumulated strain unlike to the
period of shear band thickening (e.g. 5-1000 cycles). The grain and subgrain size is
with 1.6 µm and 0.7 µm (r = 4 mm) significantly finer as compared to the sample
cycled 1000 times with 6.9 µm and 1.4 µm (r = 4 mm), respectively, although the
accumulated strain after 1000 cycles is six times smaller. Therefore, despite the
further accumulation of strain even a refinement must have taken place once the
thickness of the shear band comprises the HPT disc height, i.e. between 1000 and
4900 cycles. Further, the gradient-like distribution of the grain and subgrain sizes
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as well as the inverse gradient of the microhardness suggest that the nominal strain
amplitude governs the coarsening process and not the accumulated strain. This
allows for the conclusion, that cyclically induced grain growth is not an “everlasting“
process as most probably the nominal strain amplitude determines the coarsened
grain size upon cyclic loading.

G.4.2 Evolution of structural parameters and its effect on cyclic
softening
Inside the shear band not only coarsening of the grains but also of the subgrains
was observed with increasing cycle number. These findings are in contrast to earlier
in-situ investigations identifying the migration of HAGB as the basic mechanism
for cyclic grain growth, while LAGB rather stay unaffected or at most disappear
when their neighborhood is altered significantly [24]. However, the nominal strain
amplitudes and also the accumulated strain amplitudes were significantly smaller for
the presented cyclic micro bending experiments in [24]. Nevertheless, this suggests
that the increase of the subgrain size present at higher cyclic strains may occur
in a different manner as migration of HAGB. Presumably if the size of the grown
grains has become sufficiently large it allows for the accumulation of dislocations in
a substructure similar as observed in coarse grained materials during fatigue. The
development of typical fatigue substructures within coarsened grains have also been
reported in previous studies on UFG materials [4,5,23].
As in CHPT crack initiation is prevented by the hydrostatic pressure, the cyclic
softening reflected in the microhardness measurements can exclusively be attributed
to the structural changes, i.e. grain and subgrain growth. For both twist angles
a progressive drop in the microhardness is observed with increasing accumulated
strain accompanied by a continuous increase of the grain and subgrain sizes. As an
example 1000 cycles of CHPT at 5◦ twist angle leads to the reduction of hardness by
more than 80 HV from 301 HV to 217 HV. Simultaneously the grain size increases
by more than 24 times to 6.5 m, but the subgrain size only to 1.3 µm in average.
As the grain size is too large to account for a hardness of 217 HV in Ni the subgrain
boundaries must be decisive for controlling the strength which is in agreement with
earlier findings [34].
In a foregoing study [24] the effect of grain coarsening on the mechanical stability
was evaluated for the region outside of the shear band upon 50 cycles of CHPT at
5◦ twist angle. A slight growth of the grains and subgrains from 310 nm and 260
nm to 373 nm and 322 nm was observed, respectively but did not result in a detectable drop of the microhardness. Probably the weak cyclic softening assumed is
counterbalanced by alternative processes, causing a hardening of the structure. Considering that in the matrix only minor cyclic strains have to be accommodated, as
the majority is concentrated within the shear band, only limited dislocation activity
is required in this area. It could be possible that the activation of already existing
lattice dislocations would be sufficient for micro yielding. Thus, the absence of cyclic
softening at these low cyclic strains could be explained by an exhaustion of lattice
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dislocations in this region. Further, the migrated grain boundaries could be already
more equilibrated due to their movement what complicates dislocations emission
from grain boundaries. The superposition of the thereby induced hardening with
the softening due to the slight grain growth may preserve the initial hardness level.
This would explain why cyclic softening is negligible unless a certain grain size has
been exceeded. Similar findings of cyclic hardening have been observed in fatigue
experiments on NC metals [35,36].

G.4.3 Driving forces for cyclically induced grain growth in UFG
structures
In principal two types of driving forces for grain growth can be distinguished, which
are either thermally or mechanically based. More pronounced grain growth at room
temperature compared to lower temperatures of 223 K during LCF experiments on
UFG copper revealed enhanced cyclic softening and suggested a critical role of the
temperature [23]. From this it could be concluded that in the absence of a thermal activation grain coarsening during cyclic loading should diminish. However, the
CHPT experiments performed under cryogenic conditions (Fig. 10) prove this argument to be wrong. Even at 77 K, thus at a diminishing homologues temperature
for nickel, the formation of shear bands is observed and inside of it severe grain
coarsening is revealed already after 50 and 500 cycles. Thus, also in the absence of
significant thermal activation cyclically induced modifications of the structure are
present, which are very similar to room temperature experiments. Also the microhardness dropped within the shear band yielding in a softening of 15 % after 50
cycles which is about the same compared to room temperature experiments (16 %
of softening after 50 cycles). Therefore it needs to be emphasized that the thermal
activation of grain boundaries during cyclic loading cannot be a pre-requisite for
their migration. For this reason fatigue induced grain growth can be considered to
be mainly mechanically driven, although it can be thermally facilitated.
The cyclic stress or the cyclic strain can be considered as such mechanical driving forces for cyclically induced coarsening of UFG structures. In most cases the
coupling of the grain boundary to shear-stress is used to explain mechanically induced migration of grain boundaries [1620], although direct measurements of shear
displacement are rare. The concept of stress driven grain boundary migration was
originally described for bicrystals, exhibiting grain boundaries completely different
from the highly distorted ones after SPD, which were tested at relatively high homologous temperatures [21,22]. However, the importance of the cyclic stresses could
not be verified for CHPT deformation of UFG Ni. In the HPT discs the flow stress
is evenly distributed over the height at least at the beginning when the structure is
still homogeneous and not coarser inside or finer outside of a shear band. Further,
no preferred grain boundaries are present in the starting material. Nevertheless, the
coarsening process intensifies already after a few cycles within the shear band, thus
in regions of high cyclic strain [13,14,37]. Additionally, the coarsening continuously
reduces the flow stress and so the maximal shear stresses acting on a grain boundary.
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Still coarsening was amplified in this regions of large strain and not where larger
stresses are present. Similar observations have been made for static straining experiments, where structural coarsening occurred in the highly strained necking region
[38].
The importance of the strain for triggering grain boundary migration is further
pointed out by the evolution of torsional texture components favorably oriented
for cyclic slip within the heavily coarsened regions [15]. With increasing accumulated strain a preferential growth of {111} h101i oriented grains occurs inside the
shear band (Fig. 3a). This crystallographic orientation enables the cyclic strain
to be accommodated by only a single slip system [39]. Outside the shear band
crystallographic orientations prevail (Fig. 5b), which necessitate two slip systems
to accommodate the shear strain. This could lead to much easier dislocation slip
in the favorable oriented grains, which in turn may increase the rate of generated
disconnections, which are steps like grain boundary defects but are associated with
a grain boundary dislocation and can be formed by the interaction of lattice dislocating with grain boundaries [28]. In-situ TEM work showed that in UFG metals
the migration of such disconnections can be considered as the elementary step for
grain boundary migration on the mesoscale [27]. Hence, enhanced dislocation interactions with grain boundaries in the {111} h101i grains could be responsible for the
easier migration of grain boundaries leading to a coarsening of the structure. These
interactions with continuously trigger the migration of boundaries and account for
the continuous grain growth procedure with increasing accumulated strain, but also
the stop of grain growth when subboundaries form acting as barriers for lattice dislocations. Accordingly, it must be concluded that the grain boundary migration
mechanism is strongly triggered by dislocation based plasticity processes and must
therefore not be understood as a novel deformation mechanism in UFG metals as
often reported [40]. This is also confirmed by the occurrence of texture components
after HPT and CHPT, expected for dislocation based plasticity.

G.4.4 Growth of cyclically induced shear bands
The sample volume occupied by the shear band depends on the nominal strain amplitude (Fig. 1, Tab. 3). With larger nominal strain amplitudes the shear band
gets thicker leading to its wedgelike shape. Additionally, it grows in thickness with
increasing cycle numbers. Spreading of such shear bands during LCF has been
described earlier as a consequence of the continuous softening due to coarsened
and rotated grains keeping cyclic deformation favorable in this softened region [13].
However, this does not reveal the specific driving forces triggering the shear band
to grow in thickness instead of maintaining the cyclic strain accommodation in a
narrow band.
It was shown, that the IPFs inside (Fig. 3) and outside (Fig. 5) of the shear band
exhibit different torsional texture components. This implies if the shear band increases its dimension in the thickness direction by attaching adjacent grains, those
would have to rotate from {100} h101i outside the shear band towards {111} h101i
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or {111} h112i. As mentioned earlier, the torsional texture components outside of
the shear band facilitate cyclic slip by two non-coplanar slip systems. On the contrary inside the shear band the mostly (111)[112] and (111)[101] oriented grains can
accommodate the cyclic strain by either coplanar slip on two different slip system.
Thus, the rotation of grains towards crystallographic orientations inside of the shear
band increases the sample volume of preferable cyclic slip conditions and ensures
more efficient accommodation of cyclic strain. This could indeed be understood as
a driving force for increasing the shear bands thickness.
However, thickening of the shear band does not necessarily imply that only adjacent
grains outside of the shear band are continuously attached to the shear band. The
presence of very narrow shear bands which are located in the vicinity of the major
one (see also Fig. 3 in [15]) and consist of only one or at least a couple of grains
in thickness (Fig. 13) rather suggest that the growth of the shear band occurs by
coalescence of this narrow shear band nuclei with the dominant shear band. The
evolution of multiple narrower shear bands and their subsequent coalescence with
increasing accumulated strain can eventually destroy the entire UFG structure as
observed after 4900 cycles.

Figure G.13 Narrow shear band “nucleus“ consisting of a sequence of coarsened grains,
found in the vicinity of the major shear band.

G.4.5 Effect of the starting grain size on cyclically induced strain
localization
Strain localization in shear bands is also possible in NC Ni, though the microhardness in the middle of the HPT disc did not drop notably after 50 cycles (Fig. 12)
unlike to the UFG case [15] where the shear band caused significant softening. Nevertheless, a shear band developed which is located in the vicinity of the HPT disc
surface. Compared to the structure in the HPT disc center, EBSD scans inside the
shear band (Fig. 12) revealed severe coarsening of the structure even after 50 cycles,
getting more homogeneous if the accumulated strain is further increased. Interestingly also the crystallography seems to be become akin to the UFG case after 250
cycles, suggesting that a similar coarsening mechanism occurs. A severe softening
within the shear band is therefore assumed, although not measureable due to the
narrow appearance of the shear band.
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The CG Ni responded to the cyclic strain by a refinement of the microstructure
with increasing strain amplitude and accumulated strain (Fig. 11). The consecutive formation of a substructure and increase of the boundary misorientation by
the continuous accumulation of dislocations cause a hardening instead of a softening
as shown by the increase of hardness along the HPT disc radius (Fig. 11). The
continuous increase of the hardness prevents the localization of strain within shear
bands and enables a homogeneous refinement procedure. This points to the crucial
role of strain hardening for preventing shear band formation and maintaining homogeneous plastic deformation [41]. Nevertheless, the crystallography in the cycled
CG structure is the same as within the shear bands in the NC and UFG structures,
proving that in any case dislocation based plasticity mechanisms are present and
in the UFG and NC structures are involved in the coarsening procedure within the
shear band.

G.5 Conclusion
The stability of UFG, CG and NC Ni structures was challenged by applying CHPT,
an alternative assessment for LCF experiments. By prohibiting failure of the sample
the evolution of microstructural changes was followed up to accumulated strains of
more than 6500 and allowed for the following conclusions for the structural instabilities upon cyclic deformation in UFG Ni:
i) The thickness of cyclically induced shear bands can grow with the nominal
strain amplitude, thus along the HPT disc radius, but also with the accumulated strain when the number of cycles is increased.
ii) Grain growth occurs outside and inside of the shear band, though the localized
strain accelerates the grain growth procedure.
iii) The coarsening of grains and subgrains proceeds continuously with the accumulated strain, thus with the number of cycles applied.
iv) The steady increase of the subgrain size causes pronounced cyclic softening.
v) The evolution of torsional texture components requiring only a single slip system, suggest that multiplied dislocation activities and assumed interaction
with grain boundaries account for the growth of grains.
vi) Cyclically induced grain coarsening is not an “everlasting“ phenomenon, as
once the shear band comprises the entire sample volume not the accumulated
strain, but the nominal strain amplitude governs the grain- and subgrain size
and therefore also the cyclic strength.
vii) Enhanced grain growth within shear bands was also observed under cryogenic
conditions and so in the absence of thermal activation.
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In summary, these observations allow for the conclusion, that thermal activation
is not a prerequisite for cyclically induced grain growth and rather a mechanical
activation of the grain boundary accounts for its migration. Furthermore, not the
cyclic stress, which is constant over the HPT disc height, but the cyclic strain triggers
boundary migration. Finally, as the formation of shear bands is absent in initially
CG materials, but distinct grain coarsening is observed within shear bands for the
NC structures, the occurrence of cyclic strain localization in shear bands is a result
of the disability for strain hardening in fine scaled materials.
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