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Abstract 

Ultrafine-grained (UFG) and nanocrystalline (NC) metals exhibit extraordinary mechanical 

properties, such as extraordinary high yield strengths and increased fatigue limits. However, in order to 

safely use these materials for engineering applications, the investigation of their fracture behavior under 

quasi-static and cyclic loading is essential. The present thesis focuses on the fatigue crack growth 

behavior of UFG and NC metals fabricated by severe plastic deformation (SPD) techniques. The aim of 

this work is to study the influence of SPD processing and the resulting grain refinement on crack 

propagation processes. 

For the present thesis a broad variety of materials, ranging from pure metals (iron and nickel) to 

complex industrially used alloys (austenitic steel, pearlitic steel and a shape memory alloy), were 

deformed by high pressure torsion and equal channel angular pressing to obtain UFG and NC 

microstructures. Fatigue crack growth experiments were performed on samples of these metals in their 

undeformed and SPD processed state. Different specimen orientations in respect to the deformation 

process were tested for the investigation of the fatigue crack growth anisotropy. Additionally, extensive 

fracture surface analyses were carried out to get further information about the mechanisms of fatigue 

crack propagation. 

It will be shown, that the deteriorated fatigue crack growth behavior of UFG and NC materials, 

which is often reported in literature, can be attributed to a reduction of crack closure contributions. 

Intergranular fracture, which is typical for the failure of SPD metals under cyclic loads, is found to have 

a lower crack growth resistance, compared to a transgranular crack growth. However, at high mean 

stresses, where crack closure contributions only play a minor role, grain refinement can increase the 

intrinsic fatigue crack growth resistance. This improvement is a result of the increased strength of the 

material, but is only observed when the fracture mode is not changed. Dislocation patterns on the 

fracture surfaces, as well as estimations of the fatigue crack growth rate from deformation based models 

indicate that fatigue crack propagation is governed by a blunting and re-sharpening process along the 

grain boundaries in the investigated UFG and NC materials. Furthermore, it will be proven that the 

anisotropic fatigue crack growth behavior of the SPD processed metals originates from the elongated 

grains of SPD processed metals. This effect can be positively exploited by using the material in an 

orientation, with the longer axis of the grains perpendicular to expected crack growth directions, as this 

results in an increased crack growth resistance. 
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1 Motivation and aim of the present work 

In the midst of the 20th century grain refinement was found to be an effective strengthening 

mechanism in metals [1], which, in contrast to other strategies, does not markedly reduce their ductility. 

Grain boundary strengthening allows the fabrication of materials, which can endure high mechanical 

stresses but still show plastic deformation before final failure, rather than abrupt catastrophic fracture. 

As strength increases with the reduction of the grain size, the production of metals with grain sizes 

smaller than one micrometer seems to be a promising strategy to obtain ultra-high strength and ductile 

materials. Indeed, in the last few decades nanocrystalline (NC) and ultrafine-grained (UFG) metals 

became famous for their high yield strengths and increased fatigue endurance limit in stress controlled 

tests compared to their coarse-grained counterparts [2–8]. However, in order to safely use these 

materials for engineering parts, also ductility, fracture toughness and fatigue crack growth (FCG) 

resistance have to be retained. Due to their high ductility, conventional coarse-grained metals show 

plastic deformation prior to final failure. Furthermore, ductile metals have the ability to reduce stress 

concentrations at cracks and defects by plastic deformation and the blunting of the crack tip, which 

hinders components with defects from failing catastrophically. Therefore, in order to safely use NC and 

UFG metals, it must be guaranteed that these materials exhibit an appropriate ductility and damage 

tolerance under quasi-static and cyclic loading. In the last few years, the fracture behavior of NC and 

UFG under quasi-static loading has been studied, showing that the fracture toughness can be 

deteriorated by severe grain refinement [9–13]. Nevertheless, the product of strength and fracture 

toughness, which gives information about the damage tolerance, is comparable or even higher than that 

of microcrystalline (MC) metals [13]. NC and UFG materials are also attractive for applications as 

cyclically loaded components due to their increased fatigue limit [3,14–16]. However, although a damage 

tolerant behavior is essential to ensure safe operation of such components, only few studies have 

focused on the fatigue crack growth (FCG) behavior of NC and UFG metals so far. The majority of the 

studies report a deteriorated FCG behavior, even though the origin of the deterioration is not fully 

understood [14–23]. Therefore, the present thesis should help to shed light onto the mechanisms, which 

govern the FCG in NC and UFG metals, in order to understand and finally overcome the negative 

effects of severe grain refinement on the FCG behavior. In the following introductory section, the 

production and mechanical properties of NC and UFG metals will be briefly described and a review of 

the existing literature on the FCG behavior of this class of materials will be given. The main results will 

be listed and discussed in section 3 and 4, more details can be found in the publications attached in the 

annex. 

2 Introduction 

2.1 Grain refinement by severe plastic deformation 

There are several different methods to achieve fine-grained microstructures in classical metallurgy, 

however, only few of them allow producing UFG metals with grains smaller than 1 µm, or NC materials, 

with grains smaller than 100 nm. Besides electrodeposition (ED) [24], mechanical alloying [25,26] and 

gas phase condensation [2], severe plastic deformation (SPD) methods grant the possibility to generate 

these highly refined materials [4]. SPD methods have in common, that large strains are applied under 
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high hydrostatic pressure, which prevents the material from failing. The most prominent examples of 

SPD techniques are high pressure torsion (HPT), equal channel angular pressing (ECAP) and 

accumulative roll bonding (ARB), however, many more methods have been further-developed in recent 

years [27]. The UFG and NC metals investigated in this work were mainly fabricated by HPT, due to its 

ability to reach enormous strains of up to several thousand percent. For the HPT process a disc-shaped 

specimen is placed between two anvils and loaded under compressive stress in the range of a few GPa, 

as depicted in Fig. 1(a). One anvil is fixed and the other one rotates in order to induce shear strain in the 

material [28]. The shear strain γ can be calculated by: 

𝛾 =
2∗𝜋∗ 𝑟∗ 𝑛

𝑡
      (1) 

with n being the number of revolutions, r the radius and t the thickness of the sample. This can also 

be expressed as the von Mises strain εvM, which allows a better comparison to longitudinal strains, such 

as typically measured in a tensile test. 

𝜀𝑣𝑀 =
𝛾

√3
      (2) 

Investigations in the context of this thesis were also done on a shape-memory alloy, which was 

deformed by ECAP. For the ECAP process a billet of material is pressed through a die by a plunger, as 

shown in Fig. 1(b). Since the shape of the billet is not changed, this deformation step can be repeated to 

increase the applied shear strain. Additionally, the strain path can be changed by rotating the sample for 

a certain angle after each deformation step [29], as will be described later. The von Mises strain of N 

passes of ECAP, with a channel angle φ can be calculated by Equ. 2: 

𝜀𝑣𝑀 =
2

√3
∗ N ∗ cot (

𝜙

2
)     (3) 

 

Fig. 1: Illustration of (a) the HPT process and (b) the ECAP process. 

Regardless of the SPD method, the applied shear strain reduces the grain size, until equilibrium 

between grain fragmentation and restoration processes is reached. The grain size of the equilibrium 

microstructure depends primarily on the deformation temperature, the alloying level, the impurity of the 

material and the strain rate [30,31]. For alloyed metals, as for example austenitic steel, a mean grain size 

of less than 50 nm can be achieved, pure metals in general exhibit a larger grain size in the range of a few 

hundred nanometer. For many SPD techniques, the shearing of the material results in elongated grains, 
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with pancake- or cigar-like shapes, especially for HPT where the shearing direction is the same during 

the whole deformation process. An example of the microstructure of Ni after HPT deformation is taken 

from [32] and shown in Fig. 2. In ECAP the shear plane is also unchanged when the billet is not rotated 

between the deformation steps (route A). A rotation of the billet after each deformation step, e.g. by 90°, 

which is called route BC, leads to more equiaxed grains, but grains are still slightly elongated parallel to 

the shear plane of the last ECAP pass. Regardless of the production route, UFG and NC 

microstructures can show remarkable mechanical properties, which will be discussed in the next section. 

 

Fig. 2: Illustration of the microstructure of pure Ni, after 15 turns of HPT. (a) shows EBSD scans with 
different viewing directions in respect to the HPT process, taken from [32]. Grains are elongated in the shearing 
direction of the HPT process (tangential direction of the HPT disc, TD). In (b) the schematic of an HPT deformed 
disc, which was cut on one side, is presented, with the characteristic directions of the HPT process marked by 
arrows (axial direction AD, radial direction RD and tangential direction). 

2.2 Mechanical properties of NC and UFG materials produced by SPD 

The strength and ductility of NC and UFG materials has already been investigated by a large number 

of studies [6–8] and therefore only results, which are needed for the better understanding of fracture and 

fatigue crack growth properties will be presented in this section. Grain refinement by SPD methods is an 

effective way to strongly increase the strength of metals. Although UFG and NC metals show a trend to 

reduced ductility, strategies have been investigated to keep it at an acceptable level [6–8]. A peculiarity of 

SPD deformed metals is the frequent appearance of orientation dependent behavior in respect to several 

mechanical properties. For example, tensile tests on UFG Ni, produced by HPT revealed that besides an 

increased strength, the ultimate tensile strength (UTS) and the reduction in area of UFG Ni exhibit an 

orientation dependence [33]. It was concluded, that grain elongation and the shear texture are 

responsible for higher UTS and the larger reduction in area for samples loaded parallel to the shear plane 

of the HPT deformation. 

In recent years, the damage tolerance of NC and UFG metals has gained attention, however, mainly 

for the case of quasi-static loading [10–13,34–38]. It was observed that in general the fracture toughness 

of severely plastically deformed materials is reduced, however, the damage tolerance expressed as the 
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product of fracture toughness and strength can be remarkably high. Furthermore, the fracture toughness 

was found to be strongly dependent on the grain shape and the orientation of the specimen. The 

resistance against crack growth is lower for cracks parallel to the shear plane, or in other words parallel 

to the longer axis of the elongated grains, than for cracks perpendicular to it. 

Because of the improved fatigue limits of NC and UFG materials, they are potential candidates for 

the application in cyclically loaded components. However, in many components the existence of defects 

and cracks cannot be excluded, as they could originate from the production route or may be introduced 

during service. Thus, it is essential to investigate the fatigue crack growth behavior to assure a safe usage 

of these high strength materials. 

2.2.1 Fatigue crack growth experiments 

FCG experiments are performed on pre-cracked specimens loaded in mode I to determine the load 

amplitude, which is necessary for an existing crack to start to propagate. Furthermore, such experiments 

give information about the speed of the crack growth, once this load amplitude is exceeded. The stress 

intensity factor K describes the stress and strain field around the crack tip and is used to characterize the 

driving force for crack propagation. K is calculated from the applied load, the specimen geometry and 

the crack length, according to ASTM standard E647. For cyclic loads the stress intensity factor range ΔK 

can be determined from the maximum and minimum K by ΔK=Kmax-Kmin. During the FCG test the crack 

length is measured, e.g. by the potential drop method, and the load cycles are counted. From this data 

the crack advance per cycle is determined, which is called FCG rate (da/dN). The FCG data is depicted 

in double-logarithmic diagrams, with ΔK on the abscissa and da/dN on the ordinate. Most materials 

show a FCG curve with distinct features: The crack starts to propagate when the applied ΔK is larger 

than the threshold stress intensity factor range ΔKth. In stage I, also called the near-threshold regime, 

there is a strong increase in the FCG rate, which is followed by stage II, where the rate of the increase of 

da/dN becomes constant (linear relation in the double-logarithmic diagram). The dependence of the 

FCG rate on ΔK in stage II, which is also known as Paris regime, can be described by the Paris equation 

[39]: 

𝑑𝑎

𝑑𝑁
= 𝐶 ∗ ∆𝐾𝑚     (4) 

with C being a factor of proportionality and m the Paris exponent. In stage III, the increase of the 

FCG rate gets larger because the maximum K value approaches the fracture toughness of the material, 

which finally leads to the failure of the sample. 

The full description of the FCG behavior of a material, however, is even more complex, as the FCG 

rate is not only dependent on ΔK but also influenced by the mean stress of the cyclic load. This means, 

that a given material can exhibit different FCG curves, depending on the loading condition. Besides ΔK 

as a measure for the amplitude, the load or stress ratio R=Fmin/Fmax=σmin/σmax is used to characterize the 

mean stress of the loading. Experiments for this work were performed at load ratios of R=0.1, i.e. cyclic 

loading in tension with small mean stress, and at R=0.7, i.e. cyclic loading in tension with higher mean 

stress. Cyclic loading with a higher mean stress is in general more critical, as materials exhibit lower 

threshold values and higher FCG rates. Responsible for this change in the FCG behavior are crack 

closure and shielding mechanisms, which reduce the load at the crack tip [40–42]. Upon unloading, the 

crack faces can get in contact when the closure stress intensity factor Kcl is reached and the crack tip gets 
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further unloaded, even before the tensile load was reduced to the minimum load of the load cycle 

(depicted in Fig. 3). Thereby the stress intensity factor range acting at the crack tip is reduced to 

ΔKeff=Kmax-Kcl, which leads to a smaller crack advance per cycle and a lower FCG rate. In ductile metals 

the pre-mature contact of the crack faces can for example originate from a plastic wedge (plasticity 

induced crack closure, PICC), from oxide debris close to the crack tip (oxide induced crack closure, 

OICC) or from asperities on the fracture surface (roughness induced crack closure, RICC). At a higher 

mean stress, which also means higher minimum and maximum stress of the cyclic load, the 

contributions of OICC and RICC diminish, as the opening of the crack gets larger than the oxide debris 

and the asperities of fracture surface, even at minimum load. With the reduction of crack closure 

contributions, ΔKth is reduced and the FCG rate is increased, which means a lower FCG resistance. 

 

Fig. 3: Schematic of the cyclic load at a crack tip. The globally applied load results in a ΔK, which is given by 
Kmax – Kmin. Crack closure leads to premature contact of the crack faces upon unloading when ΔK is reduced to the 
closure level Kcl. Thus, the crack driving force at the crack tip is reduced and the crack tip is loaded only by the 
reduced ΔKeff. 

Because of crack closure it is more appropriate to characterize the FCG threshold by two quantities, 

the effective threshold stress intensity factor range, ΔKth,eff, and the long crack threshold stress intensity 

factor range, ΔKth. With the commonly used load shedding technique only ΔKth can be determined, 

which, however, is not necessarily conservative, as crack propagation could already occur at lower ΔK. 

The load rising method [43] allows the measurement of ΔKth,eff, which can be seen as the absolute 

minimum loading necessary for FCG. The procedure of the load rising method is depicted in Fig. 4: The 

FCG experiment is started with an open pre-crack and thus no crack closure mechanisms are active at 

the beginning. No crack growth takes place as long as ΔK is smaller than the effective threshold stress 

intensity factor range ΔKth,eff (marked by ΔK < ΔKth,eff in Fig. 4(a)). When ΔK is increased to ΔKth,eff, first 

crack propagation occurs. However, during this first crack advance of a specific length, the different 

crack closure mechanisms build up, which reduce the load at the crack tip. The result is a retardation of 

the crack growth or even its stop. Subsequently, the globally applied ΔK has to be increased, in order to 

get further crack propagation. This can happen several times (marked by ΔKth,eff < ΔK < ΔKth in Fig. 

4(a)), until finally the ΔK reaches the long crack threshold stress intensity factor range ΔKth and the crack 

advances until final failure (ΔK > ΔKth in Fig. 4(a)). The crack advance, Δa, between ΔKth,eff and ΔKth can 

be plotted over ΔK, which is called the cyclic crack resistance curve (R-curve) of a material and is shown 

in Fig. 4(b). ΔK values larger than ΔKth and the corresponding FCG rates, da/dN, are represented in 

FCG curves, with an example in Fig. 4(c). 
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Fig. 4: Schematic diagrams of the load rising procedure for the determination of threshold values (ΔKth,eff and 
ΔKth), R-curves (b) and FCG curves (c). In (a) the load F and the crack extension a is plotted over the number of 
the applied load cycles N. In (b) an example of a cyclic R-curve is shown. In (c) an exemplary FCG curve is 
depicted. Diagrams redrawn from [43]. 

It is still difficult to predict the FCG properties of a material based on its microstructure or on other 

mechanical properties. In order to understand the microstructural influences on the threshold, the 

discrete nature of plasticity has to be taken into account. The first crack advance occurs, when a 

dislocation is emitted from the crack tip upon loading and able to return to the crack tip during 

unloading [44]. Therefore ΔKth,eff is dependent on the resistance of the lattice against the emission of 

dislocations from the crack tip and their return [45]. In microcrystalline metals ΔKth,eff can be related to 

the Young’s modulus E and the length of the Burgers vector b: 

ΔK𝑡ℎ,𝑒𝑓𝑓 ∝ 𝐸 ∗ √𝑏     (5) 

It is more difficult, however, to estimate the long crack threshold ΔKth, since it is strongly affected by 

crack closure mechanisms and therefore influenced by more material parameters, such as strength, 

fracture mode, grain size or susceptibility to oxidation. Nevertheless, it can be concluded that a higher 

Young’s modulus and larger contributions from crack closure lead to a higher ΔKth. 

The FCG rate in the Paris regime can only be estimated, if there is information about the 

microscopic FCG mechanisms. The two most prominent models describe FCG either as being mainly 

governed by plastic deformation or by damage accumulation. In the first case, plastic deformation leads 

to a crack advance by the blunting and re-sharpening of the crack tip. Thus, a proportionality of the 

FCG rate to the cyclic crack tip opening displacement (ΔCTOD) and hence a proportionality of (da/dN) 

to ΔK² is predicted [46–49] by:  
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(
𝑑𝑎

𝑑𝑁
)

𝑝𝑙.  𝑑𝑒𝑓𝑜𝑟𝑚𝑎𝑡𝑖𝑜𝑛
= 𝑐 ∗ ∆𝐶𝑇𝑂𝐷 =  𝑐 ∗ 𝑑𝑛 ∗

𝛥𝐾2

2∗𝜎𝑦∗𝐸
    (6) 

where c is a dimensionless factor and depends on the geometry of the crack tip, σy is the yield 

strength, E the Young’s modulus and dn a factor dependent on the cyclic hardening behavior of the 

material. This results in an expected exponent m of 2 in the Paris equation, which is equivalent to the 

slope of the FCG curve in the Pairs regime.  

Damage accumulation based models of FCG, in contrast, would yield an exponent of 4 [50]. In this 

model the occurrence of damage ahead of the crack tip is assumed, which can generate for example 

microcracks or voids. Coalescence of these flaws with the main crack finally leads to crack advance. 

Cracks can also grow when cyclic plastic deformation accumulates vacancies, which reduces the de-

cohesion energy and results in a local fracture after the density of vacancies has reached a critical value. 

The FCG experiments on UFG and NC metals of the present thesis should help to refine the 

knowledge about the basic mechanisms governing the FCG growth of metals. Furthermore, they should 

help to assess the damage tolerance of this new group of materials for applications under cyclic loading. 

Preceding studies on this topic will be briefly reviewed in the next section. 

2.3 Literature review 

Several studies on the fatigue and FCG behavior of UFG and NC metals have been published in the 

last 15 years. Hanlon et al. [14] investigated the fatigue behavior of nickel produced by ED, which was 

subsequently heat treated to get specimens with grain sizes from NC to MC. With decreasing grain size 

an increase in the resistance against crack initiation was found, connected with a lower FCG resistance 

and faster FCG especially in the near-threshold regime. The same tendencies were observed for an Al-

Mg alloy in UFG and MC state [14]. In a further study on the same materials (and additionally Ti) it was 

shown that the effect of the load ratio on ΔKth and the FCG rate diminishes with decreasing grain size 

[15]. From FCG experiments on MC metals it is obvious that a higher load ratio (R=0.7 or 0.3, instead 

of R=0.1) goes along with a lower ΔKth and a higher FCG rate. For UFG Ni this behavior also clearly 

exists, for NC Ni however, FCG curves at different load ratios lie closer together and almost coincide at 

higher ΔK. This change is explained by a reduction of roughness induced crack closure (RICC) at low 

mean stresses (low load ratios) as a result of a less tortuous crack path of UFG Ni compared to coarser-

grained microstructures. Lower FCG rates of MC microstructures could also be the result of lower 

effective stress intensity factors for regularly deflected cracks. However, by curve fitting the latter 

contribution was found to be small compared to RICC [15]. The same model was appropriate to predict 

the FCG rates in the near-threshold regime of Ti. It is important to mention that the Ni samples had a 

thickness of only 100 - 150 µm and thus plane stress conditions are likely to prevail even at low ΔK 

values. 

In [18] Collini reviewed his work and other publications on the FCG resistance of UFG copper. He 

performed FCG tests on ECAPed Cu with 99.90% purity (8 passes BC, average grain size 300 nm) and 

found lower FCG rates compared to other studies on UFG copper with higher purities and also 

compared to MC Cu (15 µm). The increased resistance against FCG is attributed to an enhanced stability 

of the microstructure because of the presence of impurities and precipitates. In UFG material more 

grains lie within the plastic zone, which results in a more homogeneous deformation. Interaction of the 
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crack with grain boundaries and precipitates can additionally retard FCG due to crack deflection [51]. A 

typical load ratio effect is reported for the near-threshold regime of the UFG Cu samples. A higher ΔKth 

and a lower FCG rate can be observed for R=0.1 compared to higher R-ratios. FCG data measured at 

R-ratios higher than 0.3 show only small differences. A comparison of the CTOD and crack path 

roughness reveals that RICC can only be active in the near-threshold regime, whereas PICC could be 

active also at higher ΔK. However, in the Paris regime FCG curves of all R-ratios coincide, indicating a 

negligible contribution of PICC. At high ΔK FCG appears to be slightly faster at R=0.1. Fracture surface 

analyses showed that more bifurcations, crack branching and multi-cracking occur with higher applied 

load amplitudes and higher mean stresses, which is known to increase FCG resistance. This could 

explain the lower FCG rate for higher R-ratios at high ΔK. 

Padilla and Boyce [19] reviewed the fatigue behavior of NC and UFG metals and also commented on 

FCG. They noticed that no clear trends can be seen when the works of different groups are compared. 

They consider the different processing routes (and thus different level of impurities), varying testing 

techniques and differences in sample thickness to be the reason. In general the resistance against FCG is 

reduced with decreasing grain size. Especially the load ratio effect diminishes, indicating a reduced 

contribution of crack closure. It is argued that RICC is expected to disappear because the crack path 

roughness is reduced and PICC vanishes because of limited dislocation mediated plasticity. Less crack 

closure can also explain reduced ΔKth values at low load ratios, which are frequently observed for NC 

and UFG metals. Fracture surface analyses yield quite different results, even if experiments are done on 

the same metal, e.g. nickel. Generally speaking, at low ΔK smaller crack path tortuosity and more 

intergranular fracture are observed. At higher loads some studies found striations or dimpled structure 

and ductile dimpled fracture when Kmax approaches the fracture toughness. For NC metals simulations 

suggest that voids and microcracks on grain boundaries play an important role in the FCG process, 

formed e.g. by grain boundary sliding [52,53]. Furthermore simulations revealed that at triple points 

intergranular cracks advance preferably along grain boundaries with small angles to the overall crack 

growth direction, as it requires the lowest energy [54]. Less blunting of a crack in NC metals is predicted 

by simulations, as less dislocations can be emitted from the crack tip due to enhanced suppression of 

dislocation emission by pile-ups in the small grains [55]. 

Vinogradov et al. [37] investigated the fracture and fatigue resistance behavior of a UFG CuCrZr 

alloy. They observed that the UFG Cu alloy shows the same stages of FCG as conventional coarse-

grained materials, i.e. slow crack advance in the near-threshold region, followed by stable crack growth 

in the Paris regime and finally unstable crack growth at high ΔK. The transition from near-threshold 

behavior to stable crack growth was also in focus in this work. Usually this transition occurs when the 

size of the cyclic plastic zone (CPZ) becomes comparable to the grain size of a material. This is not the 

case for the investigated UFG Cu, where the CPZ spans several grains even at the threshold. They 

conclude that therefore non-equilibrium grain boundaries have to play an important role for the 

accommodation and transfer of plastic slip. The UFG Cu was produced by ECAP and CT samples with 

different orientations in relation to the extrusion direction were tested. In contrast to tensile 

experiments, in FCG tests no differences were found for the differently orientated samples, with cracks 

introduced in extrusion and tangential direction. 
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Hübner et al. [21] observed only a small dependence of FCG rates on the R-ratio for UFG Cu, Ti 

and Al-1.5MgScZr. Higher R-ratios resulted in slightly lower threshold, however, in the Paris regime 

there was hardly any difference. 

In the review paper [16] Vinogradov points out that for UFG Cu a lower threshold and a higher 

FCG rate in the near-threshold regime has been found compared to MC Cu. At higher ΔK, however, the 

fatigue crack propagation is faster in the MC specimens. The higher FCG rate in the near-threshold 

regime is explained by the straighter crack path of UFG Cu. Vinogradov also comments on the FCG 

mechanisms, which seems to occur in a ductile manner, as even striations can be seen on the fracture 

surfaces of UFG Cu. Also the proportionality of the FCG rate to (ΔK)² indicates that crack advance is 

controlled by local plasticity. However, this would also predict an inverse dependence of the FCG rate 

on the yield strength, which was not observed in experiments. When FCG occurs by void formation, 

crack coalescence and re-nucleation, damage accumulation models are appropriate and predict the FCG 

rate to be proportional to (ΔK)4. Paris exponents m between 2 and 4 suppose that both mechanisms are 

active at the same time. 

FCG data of UFG bcc metals is scarce, with the work of Kim et al. [22] as one example. They 

performed FCG experiments on an ECAPed low carbon steel with a ferritic microstructure in the UFG 

state and a grain size of 500 nm, after an annealing treatment at 753 K for 72 h. A lower threshold and 

higher FCG rate was measured for UFG steel samples compared to MC specimens (30 µm), however, 

differences were smaller than in studies of fcc metals, especially at higher ΔK. Like already discussed for 

fcc metals, the R-ratio effect was also hardly visible, which means that there was little contribution of 

crack closure. As they observed quasi-cleavage, they assumed that PICC can be neglected. The small 

influence of RICC is explained by the much smoother crack path of UFG specimens compared to 

coarser-grained steel samples. The flat fracture surface of UFG steel is attributed to the relation of the 

cyclic plastic zone (CPZ) size to the grain size. In UFG metal the CPZ is usually larger than the grain 

size and thus planar slip bands can form in several grains, resulting in a straight crack growth. 

Furthermore a CPZ larger than the grain size hinders reverse slip of dislocations and thus leads to more 

accumulation of damage. However, the higher yield stress of the UFG microstructure results in a lower 

ΔCTOD and hence in a smaller crack advance per cycle. Kim et. al argue that this behavior compensates 

the tendency for faster crack growth due to increased damage accumulation and less crack closure, so 

that in the end there is a small difference between the FCG behavior of UFG and MC samples. 

Niendorf et al. [23] conducted FCG experiments on UFG interstitial-free (IF) steel, produced by 

different ECAP routes. In accordance to studies on other materials mentioned above, they also observed 

a decrease in ΔKth and an increase of the FCG rate in the near-threshold regime with decreasing grain 

size. In the Paris regime these differences vanish and FCG rates are comparable for MC and UFG 

samples, regardless of their production route. UFG samples with elongated microstructures (e.g. 

produced by 2 A passes) show more scatter in the near-threshold regime than more equiaxed structures 

(e.g. produced by 8 BC passes). The FCG curves of 8 BC samples show hardly any orientation 

dependence, as it was also observed for ECAPed Cu [37]. It is interesting to note that differences exist in 

the global crack path of samples from different production routes and with different orientations. In 

general cracks seem to favor growth directions parallel to the shear plane of the last or penultimate 

ECAP pass, even if the microstructure is fairly equiaxed. Cracks in specimens from 16E and 8 BC change 

their crack growth direction to about 10° to 30°. In samples with pre-cracks introduced in extrusion 
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direction this new crack growth direction coincides with the direction of the last ECAP shear plane, in 

samples with cracks in tangential direction it can be linked to the penultimate ECAP shear plane. It can 

further be seen that cracks tend to follow the elongated structures (which also exist in 8 BC material to a 

certain extent) along the grain boundaries. Stress concentrations due to elongated grains are seen as the 

reason for the deviations. As only weak texture was found, it is assumed that it plays a minor role in 

deviating FCG cracks. 

To conclude, the contemporary literature contains many aspects of the FCG behavior of UFG and 

NC materials. Most of them have in common, that a tendency to lower ΔKth values and to higher FCG 

rates is observed for the very fine-grained metals. However, due to the application of different 

measurement methods and the use of non-standard samples, results are difficult to compare. 

Unfortunately, the individual investigations are mostly limited to one metal and therefore it is hardly 

possible to find similarities and trends valid for larger groups of materials. Furthermore, the FCG tests 

are often performed at one load ratio only, which makes it difficult to separate the extrinsic effect of 

crack closure from the intrinsic FCG resistance. For the present thesis, a large variety of materials, 

ranging from pure to complex engineering metals with coarse-grained to nanocrystalline microstructures, 

are tested at two load ratios, using the same testing method. This allows to overcome the afore-

mentioned problems and to reveal trends of the FCG behavior of UFG and NC materials. 

3 Results 

In order to get a better understanding for the effect of SPD on the FCG behavior, experiments were 

performed on a broad range of materials in their microcrystalline and severely plastically deformed UFG 

or NC state. As examples for pure metals, ARMCO iron with a body-centered cubic crystal structure 

and high purity nickel with a face-centered cubic crystal structure were taken. Additionally, industrial 

alloys were tested: an austenitic steel type 316L produced by “Böhler Edelstahl GmbH” (further denoted 

as A220), two pearlitic steels produced by “voestalpine Schienen GmbH” type R260 and R350, as well as 

a superelastic 50.2 % Ni – 49.8 % Ti alloy, further denoted as NiTi. An overview on the production 

routes, the mechanical properties and the results of the FCG tests of all tested material states is given in 

Table 1. In order to assess the orientation dependence of FCG in UFG and NC metals, samples with 

differently oriented cracks in respect to the deformation route were produced. Orientations are denoted 

according to E399 [38], with the first letter indicating the direction of the crack surface normal and the 

second letter indicating the crack growth direction. The directions are related to the SPD process, with 

three distinct directions for HPT: axial direction (A), radial direction (R) and tangential direction (T), see 

Fig. 5(a). For the ECAP process two directions can be distinguished: extrusion direction (E) and radial 

direction (R), see Fig. 5(b). Tests were performed at low mean stresses (R=0.1) and high mean stresses 

(R=0.7), in order to account for the influence of crack closure mechanisms. 
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Fig. 5: Sample orientations in (a) HPT and (b) ECAP deformed material. In HPT deformed material it can be 
distinguished between axial direction AD, radial direction RD and tangential direction TD. In ECAPed materials it 
can be differentiated between radial direction R and extrusion direction E. The orientation of CT samples in 
respect to the deformation process is denoted by two letters, corresponding to the direction of the crack plane 
normal and the crack growth direction. 

In the following sections, the main findings on the FCG behavior of the afore-mentioned materials 

will be discussed individually and finally compared. Especially the following aspects will be in focus: 

 The fracture mode during FCG (trans- or intergranular fracture) 

 Orientation dependence of the FCG behavior 

 Influence of grain refinement on ΔKth 

 Influence of grain refinement on the FCG rate in the Paris regime 

 Cyclic R-curve behavior 
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Table 1: Overview of the production routes, the microstructural properties and selected FCG results of the tested 
materials. 
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3.1 ARMCO iron 

ARMCO Fe with several different grain sizes was chosen as a model material for pure bcc metals to study 

the effect of grain refinement on the FCG behavior. Samples with grain sizes ranging from 3 to 15 µm were 

tested as examples for the MC state. In order to obtain UFG Fe, HPT deformation was applied to MC 

ARMCO Fe, which led to an UFG microstructure consisting of elongated grains with the average dimensions 

of 500x400x150 nm³ with the longest grain length parallel to the shear direction of the HPT process. The 

following discussion is based on results from FCG tests on UFG Fe, which are described in more detail in 

publication C. 

Fracture surface analyses after the FCG tests revealed, that the grain refinement was accompanied by a 

change in the fracture mode from transgranular fracture in MC Fe to intergranular fracture in UFG Fe. 

Regular slip steps on the fracture surface of UFG Fe indicate that this change in the fracture mode is not a 

result of grain boundary embrittlement and local static fracture, and FCG is still controlled by a blunting and 

re-sharpening process. This indicates that in UFG materials the blunting process and crack growth takes place 

along the grain boundaries, rather than within the grains, as it is the case for coarse-grained metals. When 

blunting and re-sharpening is assumed to be the dominating FCG mechanism, the FCG rates in the Paris 

regime can be estimated from Equ. 3, due to the proportionality between ΔCTOD and the FCG rate. Since 

the measured FCG rates of UFG Fe are lower or in the range of this analytical model, it can be excluded that 

local brittle fracture has a significant contribution to FCG, as this would increase FCG rates above the 

estimations for deformation controlled FCG. Although these observations are in favor of FCG by blunting 

and re-sharpening it is still not fully clear why the Paris exponent m of MC and UFG Fe is about 3 instead of 

2, as predicted by deformation based FCG models. An increased exponent could be the result of various 

effects: 

 Even at the highest tested ΔK values the material is still in the near-threshold regime with a higher 

slope of the FCG curve. 

 Contributions from damage accumulation and local static fracture accelerate the FCG process, 

which increases the Paris exponent m. 

 Reduced fracture toughness could lead to a direct transition from near-threshold regime to stage 3 

FCG, with a very limited Paris regime. 
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Fig. 6: FCG diagrams of (a) MC ARMCO Fe and (b) UFG ARMCO Fe with two different orientations tested at 
R=0.1 and R=0.7. In (a) data from [56] is included and marked by *. Gray dashed lines are shown as guide lines for the 
proportionality of (da/dN) to ΔK3. 

No marked influence of the grain size reduction on the threshold stress intensity factor range ΔKth was 

found, as it can be seen in the FCG curves in Fig. 6(a) and (b). Especially at high R-ratios, where crack closure 

contributions are minimized, both MC and UFG Fe showed similar ΔKth values of approximately 3 MPa.m0.5. 

Also the long-crack threshold values ΔKth at lower R-ratios are comparable for MC and UFG Fe, with values 

of about 4 MPa.m0.5. The occurrence of a cyclic R-curve, however, was only observed for MC Fe at R=0.1. In 

UFG Fe, even at R=0.1, no crack growth was detected before ΔKth. This could be explained either by the 

absence of a cyclic R-curve behavior or by very small crack extensions, which are smaller than the detection 

limit of the potential drop method, which is in the range of one micron. 

In UFG Fe no pronounced anisotropy of ΔKth between the two sample orientations A-T and T-R was 

found. This is reasonable, as dislocations emitted from the crack tip experience the same forces, due to the 

same Young’s moduli and the same characteristic distances from obstacles in the form of grain boundaries, 

regardless of the orientation. In the Paris regime, however, significant differences exist, with a 10 times higher 

FCG rate for cracks with A-T orientation compared to T-R oriented cracks. This difference seems to be a 

result of the crack orientation in respect to grain shape of the severely plastically deformed Fe. Fracture 

surface analyses show that grain boundaries are the preferred crack path in UFG Fe under cyclic loading, 

regardless of the crack orientation. In the case of A-T samples, where the designated crack growth direction is 

parallel to the longer axis of the elongated grains, the cracks can follow long grain boundaries without large 

deviations. This is in contrast to T-R samples, where cracks are deviated more frequently, as their growth 

direction is perpendicular to the grain elongation direction (see Fig. 10 in publication B). The extensive regular 

crack deflection and branching in T-R samples, which also results in a more tortuous crack path and a rougher 

fracture surface, can be seen as geometrical shielding, as it reduces the local load at the crack tip and therefore 

the FCG rate. The reduction of the FCG rate as a geometrical effect of the more tortuous crack path was 

estimated in publication C. However, the differences in the measured FCG rates are larger than expected from 

the calculations based on the analytical model for regular crack path deviations and thus it cannot fully explain 

the FCG anisotropy. The orientation of the crack can also influence the crack tip opening angle and therefore 

the factor c in Equ. 6. Thereby, the crack advance per cycle and hence the FCG rate would be changed. The 

effect of the crack tip opening angle on the FCG rate is further explained in publication C, and illustrated in 

Fig. C-8. 
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Comparing the FCG rates in the Paris regime of MC Fe to UFG Fe shows that the FCG rate is lower in 

MC Fe. Therefore it can be concluded, that the intergranular fracture during FCG, as it occurs in UFG Fe, is 

disadvantageous. It seems, however, that the negative effect of intergranular fracture can be mitigated by an 

increased FCG resistance for cracks oriented perpendicular to the long axis of the elongated grains, as it is the 

case in T-R samples. Furthermore, an increase in strength should also lead to a lower FCG rate, as it results in 

smaller ΔCTOD and therefore, reduces the crack advance per cycle. Thereby the FCG rates of MC Fe and 

UFG Fe with T-R orientation are similar, although other mechanical properties, such as strength, are 

significantly improved. 

3.2 Pure Nickel 

The FCG behavior of MC Ni with a grain size of about 50 µm was compared to that of UFG Ni and NC 

Ni to investigate the grain size dependence of the fatigue crack propagation of face-centered cubic metals. An 

UFG microstructure with a mean grain size of 750x450x250 nm³ was achieved by HPT deformation of 

coarse-grained high purity nickel at room temperature, see Fig. 2. NC Ni with a grain size of about 30 nm was 

produced by electrodeposition [36,57–59]. Many similarities to the FCG in bcc ARMCO Fe exist, including 

the change from transgranular fracture in the case of MC Ni in the near-threshold regime, to intergranular 

fracture for UFG and NC Ni. On the fracture surfaces of all material states slip steps are visible, indicating 

that the FCG is again the result of a blunting and re-sharpening process, as it was also argued for ARMCO Fe. 

In contrast to Fe, all FCG curves of nickel samples showed a Paris exponent m of about 2, which additionally 

supports the assumption of a deformation dominated FCG. 

The near-threshold behavior of Ni seems to be deteriorated by the grain size reduction, with lower 

threshold values for UFG and NC Ni specimens than for MC Ni samples, as it can be seen in the FCG 

diagrams in Fig. 7 and from data in Table 1. First crack extensions in MC Ni samples were detected at ΔKth,eff 

values of 2.6 MPa.m0.5 and 3.0 MPa.m0.5 at load ratios of R=0.7 and R=0.1, respectively. In UFG and NC Ni 

specimens, however, first crack propagation already occurred at ΔK values of 1.7 to 2.4 MPa.m0.5. This could 

be a result of a statistically variation of the distance between the crack tip of the pre-crack and the next grain 

boundary in UFG and NC Ni. Thereby more pronounced dislocation pile-ups could occur at the grain 

boundaries of UFG and NC metals upon loading, resulting in higher repulsive forces on dislocations upon 

unloading. Therefore, the return of dislocations to the crack tip occurs at smaller ΔK values in UFG and NC 

materials, which means a decrease of ΔKth,eff. More details can be found in publication B. 

The long-crack threshold values ΔKth of UFG and NC Ni with 1.7 to 3.0 MPa.m0.5 are also lower than for 

MC Ni (3.3 to 4.6 MPa.m0.5). Additionally, cyclic R-curve behavior was observed for MC Ni, but not for UFG 

and NC Ni. The vanishing R-curve behavior and the lower ΔKth values of UFG and NC Ni compared to MC 

Ni lead to the conclusion, that the contributions from crack closure are significantly reduced for very fine-

grained microstructures. This is an effect of small mode II displacements of the crack faces in UFG and NC 

material, which reduces roughness induced crack closure, as well as due to grain coarsening in the vicinity of 

the crack tip and the resulting reduction of plasticity induced crack closure. A more detailed explanation is 

given in publication B. Furthermore, MC Ni exhibits higher ΔKth values, since the cyclic plastic zone is 

significantly smaller than the grain size and hence transgranular fracture is promoted, instead of the possibility 

to follow the weak crack path along grain boundaries as in UFG and NC Ni. 
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Fig. 7: FCG of (a) MC Ni and (b) UFG Ni with two different orientations and NC Ni tested at R=0.1 and R=0.7. 
Gray dashed lines are shown as guide lines for the proportionality to of (da/dN) to ΔK².  

The FCG anisotropy of UFG Ni produced by HPT is less pronounced than in UFG Fe, however, FCG of 

A-T oriented cracks in the Paris regime is still by a factor of 4 faster than in T-R samples (see Fig. 7(b)). The 

FCG curve of NC Ni lies in between the FCG curves of UFG Ni A-T and T-R samples. Similar to UFG Fe, 

the differences in the FCG rates can be linked to the crack orientation in relation to the grain elongation 

direction. FCG perpendicular to the long axis of the grains leads to higher FCG resistance (T-R samples), than 

parallel to it. Further explanations have already been given in section 3.1 and are further discussed in 

publication B. 

Finally it should be noted, that for UFG Ni with A-T orientation a two times higher FCG rate was 

observed compared to NC Ni, although the crack path tortuosities are comparable. The difference can be 

explained by the higher strength of the NC Ni, which leads to smaller cyclic crack tip opening displacements 

and thus to a lower FCG rate. 

3.3 Austenitic steel A220 

HPT processing of the austenitic steel type A220 leads to a nanocrystalline microstructure with a mean 

grain size of about 50 nm [60]. FCG experiments were performed on this SPD material and the results 

compared to the FCG properties of MC A220 and to results from literature on coarse-grained (CG) A220. As 

also observed for ARMCO Fe and Ni, severe grain refinement resulted in a transition from transgranular 

fracture in MC A220 samples to intergranular fracture in NC A220. This indicates that grain boundaries are 

the preferred crack path under cyclic loading. 

The FCG properties of the tested MC A220 with a grain size of about 75 µm are compared in Fig. 8(a) to 

results from literature on the same material, however, with a coarser-grained microstructure (grain size ~ 1 

mm) [61]. It can be seen, that the FCG curves and threshold values are quite similar for high load ratios 

(R=0.7), but differ strongly for R=0.1. From this difference it can be concluded, that the contribution of crack 

closure mechanisms, which are pronounced in CG A220 and result in different ΔKth values for R=0.1 and 

R=0.7, are significantly reduced for the finer-grained microstructure of MC A220. Although the ΔKth of MC 

A220 are similar for R=0.1 and R=0.7, slightly higher FCG rates are measured in the Paris regime for R=0.7. 
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A further reduction of the grain size leads to even less pronounced crack closure contributions, as can be seen 

by the coincidence of R=0.1 and R=0.7 FCG curves of NC A220 samples in Fig. 8(b). 

A comparison of the FCG curves of MC A220 with the HPT deformed NC A220 reveals that the grain 

refinement hardly affects the near-threshold FCG behavior, despite an increase in hardness by a factor larger 

than 3 and a reduction of the grain size by three orders of magnitude. The threshold values of MC and NC 

A220 are comparable, with 2.0 – 2.7 MPa.m0.5 for MC A220 and 2.0 – 3.2 MPa.m0.5 for NC A220, see Table 1. 

In the Paris regime faster FCG was observed for NC A220, with four times higher FCG at R=0.7 compared 

to MC A220. The difference is even larger at R=0.1, as beneficial crack closure contributions are active to a 

small extent in MC A220, but further reduced in NC A220. 

Hardly any FCG anisotropy was found for the differently oriented samples of NC A220. The FCG curves 

coincide and differences lie within the scatter of the measurement. This seems to be the result of the 

significantly smaller and less elongated grains, compared to HPT deformed Ni and ARMCO Fe. The reduced 

grain size results in smaller deflections of the crack in the case of the T-R orientation and the effect of 

geometrical shielding diminishes. 

 

Fig. 8: FCG diagrams of (a) MC A220 and (b) NC A220. Fig. (a) includes FCG data from coarse-grained A220 
redrawn from [62]. Gray dashed lines are shown as guide lines for the proportionality of (da/dN) to ΔK² and ΔK3. 

Exposing NC A220 to a temperature of 550°C for 30 minutes, leads to an increase in hardness from 502 

HV to 597 HV due to dislocation annihilation and relaxation processes, without changing the grain size of the 

microstructure [60]. Therefore, comparing the FCG properties of this heat treated NC A220 (further 

denominated as NC A220 HT) to the as-deformed NC A220 can help to separate the effect of the increase in 

strength from the effect of a change in grain size. The FCG curves of as-deformed and heat treated samples 

are shown in Fig. 9(a) for orientation A-T and Fig. 9(b) for orientation T-R. The R=0.7 curves are fitted by 

dashed lines and the heat treated counterparts by dash-dotted lines. Thereby it can be seen that the increase in 

strength results in a reduction of the FCG rate by a factor of about 0.7. When a blunting and re-sharpening 

process is assumed to be the dominating FCG mechanism, the FCG rate can be estimated by Equ. 6. This 

leads to the following estimation of the change of the FCG rate as a result of a change in hardness: 
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with σy being the yield strength, H the hardness and the superscripts AD and HT for the as-deformed and 

heat-treated state, respectively. The estimation yields a difference of a factor 0.84, which is close to the 

difference actually measured from the FCG diagrams and thus further supports the assumption that FCG of 

NC A220 is mainly governed by plastic deformation. This leads to the conclusion that an increase in strength 

results in a reduced FCG rate, regardless if it originates from grain refinement or other strengthening 

mechanisms. However, this is only valid as long as the fracture mode remains unchanged and only for 

situations where crack closure mechanisms do not play an important role (e.g. at high mean stresses). 

 

Fig. 9: FCG of as-deformed and heat treated (HT) NC A220 samples with (a) orientation A-T and (b) orientation T-
R. Dashed lines are fit lines for the as-deformed NC A220; dash-dotted lines are fit lines for the heat treated NC A220. 

3.4 Pearlitic steel 

Discs of the pearlitic railway steels R260 and R350 with a diameter of 30 mm were deformed by HPT for 

¼ and ½ turn. Thereby the applied shear strain is too small to generate saturated microstructures, however, 

the focus here was on microstructural states being found on the top-surface of railways under rolling-contact 

fatigue conditions [63,64]. From Fig. 10(a) and (b) it can be seen that the lamellae show a tendency to align 

parallel to the shear plane of the HPT process. The applied strain, however, was not high enough to cause a 

fully aligned microstructure and thus regions with lamellae oriented in other directions are still visible (e.g. in 

the center of Fig. 10(b)). In general, the material exhibits a lamellar spacing of a few hundred nanometer (Fig. 

10(c)), which, however, can appears larger in the microsections when lamellae are cut under a flat angle. 

Between the cementite lamellae the ferritic phase is ultrafine-grained, as shown in Fig. 10(d). 
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Fig. 10: SEM back-scatter electron images of an R260 sample, deformed by HPT with a total strain of εVM=1.2, 
viewed in radial direction. (a) and (b) show overview images of the HPT deformed material. The material in general 
exhibits lamellar spacings in the range of a few hundred nanometers (see figure (c)). However, when lamellae are cut 
under a flat angle they can appear to have larger spacings, as for example in the center of (b) and in (d). In figure (d) it 
can be seen, that the ferritic phase between the cementite lamellae consists of ultrafine grains. 

For R260, samples with four different orientations in respect to the HPT process were prepared (A-T, T-

R, T-A and T-R) from regions with an εVM of about 1.2 and tested at R=0.1 and R=0.7. Furthermore one A-T 

sample was taken from a position with a higher strain of about 2.3. For R350, A-T and T-R specimens with an 

εVM of about 1.2 were produced and tested at R=0.1. The FCG curves of the samples are shown in Fig. 11. It 

can be seen, that effective threshold values are only slightly affected by the sample orientation, with ΔKth,eff 

values in the range of 2.6 to 3.6 MPa.m0.5 and ΔKth values between 3.0 to 4.4 MPa.m0.5 for all orientations of 

R260 and R350. The R260 R=0.1 T-A sample exhibited the highest thresholds and in general slower FCG 
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compared to the other orientations (see Fig. 11(b)). Larger differences exist in the Paris regime, where the 

FCG rates of A-T samples were found to be up to a factor of 6 higher than for the orientation with the 

slowest FCG (T-A). The FCG rate of A-T specimens is about 2 times higher than for T-R in R260, and about 

4 times higher in R350. Hence, a pronounced FCG anisotropy exists for these pearlitic steels, even when the 

imposed strain from the SPD processing is quite low. This can be linked to the tendency of the lamellae to 

align parallel to the shear plane of the HPT process, which is clearly visible in Fig. 10(a) and (b). Therefore, 

cracks in axial direction (T-A) encounter more interfaces and are deflected more frequently. In contrast, cracks 

parallel to the shear plane (A-T) are in many regions also parallel to the aligned ferrite-cementite interfaces and 

can thus follow these weak crack paths, getting deflected less often than in other orientations. 

Only little difference exists between two A-T samples from regions with a nominal εVM of about 1.2 and 

2.3, as presented in Fig. 11(c). However, also the mean hardness of these two samples varies only slightly, with 

387 HV for εVM=1.2 and 417 HV for εVM=2.3. The small difference could be a result of an inaccuracy during 

the extraction of the samples from the HPT disc. Thus, the εVM=2.3 sample could have been closer to the 

center of the disc than planned and, therefore, actually a smaller strain was introduced than the nominal 

εVM=2.3. 

In Fig. 11(d) the FCG curves of R350 specimens with εVM=1.2 are presented and can be compared to the 

dashed and dash-dotted fit lines of the corresponding R260 samples. It is obvious that R350 samples show 

lower FCG rates in the Paris regime compared to R260, which can be explained by the higher strength and 

hardness of this alloy (445 HV for R350, 380 HV for R260). As mentioned earlier, the higher strength reduces 

the ΔCTOD and results in lower FCG rates (see Equ. 6). This assumption is valid if the FCG is governed by 

blunting and re-sharpening, which seems to be likely for ductile steels, such as R260 and R350. 
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Fig. 11: FCG diagrams of HPT deformed R260 and R350. In (a) the FCG curves of R260 A-T and T-R samples, in 
(b) the FCG curves of R260 R-T and T-A samples are compared. In (a), (b) and (d) the introduced shear strain εVM of the 
samples was about 1.2, in (c) the effect of different imposed shear strains is shown with additional data from a R260 
sample with εVM=2.3. (d) shows the FCG curves of R350 for A-T and T-R samples. Dashed, dash-dotted and dotted 
lines are fit lines for HPT deformed R260 in A-T, T-R and T-A orientation, respectively. 

A comparison of FCG data from literature on R260 is given in Fig. 12. Coarse-grained R260 exhibits a 

ΔKth value larger than 10 MPa.m0.5, which is more than a factor of 2 higher than that of HPT deformed 

material. This seems to be a consequence of larger and more randomly aligned pearlite colonies [65]. 

However, it has also to be mentioned that load-shedding technique was used in study [65] to obtain the FCG 

curves, which is known to have a tendency to yield higher ΔKth values. For a better comparison the fit lines of 

HPT deformed R260 are included in the diagram (dashed line for A-T samples, dash-dotted for T-R and 

dotted for T-A). In the Paris regime the FCG rate of un-deformed R260 is within the range HPT deformed 

R260, however, the slope of the curve appears steeper and the Paris exponent m is higher. FCG data already 

exists for ECAPed R260 with εVM=0.67 and εVM=2.00, for two different orientations (both R-R, however, 90° 

rotated around the extrusion axis) tested at R=0.5 [66]. The ΔKth values of the ECAPed samples are quite 

similar to those of the HPT deformed samples from the present study (see marked range underneath the 

abscissa) and variations are small for the different orientations. Also in the Paris regime differences are small 

for the two orientations of εVM=0.67 specimens and therefore only the curve of the sample orientation A is 

redrawn in Fig. 12. This FCG curve is within the range of A-T and T-R samples of HPT deformed R260 with 

εVM=1.2. For ECAP deformation up to an εVM of 2.00 the orientation dependence of the FCG resistance is 

remarkably high, with an almost two orders of magnitude higher FCG rate for orientation B compared to A. 

The FCG curve of ECAPed sample A is similar to that of the HPT deformed T-A sample, and FCG curve of 
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ECAPed sample B is comparable that of the HPT A-T sample tested at R=0.7. This indicates that regardless 

of the technique, a similar FCG anisotropy arises from severe plastic deformation of materials, provided that 

elongated and aligned structures are generated. 

 

Fig. 12: Redrawn FCG curves of the pearlitic steel R260 with data from literature. Data from un-deformed R260 was 
taken from [65]. Data of ECAPed R260, which was deformed for 1 pass and 3 passes, is taken from [66]. The range of 
the ΔKth values of the present study is marked under the abscissa. Fit lines of FCG curves of R260 samples of the present 
study are included (dashed line for A-T samples, dash-dotted for T-R and dotted for T-A). 

In Fig. 13 the FCG curves of A-T and T-R samples of HPT deformed ferritic ARMCO Fe and HPT 

deformed R260 samples with εVM=0.67 are compared. Threshold values are similar for both materials and 

show the same dependency on the load ratio. Also regarding the FCG rate in the Paris regime little difference 

was observed for T-R specimens. For A-T specimens ARMCO Fe shows an even faster FCG rate than R260. 

However, it has to be kept in mind, that much larger strains were introduced in ARMCO Fe samples, than in 

R260 specimens and thus, grains are even more elongated and aligned than in R260. 

 

Fig. 13: Comparison of the FCG curves of ARMCO Fe with R260. Gray dashed lines are shown as guide lines for 
the proportionality to of (da/dN) to ΔK3 . 
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3.5 Superelastic NiTi 

Superelastic NiTi was chosen as an example for a material with a more complex mechanical behavior and 

direct industrial relevance. This material is widely used for medical applications, due to its ability to endure 

large cyclic strains by superelastic phase transformation [67–71]. A promising strategy to further optimize the 

mechanical properties of NiTi is grain refinement by SPD processing [72–77]. For the present work NiTi was 

deformed by ECAP at 450°C for 8 passes, using route BC
1. Thereby a significant grain refinement was 

achieved, with a mean grain size of the as-received (AR) state of about 100 µm and about 1 µm for the 

ECAPed material. It has to be noted, that the microstructure of the ECAPed NiTi is inhomogeneous, 

consisting of regions with grains as small as 100 nm and coarser-grained regions with grains up to 5 µm. The 

grain refinement resulted in an increase in hardness from 240 HV in the as-received state to 300 HV for the 

ECAPed NiTi. A more detailed description of the microstructure and the mechanical properties obtained 

from tensile tests and fracture toughness experiments can be found in publication D. In the following the 

discussion is limited to the FCG behavior of AR and ECAPed NiTi. 

The FCG curves of AR NiTi in Fig. 14(a) show that for R=0.7 ΔKth and ΔKth,eff coincide at about 0.9 

MPa.m0.5, which is also close to the ΔKth,eff at R=0.1 (1.1 MPa.m0.5) and can be seen as the intrinsic FCG 

threshold. Due to contributions from crack closure AR NiTi exhibits cyclic R-curve behavior and thus at low 

mean stresses (R=0.1) ΔKth,eff is lower than ΔKth (1.6 MPa.m0.5). In the Paris region the pronounced effect of 

crack closure is visible by a more than a magnitude higher FCG rate for samples tested at R=0.7 compared to 

R=0.1. Regarding the near-threshold region only small differences exist between AR and ECAPed NiTi. 

 

Fig. 14: FCG diagram of (a) as-received and (b) ECAPed NiTi. Fit lines for the Paris region of the as-received NiTi 
are shown as gray dashed lines in (a) and are also included in the FCG diagram of ECAPed NiTi (b) for comparison. 

Although ECAP processing of NiTi resulted in a severe grain refinement, the fracture mode during FCG 

of ECAPed NiTi remained transgranular as it was also observed in AR NiTi. Furthermore, the FCG curves of 

AR and ECAPed NiTi in Fig. 14(a) and (b) show that only small differences between the two material states 

exist. For AR and ECAPed NiTi, ΔKth and ΔKth,eff values coincide at about 0.8 to 1 MPa.m0.5 at R=0.7, which 

is also close to the range of ΔKth,eff values at R=0.1 (1.0 to 1.1 MPa.m0.5) and can be seen as the intrinsic FCG 

threshold. Due to contributions from crack closure NiTi exhibits cyclic R-curve behavior in its AR and 

                                                      
1 For ECAP route BC the billet is rotated 90° after each cycle. 
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ECAPed state and thus at low mean stresses (R=0.1) ΔKth,eff is significantly lower than ΔKth (1.6 MPa.m0.5 for 

AR NiTi and 1.3 to 2.4 MPa.m0.5 for ECAPed NiTi). In the Paris region the pronounced effect of crack 

closure is visible by a higher FCG rate for samples tested at R=0.7 compared to R=0.1. The difference is 

larger than one order of magnitude for AR NiTi and slightly reduced for ECAPed NiTi. Compared to AR 

NiTi, the finer-grained ECAPed NiTi shows lower FCG rates at R=0.7 but higher rates at R=0.1. Significant 

scatter is observed for ECAPed NiTi, which is likely to be an effect of the microstructural inhomogeneity of 

the material. For ECAPed NiTi three sample orientations were tested; however, differences in their FCG 

curves lie within the scatter. Thus, it can be concluded that there is no pronounced FCG anisotropy in 

ECAPed NiTi. From the above mentioned observations the following aspects can be summarized: 

 Despite ECAP deformation, the average grain size is still too large to provoke a transition from 

transgranular to intergranular fracture. 

 Although the grain size varies remarkably for AR and ECAPed NiTi, hardly any difference exists 

in their ΔKth,eff values. This indicates that the stress intensity factor range necessary for the first 

crack extension is an intrinsic material property and not significantly influenced by the 

microstructure. 

 At high mean stresses (R=0.7) ECAP processing leads to a reduction of the FCG rate, as the 

fracture mode is not changed but the strength of the material is increased. When FCG is assumed 

to be controlled by plastic deformation, this leads to a smaller ΔCTOD and therefore to slower 

fatigue crack propagation, as it has already been discussed in the previous sections. This 

assumption seems to be appropriate for NiTi and can explain the differences in the FCG rates. 

 At lower mean stresses (R=0.1) significant roughness and plasticity induced crack closure is active 

in the AR NiTi. Due to the grain refinement crack closure contributions are reduced for ECAPed 

NiTi and thus a tendency to higher FCG rates is observed for ECAPed samples compared to AR 

NiTi. 

 No clear FCG anisotropy was observed for ECAPed NiTi, as a result of more equiaxed grains. 

Grains are less elongated than in UFG metals produced by HPT, since the shear plane of ECAP 

route BC changes for each pass and the introduced shear strain after 8 passes is still small 

compared to HPT processed materials mentioned before. 
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3.6 Fracture surface analyses 

Fig. 15 shows exemplary SEM images of the fracture surfaces of all tested materials. As mentioned in the 

discussion of the individual materials, strong grain refinement often results in the change from transgranular 

to intergranular fracture. Transgranular fracture is visible on the fracture surfaces of MC ARMCO Fe, MC 

A220 and MC NiTi, and is characterized by small ledges and other asperities. For MC Ni also areas with 

intergranular fracture can be observed, where the contours of the grains are clearly visible (see high 

magnification image of MC Ni). The fracture surfaces of UFG ARMCO Fe, UFG Ni and NC A220 exhibit 

almost exclusively intergranular fracture, and thus the contours of the small grains of these microstructures 

can be seen in the high magnification images. In contrast, the facture surfaces of R260 and NiTi are 

dominated by transgranular fracture also in their SPD state.  
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Fig. 15: Exemplary SEM images of the fracture surfaces of the tested MC, UFG and NC materials. Each row shows 
images of different materials or material states. Images in one column are shown at the same magnification. 
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3.7 Comparison FCG diagrams 

In the following, the FCG diagrams of all tested materials are shown together for an easier comparison. 

More details can be found in the results sections of the individual materials. 
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Fig. 16: Overview of the FCG diagrams of all tested materials. The FCG curves are discussed in more detail in the 
individual results sections. 
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4 Discussion 

In the following sections, the results of the different materials are compared and the effect of grain 

refinement on the FCG properties is discussed. The results of the individual materials and microstructures are 

described in more detail in sections 3.1 to 3.5. 

4.1 Effective and long crack threshold stress intensity factor range 

As mentioned in the introduction, it is important to differentiate between the effective threshold stress 

intensity factor range ΔKth,eff and the long crack threshold stress intensity factor range ΔKth. ΔKth,eff is an 

intrinsic material property and depends for microcrystalline metals mainly on the Young’s modulus, E, and 

the length of the burgers vector, b, as described by Equ. 5. In Fig. 17(a) the investigated MC materials are 

plotted by their product of the Young’s modulus and the square root of the burgers vector against the 

determined ΔKth,eff. The linear relationship confirms that ΔKth,eff of MC metals is mainly influenced by lattice 

parameters; the microstructure plays only a minor role. 

  

Fig. 17: Comparison of the threshold stress intensity factor ranges of the investigated MC, UFG and NC metals. In 
diagrams (a) and (b) the effective threshold stress intensity factor ranges ΔKth,eff are compared, in (c) and (d) the long-
crack threshold stress intensity factor ranges ΔKth measured at R=0.1 are shown. The materials are listed by the product 
of their Young’s modulus E and the square root of length of their Burgers vector b. 
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For SPD metals, however, larger deviations from the linear behavior are observed (Fig. 17(b)). This can be 

explained when the size of the cyclic plastic zone, rCPZ, is compared to the grain size, as shown in Table 2. For 

MC metals, the cyclic plastic zone (CPZ) is significantly smaller than the grain size (ratio of (grain size)/(rCPZ) 

significantly larger than 1 in Table 2) and thus, dislocations which are emitted from the crack tip move in 

general in a continuum (single crystal). In contrast to that, the grain size of UFG and NC metals is in the 

range of the CPZ size (ratio of (grain size)/(rCPZ) smaller or close to 1 in Table 2) and therefore dislocations 

interact with grain boundaries after they are emitted from the crack tip. Hence, the ΔKth,eff of very fine-grained 

materials is not only influenced by continuum mechanics parameters but also by the grain size and the grain 

boundary type. 

Table 2: Comparison of the relations between the CPZ size and the grain size for all tested materials at ΔKth,eff and 
ΔK=10 MPa.m0.5. The strength was estimated from hardness measurements with the Tabor rule 
(σy ≈ 3 * H * 1 MPa/HV) [78]. The CPZ sizes, rCPZ, were calculated for plane strain conditions according to [79]. 

 

In the diagrams of Fig. 17(c) and (d) the long crack threshold stress intensity factor ranges ΔKth measured 

for R=0.1 are plotted for MC and SPD metals. It is obvious from the large deviations from the guideline that 

the afore-mentioned approach is not appropriate to estimate long crack ΔKth values, since they are strongly 

influenced by crack closure. A tendency to lower ΔKth values was observed for UFG and NC materials, which 

seems to be a consequence of reduced crack closure contributions; this will be discussed in section 4.3. 

4.2 FCG rate at high mean stresses 

FCG experiments at R=0.7 can be used to assess the intrinsic FCG resistance, since a high mean stress of 

the cyclic load often results in a nearly complete reduction of crack closure contributions for MC and finer-

grained metals (UFG and NC). As already described in the results sections, there exist many indications that 

FCG of the investigated materials is mainly governed by plastic deformation. Thus, the FCG rate is predicted 

to be inversely proportional to the strength of the material (see Equ. 6). As the strength of a material increases 

with grain refinement, the FCG rate is supposed to decrease. However, if the stage II FCG rates of 

microcrystalline ARMCO Fe, A220 and Ni are compared with their UFG and NC counterparts, a tendency to 

higher FCG rates for UFG and NC materials is found. It has to be mentioned, that the grain refinement of 

these materials is not only accompanied by an increase in strength, but also by a change in the fracture mode 

during FCG, from transgranular fracture in the MC state to intergranular fracture in the SPD state. It seems 

that the FCG resistance for crack growth along grain boundaries is lower and therefore FCG rates are 

increased by the large change in grain size, although the increase in strength counteracts this trend. In fact, 

when the fracture mode remains unchanged by the SPD processing, as for example in the case of NiTi, the 

reduced grain size and increased strength leads to a decrease in the FCG rate, which can be well explained by 

the FCG model based on blunting and re-sharpening (see Equ. 6). The comparison of as-deformed NC A220 

with heat treated NC A220 further confirms that an increase in strength is responsible for the reduced FCG 

rate. The heat treatment of NC A220 did not lead to a change in grain size but resulted in an increased 
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strength and provoked a reduced FCG rate. The simultaneous decrease in defect density had no detrimental 

effect either. The same trend was found for the FCG of the HPT deformed pearlitic steels R260 and R350, 

where higher FCG rates were observed for R260, which has a lower strength than R350. This indicates that a 

higher strength leads to a higher intrinsic FCG resistance, regardless of the type of the strengthening 

mechanism, as long as there is no transition in the fracture mode. 

However, also the hardening behavior of a material influences the FCG rate. Cyclic hardening reduces the 

ΔCTOD and therefore decreases the crack advance per cycle (and thus the FCG rate), which is taken into 

account by the factor dn in Equ. 6. The coefficient dn depends on the hardening behavior and lies in the range 

of about 0.1 for strongly hardening materials to 0.68 for non-hardening materials [80]. Thus, materials which 

exhibit significant cyclic hardening, such as many MC metals, are expected to show a tendency to lower FCG 

rates, compared to less hardening materials, as for example SPD deformed UFG and NC metals. This can be 

a reason for increased FCG rates of SPD processed metals, compared to un-deformed MC materials, which is 

frequently observed in experiments. 

4.3 Crack closure contributions 

In order to understand the effect of grain refinement on the FCG behavior under loading conditions with 

lower mean stress, crack closure contributions have to be considered. It is commonly reported that UFG and 

NC materials exhibit less pronounced crack closure than their coarser-grained counterparts. This reduction of 

crack closure contributions due to severe grain refinement is also observed in the experiments of the present 

thesis. Especially for UFG Fe, UFG Ni and NC austenitic steel A220 the ΔKth value is close to ΔKth,eff and the 

FCG rates in the Paris regime are quite similar for R=0.1 and R=0.7. This leads to the conclusion, that crack 

closure mechanisms, such as RICC, OICC and PICC, which typically reduce the FCG rates in ductile metals 

(see section 2.2.1), are less active in these very fine-grained metals. The diminishment of crack closure with 

grain refinement is extensively discussed in the publications B and C in the annex. RICC crack closure is 

reduced due to the more homogeneous plastic deformation in NC and UFG metals, which in turn decreases 

the mode II displacement of the crack faces. Therefore, there is less mismatch between the two halves of the 

sample and hence, pre-mature contact of the crack faces is reduced. Furthermore, the fracture surfaces of 

UFG and NC samples are much smoother than the MC samples with smaller asperities, which means fewer 

contact points especially at larger crack tip opening displacements. Contributions of OICC are expected to be 

small, as no oxide debris was found on the fracture surfaces of all studied materials. Reduced contribution 

from PICC can be explained by the instability of the microstructure. Grain coarsening around the crack tip 

leads to a larger size of the cyclic plastic zone and therefore to a reduction of the stored dislocations in the 

wake of the crack. As stored dislocations from the monotonic deformation are responsible for the plastic 

wedge and thus for PICC, their reduction results in a weakening of PICC. More details can be found in 

publications B. To summarize, diminishing crack closure contributions in UFG and NC metals seem to be the 

reason, that ΔKth values are reduced and approach ΔKth,eff. Furthermore, the very fine-grained materials exhibit 

a trend to higher FCG rates at low means stresses, compared to MC metals, due to the reduction of RICC and 

PICC. 

4.4 Orientation dependence of the FCG resistance 

The FCG resistance of UFG and NC materials produced by SPD can be significantly influenced by the 

orientation of the crack in respect to the foregoing deformation process. In general, there is a trend to lower 

FCG resistance for cracks growing parallel to the shear plane of the SPD process (A-T orientation in HPT 
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deformed samples), than parallel to it (T-R orientation). This is observed e.g. in HPT processed UFG 

ARMCO Fe, UFG R260 and UFG Ni. In some materials crystallographic texture is found to be the reason for 

anisotropic mechanical properties. This, however, is unlikely for the present SPD processed materials, since 

only a weak shear textures evolve, as reported in literature for interstitial free steel [23,81,82] and observed 

from X-ray diffraction experiments on Fe. It seems more reasonable that the FCG anisotropy of SPD 

processed metals is a result of the grain geometry. Many SPD methods, such as HPT and ECAP, lead to a 

microstructure consisting of grains elongated parallel to the shear direction of the deformation process. As 

cracks were found to grow along grain boundaries, it makes a difference if the crack is oriented parallel to the 

shear plane and hence parallel to the elongation direction of the grains (A-T samples) or perpendicular to it 

(T-R samples). Cracks parallel to the elongation direction can follow elongated grain boundaries, without large 

deviations from the straight crack path. This is in contrast to the situation for cracks perpendicular to longer 

axis of the elongated grains, where the cracks are deflected more frequently and to larger angles from its 

straight path. A schematic of this behavior is given in Fig. C-10 of publication C. The result is a more tortuous 

crack path and rougher fracture surface for T-R samples, compared to A-T specimens. Furthermore, the 

frequent crack deflections act as a geometric shielding mechanism and reduce the local crack driving force. 

Thus, FCG rates are lower for cracks perpendicular to the grain elongation direction, than parallel to it. The 

orientation of the crack seems to also influence the crack tip opening angle and the crack tip blunting angle, 

which results in an orientation dependent overall FCG rate. 

In contrast to UFG ARMCO Fe and UFG Ni, NC A220 showed almost no anisotropic FCG behavior, 

although the same strain was applied by HPT. Therefore, it can be concluded that the applied strain is not 

crucial for the appearance of anisotropic FCG behavior. In addition, HPT processing does not necessarily 

lead to orientation dependent mechanical properties. For example, it is known that HPT deformed metals 

provide only weak orientational differences in yield strength. In the case of A220, grains are also slightly 

elongated; however, their elongation is weaker and they are a magnitude smaller than in UFG Fe and Ni. 

Therefore, deflections of the crack in the case of T-R specimens are also smaller and the effect of the 

geometric shielding diminishes. 

In conclusion, it was found that the anisotropy of the FCG rate in SPD processed materials is 

predominantly a result of the grain geometry. Repeated deflections of the cracks, which occur more frequently 

for cracks perpendicular to the longer axis of the grains, can effectively increase the FCG resistance. However, 

this advantageous effect seems to diminish for NC materials, as the deflections get smaller due to the further 

reduced grain sizes and less pronounced grain elongation. 

5 Conclusions 

In the present thesis the fatigue crack growth of severely plastically deformed metals was comprehensively 

studied and compared to microcrystalline materials. It was found that the effective threshold stress intensity 

factor range ΔKth,eff is only slightly affected by the grain size reduction of the SPD processing. However, the 

threshold of the long crack stress intensity factor range ΔKth as well as the FCG resistance at low mean 

stresses is generally lower for UFG and NC materials, compared to their coarser-grained counterparts. This is 

a result of reduced contributions from plasticity and roughness induced crack closure due to microstructural 

instability, a more homogeneous deformation and less crack path tortuosity of the very fine-grained metals. 

Nevertheless, the intrinsic FCG resistance, which is important in conditions where crack closure plays a minor 

role (high mean stresses), was found to be increased by the grain refinement as a result of the increase in 
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strength. This can be well explained by a FCG model based on plastic deformation, which further confirms 

the assumption that the FCG of SPD processed metals is dominated by a blunting and re-sharpening 

mechanism. However, when the grain refinement is accompanied by a change in the fracture mode from 

transgranular to intergranular fracture, grain boundaries act as weak crack paths and counteract the beneficial 

effect of the increase in strength. Also the reduced cyclic hardening of SPD processed UFG and NC materials 

can lead to higher FCG rates. Furthermore, UFG and NC materials show an orientation dependent FCG 

behavior, when the deformation process yields elongated grains. Cracks oriented parallel to the longer axis of 

the grains were found to grow up to a magnitude faster than cracks perpendicular to the elongation direction. 

From this behavior it can be concluded that the frequent deflections of the perpendicular cracks act as a 

geometrical shielding mechanism and enhance the FCG resistance. However, this tendency diminishes for 

even finer-grained metals (e.g. NC A220), as deflections get smaller due to the small grain size and the more 

equiaxed grains. 

In this work the fundamental relationships between microstructure and the resulting FCG behavior were 

elaborated. With the newly gained knowledge it is possible to distinguish between extrinsic and intrinsic 

effects of grain refinement on the FCG. The deterioration of the FCG behavior with grain refinement, which 

is often reported in literature, was found to be associated with the reduction of crack closure contributions 

and the change from transgranular to intergranular fracture. However, the general increase in strength induced 

by SPD processing is beneficial and results in an increase of the intrinsic FCG resistance. Furthermore, 

elongated grains, which often result from SPD processing, lead to geometric shielding and thus, to a reduced 

FCG rate for cracks perpendicular to the elongation direction. These results help to find strategies to improve 

the FCG resistance of UFG and NC metals, which, otherwise, can be a severe limitation for their application 

as engineering materials. Suggestions for future work and recommendations to improve the FCG behavior are 

shortly summarized in the following: 

 It is recommended to use the load rising method for the determination of the threshold stress 

intensity factor range. This testing procedure yields conservative effective ΔKth values, 

independent of the contributions of crack closure, which is not necessarily the case for the load 

shedding method. 

 Grain refinement by SPD can lead to an increase in the intrinsic FCG resistance due to the 

increased strength, as long as the fracture mode is not changed from transgranular to 

intergranular. Therefore it can be favorably for the FCG behavior to keep the grain size above the 

transition grain size. 

 The stabilization of the microstructure could help to avoid the reduction of the beneficial 

contribution of plasticity induced crack closure. 

 A weaker grain elongation may lead to more balanced and less orientation dependent mechanical 

properties, including the FCG behavior. 

 However, the FCG anisotropy can also be intentionally exploited by using SPD materials in an 

orientation, which is advantageous for the designated application. For that, the elongated grains 

should be aligned perpendicular to the plane of typically evolving cracks. 
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A Fatigue crack growth behavior of ultrafine-grained nickel produced by high 

pressure torsion 
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Abstract 

In this work the fatigue crack growth behavior of ultrafine-grained high purity nickel, produced by high 

pressure torsion, was studied. Fatigue crack growth curves of samples with different orientations were 

measured at two stress ratios. It was found that cracks propagating in two specific directions of the HPT disc 

show differences up to a factor of four in their fatigue crack growth rate and also deviations in their ΔKth 

values. By the analysis of stereophotogrammetric images of the fracture surfaces, crack branching and crack 

deflection were found to be active crack tip shielding mechanisms. Only a small influence of the stress ratio 

has been observed. 
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A.1 Introduction 

Information about the fatigue crack growth behavior of a material is essential for engineering applications. 

When a crack already exists in a component, introduced e.g. by the manufacturing process, it is important to 

know under which loading conditions a crack will start to grow and at which rate it will propagate. 

Whereas fatigue crack propagation has been determined for a vast majority of engineering materials over 

the last decades, the fatigue behavior is still not extensively studied for the newly introduced material classes 

of nanocrystalline (nc) and ultrafine-grained (ufg) materials. These materials are of great interest as they show 

improved mechanical and physical properties compared to their coarse grain counterparts [1]. However, a 

majority of works reports inferior fatigue crack growth behavior (e.g. [2]), with only few exceptions (e.g. [3]). 

This could be a drawback for the promising class of nanostructured and ultrafine-grained materials, as they 

would show a reduced damage tolerance under cyclic loading. 

In severely plastically deformed (SPD) material produced by high pressure torsion (HPT), which is one of 

the mayor SPD techniques, a characteristic grain shape and orientation exists, with elongated grains inclined 

about 10° to the shear direction which is the tangential direction in HPT samples [4, 5]. Experiments on HPT 

deformed materials have shown an unusual large effect of the testing direction on their mechanical properties, 

such as tensile strength, ductility and fracture toughness [4, 6, 7]. Therefore it is of natural interest to expand 

such studies onto the FCG of differently orientated cracks, in order to see if they show different behavior and 

if there are orientations that have a larger resistance to crack propagation. 

A.2 Material and methods 

Nickel with a purity of 99.99% was deformed by HPT at room temperature with a pressure of 3.7 GPa for 

15 revolutions. Thereby discs with a diameter of 30 mm and a height of 7.5 mm were produced. A saturation 

hardness of about 280 HV 0.5 was measured, which, according to Rathmayr et al. [8], correlates very well to a 

grain size of 450nm, determined with EBSD. Samples were only taken from regions with a shear strain γ from 

40 to 200 where it can be assumed that a saturation microstructure was reached. Compact tension (CT) 

samples were prepared with four different orientations, also shown schematically in Fig. A-1: 

 Crack in axial direction = AD 

 Crack in radial direction = RD 

 Crack in tangential direction, cracking plane parallel to shear plane = TD  

 Crack in tangential direction, cracking plane perpendicular to shear plane = TD-B 

The sizes of the CT specimens were chosen according to the standard E647 [9], with W=5.4mm, 

B=1.0mm to 1.3mm and an=0.9mm to 1.4mm, equal for all orientations. Notches were produced with a 

diamond wire saw and extended and sharpened to a radius of 5 to 30 µm by razor blade grinding. Finally a 

fatigue crack was introduced with a resonance testing machine (Rumul Russenberger + Müller, Switzerland) 

under cyclic compressive load. The compression load was kept as low as possible to generate an open crack of 

20 – 50 µm length, measured from the root of the notch to minimize the tensile residual stresses in front of 

the pre-crack [10]. 
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In order to measure the crack length during the FCG experiments the potential drop technique (PDT) was 

used. Therefore wires were attached to the specimens by point welding for electrical current input and 

potential drop measurement at the crack. The position of the attachment of the wires was the same for all 

specimens. Wires for the current input were attached at the height of the end of the pre-crack and wires for 

the potential measurement were welded 0.45 to 0.65mm symmetrically from the center, as can be seen in Fig. 

A-2.  

To calculate the crack length from the potential drop at the crack a calibration function was determined. 

This was done in two ways: Firstly by simulating the potential of a specimen with the same dimensions and 

the same electrical current input for various crack lengths with the simulation software FEMM [11]. Secondly 

by the usage of the analogue method, where an aluminum foil with 10 times enlarged dimensions of the CT 

specimens was slit by a razor blade and the changes of the potential drop were measured. Both methods 

showed the same results and a fit of the data was used to calculate the crack length. 

 

 

Fig.  A-1: (a) Schematic of the different orientations of the investigated specimens; (b) Image of a CT specimen, 
showing the positions of the attached wires. Wires marked with I are for current input, wires marked with V are for 
potential measurement. 

The FCG experiments were carried out on a MTS Tytron 250 microforce testing system with a 250 N load 

cell and a sinusoidal force with a frequency of 40 Hz. Specimens were tested at  stress ratios of R=0.1 and 

R=0.7. To find the threshold of stress intensity range ΔKth FCG experiments were started with low stress 

intensity ranges of about ΔK=1.5 MPa m0.5. If after 200,000 loading cycles the measured crack propagation 

was less than 10µm (i.e. a FCG rate less than 5*10-11 m/cycle), it was assumed that the crack did not propagate 

and the load was increased by a ΔK of 0.2 MPa m0.5. This was repeated until a crack growth rate higher than 

5*10-11 m/cycle was detected and the crack finally propagated until the failure of the specimen. In order to get 

FCG data at higher ΔK also, the testing of some samples was started at ΔK of 4 to 9 MPa m0.5 and continued 

until failure. 

After the FCG experiments the FCG curves were calculated and crack paths of the samples compared. 

Furthermore the fracture surfaces were studied in the scanning electron microscope (SEM) "LEO Gemini 

1525" with field emission cathode. For the creation of stereophotogrammetric images to reconstruct the 

surface topography, SEM images of exactly the same positions were taken at tilting angles of 0° and 3° [12] 

and combined and analysed with the software MeX of Alicona Imaging Corporation. 
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A.3 Results 

A.3.1 Crack Paths 

After the FCG experiments the crack paths in the different orientations were studied. An overview of to 

crack paths in the differently orientated specimens is given in Fig. A-2. It is obvious that there are preferred 

crack growth orientations. Cracks in AD specimens do not propagate in the axial direction predetermined by 

the notch, but grow in a plane approximately 25° inclined to the shear plane of the HPT process. Cracks in 

TD specimens only deviate slightly from the predetermined direction and grow in a plane approximately 15° 

inclined to the shear plane. In RD samples cracks gradually change their paths to the tangential direction and 

are finally perpendicular to the introduced pre-crack. For TD-B samples the predetermined crack path is 

already in tangential direction and therefore the crack path only shows a slight curvature. 

 

 

Fig.  A-2: Illustration of the crack path in the differently orientated samples and their position in a HPT disc. 

A.3.2 Fatigue crack growth diagrams 

In Fig. A-3 FCG curves are shown. There are remarkable differences caused by the orientation of the 

samples in the ΔKth values and especially the FCG rates of the tested samples. With ΔKth=2.0 MPa m0.5 TD 

specimens showed the lowest threshold values, followed by TD-B specimens with ΔKth=2.4 to 2.6 MPa m0.5 

and AD with ΔKth=2.6 to 2.9 MPa m0.5. For RD specimens the highest threshold values of ΔKth=2.7 to 2.9 

MPa m0.5 were measured. 

Even more obvious are the differences concerning the FCG rates, especially between RD and TD samples. 

In the steady state region of TD samples, cracks were found to propagate about 4 times faster than in RD 

samples. AD and TD-B samples showed the same FCG rates as TD specimens, with only small deviations. 

Comparing FCG curves measured at different stress ratios it is interesting to note that the curves are 

essentially the same, both considering ΔKth and the FCG rates. 

The steady-state or Paris region of all measured FCG curves can be fitted very well with ΔK2 as depicted 

with dash-dotted lines in the diagrams. 
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Fig.  A-3: Effect of sample orientation and stress ratio on FCG curves. (a), (b) FCG curves for AD and RD 
specimens, respectively. Always one dataset is from tests at a stress ratio of 0.7 (shaded triangles, e.g. AD 8, RD 5), the 
rest of the experiments was performed at a stress ratio of R=0.1. Two to three R=0.1 experiments were carried out in 
order to find the threshold of stress intensity range ΔKth and therefore start at low ΔK values (e.g. AD 3, RD 2). 
Additional tests were performed in order to get information about FCG behavior at larger ΔK and therefore were started 
at higher ΔK (e.g. AD 6 and RD 6). (c) FCG curves of TD and TD-B samples tested at R=0.1. (d) FCG curves of TD 
samples tested at R=0.7. For a better comparison fitted FCG curves of the respective other orientations were added in all 
diagrams (blue and red solid lines). Dash-dotted lines are proportional to ΔK2. 

A.3.3 Fracture surface analysis 

Fracture surfaces of the specimens were analyzed in the SEM. In all specimens intergranular fracture is 

observed and the form of the grains can clearly be seen. However, depending on the orientation of the 

cracking plane the samples show quite different fracture surface morphologies. In order to get more 

information about the roughness, three dimensional stereophotogrammetric images were created, shown in 

Fig. A-4. In these images the height of the fracture surface was measured along certain paths, depicted by 

black arrows in Fig. A-4. These height profiles are presented in Fig. A-5.  

As illustrated in Fig. A-4(a), fracture surfaces of RD samples appear very rough, with big elevated regions 

and deep depressions. Compared to the other orientations the grains look equiaxed. In contrast, TD fracture 

surfaces in general appear much smoother than the others (Fig. A-4(b)), which can also be seen in its height 

profile, blue curve in Fig. A-5(a). Looking at the fractorgraph of a TD-B sample in Fig. A-4(c) and the height 

profile 1 in Fig. A-5(b), there are also large differences in height visible. However, in the fracture surface of 

this sample there are paths that are smoother, where the crack was only sometimes somewhat deflected, as 

a

) 

b

) 
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shown in the height profile 2 in Fig. A-5(b). Furthermore, it can be seen that grains are elongated and about 

20° inclined to the crack propagation direction. 

 

Fig.  A-4: Fractographs of (a) RD, (b) TD and (c) TD-B samples after 1500µm crack propagation. Colors show the 
height of the surface determined by a stereophotogrammetric technique. Paths of height measurements of the fracture 
surface shown in Fig. A-5 are marked by black arrows. Crack propagated from left to right. 

 

Fig.  A-5: Height of the profiles marked by black arrows in Figs. 4(a)-(c). (a) Profiles of RD and TD. (b) Profiles of 
the two different paths marked in Fig. A-4(c). 

A.4 Discussion 

For HPT deformed nickel it was found that in the Paris region of FCG curves shows FCG rates 

proportional to ΔK2, which indicates that fracture is controlled by plastic deformation of the crack tip. 

However, by looking at the fracture surface it can be observed that all samples show intergranular fracture.  

Surprisingly large differences between the differently orientated samples were found, especially concerning 

their FCG rates. Specimens with cracks propagating in tangential direction on cracking planes parallel or 

perpendicular to the shear plane of the HPT discs (TD and TD-B specimens) show a four times larger FCG 

rate than samples with cracks propagating in radial direction (RD specimens). Cracks propagating in radial or 

axial direction seem to experience a much higher resistance, which, in case of RD samples leads to a higher 

ΔKth and a lower FCG rate in the Paris region. Furthermore the crack deviates from its predetermined path to 

directions with less resistance, either gradually like for RD samples or by kinking already at the start of the 

crack propagation, as it was observed for AD samples. Reasons for the different resistances against crack 

growth can be found by analyzing the fracture surfaces. When a crack grew in radial direction the fracture 

surface appears much rougher than for cracks in tangential directions. The rough fracture surfaces indicate 

that the crack was strongly deflected during its propagation, which causes geometrical shielding and more 

crack branching. These mechanisms seem to reduce the load at the crack tip and reduce the FCG rate [13]. 

Grains in HPT microstructures are elongated due to the shear process, with the major axis lying about 10° 

inclined to the shear plane of the HPT process [4, 5]. Cracks growing in the tangential direction of the HPT 

disc can follow the elongated grain boundaries and are therefore less deflected, which results in smoother 
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fracture surfaces. A crack propagating in radial or axial direction encounters more grain boundaries and is 

more likely to get deflected and to branch. Hence these directions exhibit a higher resistance against crack 

growth. 

For the tested samples the stress ratio showed only a small influence on the FCG curves. This indicates 

that crack closure mechanisms are not pronounced. It seems that only plasticity induced crack closure is 

present. 

A.5 Conclusion 

In this work it was observed that samples from HPT deformed nickel show significant differences in their 

fatigue crack growth behavior, depending on the orientation of the crack. However, all samples have in 

common that they show intergranular fracture. Samples with a crack in the tangential direction of the HPT 

disc show higher ΔKth values and a four times higher fatigue crack growth rate than specimens with a crack 

propagating in radial direction. This higher resistance against crack growth is caused by the orientation of the 

elongated grains of the HPT microstructure. When a crack encounters more grain boundaries, as it is the case 

for cracks propagating in radial direction, the crack is more likely to branch and deflect. Therefore the load at 

the crack tip is reduced and the crack propagates at lower fatigue crack growth rates. 

Since there was only a small influence of the stress ratio observed, it can be assumed that roughness or 

oxide induced crack closure mechanisms are not active. 
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Abstract 

The fatigue crack growth characteristics of high purity nickel with grain sizes ranging from the micro- 

down to the nanocrystalline regime were examined. Fatigue crack growth measurements for different load-

ratios combined with extensive fracture surface analyses revealed that dislocation motion is the dominating 

damage mechanism in the near-threshold region up to the Paris regime, irrespective of the grain size. Grain 

boundaries serve as preferential crack paths in the entire investigated grain size range, depending only on the 

loading conditions. The controlling factor is mainly the size of the cyclic plastic zone in comparison to the 

grain size. As a further peculiarity crack closure disappears for microstructures with a grain size below one 

micron. Along with the grain size variation the influence of the grain aspect ratio was in focus, which can 

cause a strong orientation dependence of the fatigue crack growth behavior. Elongated microstructures 

aligned perpendicular to the crack growth direction can considerably improve the overall resistance against 

fatigue crack growth. 
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B.1 Introduction 

Ultrafine-grained (ufg) metals, with grain sizes between 1 µm and 100 nm and nanocrystalline (nc) metals, 

with grain sizes smaller than 100 nm, have extensively been studied during the last years. Nc and ufg materials 

can be produced by several processes, including severe plastic deformation (SPD), electrodeposition (ED), 

mechanical alloying and gas-phase condensation. It was shown that every production route entails specific 

microstructural features. Differences exist between materials produced by different techniques e.g. regarding 

the level of impurities or the type of grain boundaries, with a higher purity and a dominance of high angle 

grain boundaries typical for SPD materials [1]. Thus, for a valid comparison of materials from different 

production routes it must be ensured that the effect of variations of microstructural features other than the 

grain size is negligible for the measured mechanical properties. However, regardless of the production 

technique, nc and ufg metals show impressive strength and good wear resistance compared to their coarser 

grained counterparts, as it was shown in numerous overviews [1, 2, 3]. There exist certain drawbacks, like a 

reported loss of ductility and instability of the microstructure, however, this has already been profoundly 

studied and strategies were found to mitigate and overcome these disadvantages [4, 5, 6]. For the use of nc 

and ufg materials in engineering applications, also fracture toughness was investigated, which is a pre-requisite 

for a damage-tolerant design [6, 7, 8]. For instance, it was found that the fracture toughness of ufg Ni 

produced by severe plastic deformation (SPD) shows a remarkable combination of high fracture toughness 

and strength [8]. Especially in materials produced with SPD techniques anisotropy in mechanical properties 

was observed [8, 9]. Nc and ufg metals are also promising materials for the use in applications subjected to 

cyclic loading, as grain refinement is accompanied by an increase in the resistance against crack initiation [10, 

11, 12]. However, also the fatigue crack growth (FCG) behavior has to be considered for an evaluation of the 

entire fatigue lifetime or the defect tolerance. Several works have shown that the FCG behavior of nc and ufg 

metals is deteriorated [13, 14, 15], i.e. the threshold for the propagation of an existing crack is lower and its 

crack growth rate higher. Hanlon et al. explained this result by the absence of extrinsic FCG mechanisms, 

such as closure, which therefore reduces the overall FCG resistance due to smaller crack path tortuosity [13]. 

In this work investigations on FCG are continued on pure Ni to gain further knowledge about the intrinsic 

and extrinsic processes controlling FCG. 

When dealing with FCG it is important to distinguish between intrinsic and extrinsic mechanisms, which 

was established by Ritchie [16]. Intrinsic mechanisms are responsible for the material separation process when 

a cracked body is cyclically loaded. The separation process can be caused by mechanisms belonging to three 

different groups: fracture by accumulated damage, crack advance due to pure deformation and FCG by cyclic 

damage [17]. The inherent resistance of the material against these separation processes can be seen as the 

intrinsic crack growth resistance. However, there also exist so-called extrinsic or shielding mechanisms which 

can hinder crack growth and reduce the FCG rate. These mechanisms reduce the load at the crack tip and 

thereby the driving force of the FCG process. One possibility is crack deflection, which changes the loading 

conditions for geometric reasons when the crack deviates from a straight crack path. This can result in an 

overall reduction of the driving force [18]. So-called contact shielding mechanisms are based on a reduction of 

the load at the crack tip due to a premature contact of the crack faces. This type of closure can be induced by 

roughness, oxides, plasticity or due to crack bridging. It is important to take these shielding mechanisms into 

account in order to correctly describe FCG and to give lifetime predictions. 

In this work two observations mentioned above will be further investigated: Firstly, the effect of the grain 

size, not only on the overall fatigue crack growth resistance, but also on the intrinsic and extrinsic FCG 
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mechanisms, will be studied. Grain size is expected to have also an influence on dislocation motion and thus 

on the intrinsic resistance. To study the effect of crack closure mechanisms, experiments at different load 

ratios were carried out. The load ratio R is defined as the ratio of the minimum load to the maximum load and 

equals the stress ratio (minimum stress to maximum stress) R=Fmin/Fmax=σmin/σmax. Furthermore detailed 

fracture surface studies on Ni with different grain sizes from the microcrystalline down to the nanocrystalline 

state are performed to gain more knowledge about this influence. Ni was chosen as data already exists for 

comparison. Furthermore a superior combination of strength and ductility was found [8], which should result 

in good FCG behavior. Secondly it will be investigated if anisotropy of fracture toughness found in ufg Ni 

produced by high pressure torsion [8] also results in fatigue crack growth anisotropy. 

B.2 Material and experimental methods 

Experiments were performed on high purity nickel with three different grain sizes (mc, ufg, nc) and 

different mechanical properties as shown in table B-1. Microcrystalline specimens were directly taken from as-

received 99.99 % purity Ni from Goodfellow™. In order to produce an ultrafine-grained microstructure as-

received Ni was deformed at room temperature by high pressure torsion for 16 rotations at a pressure of 3.67 

GPa. The produced discs had a diameter of 30 mm and a thickness of 7.5 mm. Samples were only taken from 

regions having a saturation microstructure (shear strain γ of 40 to 200), which means a constant hardness and 

uniform microstructure along the radius. Plates of nanocrystalline Ni (65 x 35 x 2 mm) were produced by 

pulsed electrodeposition. The mechanical properties have already been studied in a work of Yang [19, 20]. 

Grain sizes were determined by EBSD or XRD. As-received Ni showed coarse equiaxed grains with an 

average diameter of about 50 µm (see Fig. B-1a). In ufg Ni grains are smaller and elongated in the tangential 

direction of the HPT process with a grain size of about 750x450x250 nm (Fig. B-1b). Grains of nc Ni are 

slightly elongated in ED growing direction with an average diameter of 30 nm (Fig. B-1c). Furthermore 

hardness measurements were carried out and further mechanical properties taken from literature [19, 20, 21, 

22]. 

Table  B-1: Properties of the three investigated Ni microstructures. (*) Yield strength is taken from [22]. (**) Data of 
nc Ni is taken from [19]. 
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Fig.  B-1: SEM images of the microstructure of a) mc Ni (top face EBSD, side faces BSE detector), b) ufg Ni (SEM, 
EBSD), c) nc Ni (SEM, BSE signal). Grains of mc Ni appear equiaxed. Ufg Ni has clearly elongated grains in tangential 
direction (TD). Nc Ni shows slightly elongated grains in axial direction (AD). 

From the ufg and nc Ni compact tension (CT) specimens were produced with W=5.4 mm, B=1.0-1.3 mm 

and a=1.0-1.3 mm, depicted in Fig. B-2a. Ufg Ni samples with two different orientations with respect to the 

HPT process were produced, as shown in Fig. B-2b. In TD samples the crack-plane is parallel to the HPT 

shearing plane and the crack propagates in tangential direction (TD), see Fig. B-2c. In RD samples the crack-

plane is perpendicular to the HPT shear plane and the designated crack growth direction is the radial direction 

(RD), see Fig. B-2d. In order to match the requirements of linear-elastic fracture mechanics the size of CT 

specimens of mc Ni was chosen to be larger with W=16.6 mm, B=1.9 mm and a=3.0-3.6. For all specimens 

notches were produced with a diamond wire saw and further extended and sharpened to a radius of 5 to 30 

µm by razor blade grinding with 6 µm diamond paste. Finally a fatigue pre-crack was introduced with a 

resonance testing machine (Rumul Russenberger + Müller, Switzerland) under cyclic compression loading at a 

load ratio of R=10 to generate a short and open pre-crack. 

In order to measure the crack length during the FCG experiments the potential drop technique (PDT) was 

used. Therefore wires were attached to the specimens by point welding for electrical current input and 

potential drop measurement at the crack, an example is shown in Fig. B-2a. The position of the attachment of 

the wires was the same for all specimens. Wires for the current input were attached at the height of the end of 

the pre-crack and wires for the potential measurement were welded 0.45 to 0.65mm symmetrically from the 

center. To calculate the crack length from the potential drop a calibration function was determined. This was 

done in two ways: Firstly by simulating the potential of a specimen with the same dimensions and the same 

electrical current input for various crack lengths with the simulation software FEMM [23]. Secondly by the 

usage of an analogue method, where an aluminum foil with dimensions 10 times larger than the actual CT 

specimens was slit by a razor blade and the change of the potential drop as a function of “crack length” was 

measured to check the simulation [24]. Both methods showed the same results and a fit of the simulated data 

was finally used to calculate the crack length. 
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Fig.  B-2: a) CT specimen with wires attached for crack length measurement using the potential drop technique. b) 
Schematic of the different samples taken from HPT discs. c) and d) Schematics of the orientation of cracks in TD and 
RD samples in relation to the microstructure. c) TD samples have a crack introduced in tangential direction (TD), with 
the cracking plane parallel to the HPT shear plane (RD – TD plane). d) RD samples have a crack introduced in radial 
direction (RD), with the cracking plane perpendicular to the HPT shear plane. 

The FCG experiments were carried out on a MTS Tytron 250 microforce testing system with a 250 N load 

cell and a sinusoidal force with a frequency of 40 Hz. Specimens were tested at load ratios of R=0.1 and 

R=0.7. To find the threshold of stress intensity range ΔKth the load rising method was used [25]: FCG 

experiments were started with low stress intensity ranges of about ΔK=1.5 MPa m0.5. If after 500,000 load 

cycles the measured crack propagation was less than 10µm (i.e. a FCG rate less than 2*10-11 m/cycle), it was 

assumed that the crack did not propagate and the load was increased by a ΔK-increment of 0.2 MPa m0.5. This 

was repeated until a crack growth rate higher than 2*10-11 m/cycle was detected and the crack finally 

propagated until the failure of the specimen. In order to get FCG data at higher ΔK as well, another set of 

samples was subjected to higher ΔK starting values and testing was continued until failure. During all tests 

data was only taken as long as the size of the plastic zone was significantly smaller than the thickness of the 

specimen B, i.e. B > 2.5 (Kmax/σy)², so that plane strain was prevailing [26]. Furthermore, for all data shown in 

this paper the remaining crack ligament (W-a) was large enough to guarantee the validity of linear elastic 

fracture mechanics according to [27], W-a > (4/π) (Kmax/σy)². For all tested specimens the crack length 

exceeded 2.5 (Kmax/σy)² so that short crack effects could be neglected. 

After the FCG experiments the FCG curves were calculated and crack paths of the samples compared. 

Furthermore the fracture surfaces were studied in the scanning electron microscope (SEM) "LEO Gemini 

1525" with field emission cathode. For a three-dimensional reconstruction of the surface topography 

stereophotogrammetric images with the SEM were taken at tilting angles of 0° and 3°. For details regarding 

this technique see [28]. 
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B.3 Results 

B.3.1 FCG data 

FCG Experiments were performed on mc Ni, ufg Ni and nc Ni at the two different load ratios of R=0.1 

and R=0.7 in order to see the effect of the mean stress and active closure mechanisms. The results are shown 

in Fig. B-3 and are discussed in the following sections. 

 

Fig.  B-3: Fatigue crack growth diagrams of Ni with different grain sizes. Filled symbols represent data from R=0.7 
experiments, open symbols represent data from R=0.1 experiments. Dashed lines are drawn for comparison with a slope 
of 2 (Paris exponent m=2) for nc and ufg Ni and with a slope of 4 (m=4) for mc Ni. As described in more detail in 
section 2, only valid data is shown in the diagrams. 

B.3.1.1 Microcrystalline Ni 

The results of FCG tests on mc Ni specimens are shown in Fig. B-3a. The open pre-cracks start to 

propagate when the stress intensity factor range ΔK reaches the effective threshold ΔKth,eff. However, the 

cracks always stopped growing after they had reached a certain length because crack closure was built up and 

thereby the load at the crack tip was reduced. When the load was increased this could happen again, until the 

load was equal or higher than the threshold value, ΔKth. Once the stress intensity factor at the crack tip was 

larger than ΔKth the crack propagated without stopping until failure. The onset and stopping of the crack 
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between ΔKth,eff and ΔKth is called cyclic R-curve behavior [29] and was found for all mc Ni samples. At 

higher mean stresses (R=0.7) first crack propagation was measured at ΔKth,eff=2.6 MPa.m0.5, whereas for 

R=0.1 ΔKth,eff was considerably higher (4.0 MPa.m0.5). The same is true for the threshold values which were 

measured to be ΔKth=2.8 MPa.m0.5 and ΔKth=4.6 MPa.m0.5, for R=0.7 and R=0.1, respectively. From that it 

can be clearly seen that mc Ni shows an influence of the load ratio on the FCG behavior. The occurrence of 

R-curve behavior and the increase of the FCG rate with higher mean stresses indicate that crack closure 

mechanisms contribute to the FCG behavior [16]. The crack growth data in the FCG diagram shows a slope 

of about 4 between ΔK of 4 and 10 MPa.m0.5 with higher FCG rates for increasing R. 

B.3.1.2 Ultrafine-grained HPT Ni 

In Fig. B-3b and B-3c the FCG data of ufg Ni with TD orientation and RD orientation respectively, is 

shown for experiments at R=0.1 and R=0.7. At higher mean stresses (R=0.7) ΔKth is slightly lower and FCG 

rates are only marginally higher than for R=0.1. This indicates that the effect of roughness and plasticity 

induced crack closure is not very pronounced in ufg Ni, see section 4.1. In all ufg Ni samples, independent of 

the orientation, the crack did not propagate until applying a load corresponding to ΔKth, from where on the 

crack started to grow until failure. Even in samples tested at R=0.1 the crack grew until failure of the 

specimen once crack growth was initiated at ΔKth, i.e. no cyclic R-curve behavior was detected and ΔKth,eff is 

equal to the stress intensity threshold ΔKth. 

The FCG behavior in the threshold and the Paris region showed remarkable differences depending on the 

orientation of the pre-crack with respect to the typical HPT-induced microstructure. A comparison of the 

FCG of two different ufg Ni orientations is included in Fig. B-4. It can be seen that samples with pre-cracks 

introduced parallel to the HPT shear plane, i.e. parallel to the grain elongation (TD samples) exhibit a 25% 

lower ΔKth and a four times higher FCG rate in the Paris region than samples with the crack perpendicular to 

the HPT shear plane (RD samples). It is clearly shown that ufg Ni with TD orientation has a lower resistance 

against FCG than ufg Ni with RD orientation. 

In contrast to the straight cracks of nc and mc Ni, in TD samples the fatigue cracks deviated about 15° 

from the designated growth direction, in RD samples the deviation angle of the crack continuously increased 

with the propagation of the crack. FCG data was only taken as long as the deviation angle of the crack was 

not larger than 30°. According to [30], a correction for long cracks is not necessary for a crack deflection angle 

smaller than 30°, as the difference in ΔK would be about 1% only.  

B.3.1.3 Nanocrystalline ED Ni 

For nc Ni basically the same results as for ufg Ni were obtained. FCG data at load ratio R=0.1 and R=0.7 

are very similar to each other (see Fig. B-3d), again with only a slightly lower ΔKth and slightly higher FCG 

rate for samples tested at R=0.7. Therefore, it seems that also in nc Ni the effect of plasticity and roughness 

induced crack closure is nearly negligible. More detailed explanations for the reduced effect of closure 

mechanisms are given in section 4.1. Like it was shown before for ufg HPT Ni, also nc Ni did not show a 

measurable R-curve behavior. Comparing the FCG data in Fig. B-4 it was found that the ΔKth and the FCG 

rate of nc Ni is between the measured values of the two ufg HPT Ni orientations. 



56 

 

Fig.  B-4: Comparison of the FCG data of nc Ni, ufg Ni with TD orientation, ufg Ni with RD orientation and mc Ni 
at higher ΔK. The measured threshold stress intensity factor ranges at R=0.7 and the corresponding FCG rates are also 
shown in the diagram (ΔKth values R=0.7). 

Data of the samples corresponding to the Paris regime (region of constant slope of the FCG rate) of the 

da/dN – ΔK plot were fitted using the Paris law: 

𝑑𝑎

𝑑𝑁
= 𝐶 ∗ ∆𝐾𝑚     (1) 

It was found that the exponent m for nc and both orientations of ufg Ni is very close to 2, see table B-2. 

For a better comparison of the factors C, the exponent m was set to be 2 - which is close to the measured 

values – and the factors C were re-calculated to clearly show the differences in the FCG rates. As mentioned 

before and visible in the FCG diagrams, the FCG rate (and therefore also C) of nc Ni is about 2 times higher 

than the FCG rate of ufg Ni with RD orientation. Ufg Ni shows a four times higher FCG rate when cracks 

grow in TD orientation, i.e. parallel to the elongation direction of the grains, than when they grow in RD 

orientation, i.e. perpendicular to the elongation direction of the grains. An overview of the ΔKth values is 

given in table B-3. 

Table  B-2: Factor C and exponent m of the Paris equation fitted to the FCG data of mc, ufg and nc Ni. In the last 
column the factor C is fitted under the premise m=2 for better comparison. 
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Table  B-3: Threshold stress intensity factor ranges ΔKth of the studied Ni samples for the load ratios R=0.1 and 
R=0.7. For mc Ni the effective threshold stress intensity factor range ΔKth,eff is put into parenthesis and the threshold 
stress intensity factor range ΔKth is to the right. 

 

B.3.2 Fracture surfaces 

In order to explain the differences in the measured FCG data, the fracture surfaces of the samples were 

studied with the SEM and are shown in Fig. B-5 and Fig. B-6. Mc Ni shows a mixture of intercrystalline and 

transcrystalline fracture, with transcrystalline fracture dominating the threshold region (Fig. B-5a) and almost 

only intercrystalline fracture at higher ΔK (Fig. B-5b). Nc Ni exclusively exhibits intercrystalline fracture, 

independent of the ΔK (Fig. B-5c,d). The same is true for both ufg Ni states with TD and RD orientation 

(Fig. B-6a-d). On the fracture surfaces of ufg Ni with TD orientation it can be seen that the grains are 

elongated parallel to the crack growth direction (Fig. B-6a,b), whereas in the RD orientation grains appear 

more equiaxed (Fig. B-6c-d). In the nc Ni samples grains show an elongation perpendicular to the crack 

growth direction (Fig. B-5c-d). From the fracture surface images of nc and ufg Ni at higher ΔK (Fig. B-5d, B-

6b, B-6d) it can be seen that grain coarsening occurs during cyclic loading. 

 

Fig.  B-5: SEM images of the fracture surfaces of mc and nc Ni FCG sample. Images are taken in the near-threshold 
regime (a, c) and at higher stress intensity factor ranges ΔK=15-16 MPa.m0.5 (b, d). The crack growth direction is from 
left to right. 
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Fig.  B-6: SEM images of the fracture surfaces of ufg Ni with TD orientation (a, b) and ufg Ni with RD orientation 
(c, d). Images are taken in the near-threshold regime (a,c) and at higher stress intensity factor ranges ΔK=15-16 MPa.m0.5 
(b, d). The crack growth direction is from left to right. 

B.3.3 Crack path tortuosity 

The crack path tortuosity, T, can be defined as the ratio of the true crack length to the projected crack 

length, T= Ltrue/Lproj. For the determination of the tortuosity the side faces of tested specimens were studied 

in the SEM and the crack lengths Ltrue and Lproj were measured. Area measurements of the fracture surfaces 

with stereophotogrammetric methods should yield the same result with the ratio of the true area to the 

projected area, T= Atrue/Aproj, when the crack path tortuosity on the side faces is representative for the bulk. 

Stereophotogrammetric images of fracture surfaces were created using the Alincona MEX software and the 

true area and the projected area of the fracture surfaces were determined. The tortuosity values for the 

different microstructures are given in table B-4. Mc Ni has the highest crack path tortuosity, followed by ufg 

Ni with RD orientation. Ufg Ni with TD orientation and nc Ni show almost the same roughness, having the 

straightest crack path. Both approaches, line and area measurements, show the same trends with somewhat 

higher values for the area measurements. 

Table  B-4: Crack path tortuosity values calculated from line (T= Ltrue/Lproj) and area measurements (T= Atrue/Aproj) 
at ΔKth. Line and area measurements should yield the same result when the crack path tortuosity observed on the side 
face is representative for the bulk. 

 



  59 

B.4 Discussion 

With respect to the present results some peculiarities in the FCG behavior of nc and ufg have been shown 

and will be discussed in more detail: 

B.4.1 Why is the FCG behavior of nc and ufg Ni so insensitive to changes of the load 

ratio R? 

In most materials with coarse- to fine-grained microstructures the increase of the load ratio and thereby 

the increase of the minimum load leads to faster fatigue crack propagation, especially in the near-threshold 

region [16]. At high load ratios this effect decreases or disappears in ductile materials. This is obviously an 

effect of crack closure: Oxide debris and crack face asperities in the crack wake behave like wedges at lower 

load ratios. With increasing load ratio and therefore increasing minimum load, the portion of the load cycles 

during which the crack is closed gets smaller and eventually no premature crack face contact can be observed 

anymore. Thus the full load amplitude acts on the crack tip, which results in faster crack growth at higher load 

ratio. Closure mechanisms are predominantly active in the near-threshold region, where loads and thus crack 

tip opening displacements are small. In contrast to these findings, no significant effect of the load ratio on the 

FCG rate in the near-threshold region and thus no pronounced effect of crack closure was observed for the 

investigated nc and ufg Ni specimens. However, this can be plausibly explained by the missing prerequisites of 

oxide- and roughness-induced crack closure. No debris or asperities from a cyclic formation and destruction 

of oxide layers were found on the fracture surfaces and hence an effect of oxide induced crack closure is 

negligible. For roughness induced crack closure (RICC) asperities large enough to lead to a premature contact 

of the crack faces, as well as a relative displacement of the crack faces in propagation direction is necessary 

(mode II component) [18,31]. From fracture surface studies and the measurement of the crack path tortuosity 

(table B-4) it can be seen that ufg Ni with RD orientation exhibits a fracture surface roughness comparable to 

the value of mc Ni. Despite the existence of these large asperities no pronounced effect of RICC was 

observed. Therefore it can be concluded that the absence of RICC is a result of reduced relative displacements 

of the crack faces in propagation direction for materials with very fine grains. This is in accordance with the 

results of other works [31, 32] which showed that the misfit becomes very small in nc and ufg metals. With 

only very small mode II displacements between the crack faces the effect of RICC diminishes for nc and ufg, 

even if asperities were large enough, as e.g. in ufg Ni with RD orientation. 

Plasticity induced crack closure (PICC) is another mechanism, which leads to a reduction of the cyclic load 

at the crack tip and thus to a reduction of the FCG rate. Due to plastic deformation material flow to the crack 

tip is provoked, which again acts as a wedge. The existence of PICC under plane stress is easily explained by 

the out-of-plane plastic flow [33], prevalent for instance in thin sheets. However, also under plane strain 

conditions, which are predominant in the present test samples, PICC has been shown to be an active closure 

mechanism in the near threshold regime, as well as in the Paris regime in microcrystalline metals [34, 35]. 

When a crack propagates through the material, the crack tip is surrounded by a monotonic plastic zone. In 

this zone dislocations, which were emitted from the crack tip or generated in the vicinity of the crack tip, 

move and get stored. Due to cyclic loading a cyclic plastic zone forms, where some of these dislocations can 

glide back to the crack, depending on material properties such as grain size, effectiveness of obstacles for 

dislocations or flow stress. Dislocations which remain in the monotonic plastic zone cause a stress field which 

leads to the closure of the crack. In other words, dislocations forming the monotonic plastic wake cause a 

crack tip shielding (crack closure). However, during unloading the reversed motion of dislocations to the crack 
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tip in the cyclic plastic zone causes a reduction of shielding or causes anti-shielding and reduces the plasticity 

induced crack closure. It seems that in nc and ufg metals more of the previously generated dislocations can 

move back during unloading, compared to dislocations in coarser grained materials. In the threshold regime 

this might be caused by a more pronounced pile-up effect of the grain boundaries in nc and ufg materials. 

Dislocation pile-ups restrict the glide length and exert stresses, which promote a movement of dislocations 

back to the crack tip upon unloading. In the Paris regime the same effect results from cyclic softening of nc 

and ufg Ni due to grain coarsening. This coarsening is obvious when comparing fracture surface images in 

Fig. B-5 and Fig. B-6 for low and high ΔK. The grain coarsening, which occurs in the cyclic plastic zone, 

causes a reduction of the flow stress in the vicinity of the crack tip. Similar effects have been observed in LCF 

tests of ufg materials [36]. Thereby more dislocations previously generated in the monotonic plastic zone can 

glide back to the crack, i.e. the ratio of the size of the cyclic plastic zone to the size of the monotonic plastic 

zone gets larger. Hence, fewer dislocations remain in the area surrounding the crack tip, which leads to a 

reduction or nearly to a disappearance of PICC as described above. 

In conclusion, the combination of the absence of oxide asperities and the strongly reduced roughness- and 

plasticity-induced closure is responsible for the insensitivity of the FCG behavior of nc and ufg Ni under 

plane strain conditions to changes in the load ratio. 

B.4.2 What is the origin of the strong orientation dependence of FCG behavior in ufg 

Ni? 

Experiments have shown that the FCG behavior of ufg Ni produced by HPT is anisotropic and depends 

on the orientation of the cracks in respect to the orientation of the elongated grains. This is similar to 

observations which were made for the fracture toughness of ufg Ni produced by HPT [8]. Samples with crack 

growth parallel to the elongation of the grains (TD orientation, see Fig. B-2) exhibit a 25% lower ΔKth and a 

four times higher FCG rate than RD samples. A possible explanation for these differences is a variation in the 

effectiveness of geometrical shielding mechanisms. As discussed before, no pronounced oxide, roughness or 

plasticity induced crack closure is active in nc and ufg Ni. However, there is still the effect of crack deflection 

which should be taken into account. SEM studies and calculated roughness values of the fracture surfaces 

have shown that ufg Ni RD specimens exhibit more tortuous crack paths than TD samples. Cracks in TD can 

follow the elongated grains and are therefore much less deflected than cracks in RD samples (see Fig. B-2c). 

In RD samples cracks encounter more grain boundaries which are unfavorably orientated to its designated 

growth direction (Fig. B-2d). From this observation it seems reasonable that the amount of crack deflection is 

different for TD and RD samples. Crack deflection has two beneficial effects on the FCG in respect to the 

crack propagation rate: The driving force at the crack tip is reduced due to the geometry of the kinked crack. 

Additionally the true length of a regularly deflected crack is longer than that of a planar crack and therefore 

more cycles are needed for a regularly deflected crack to grow through a given structure or to reach a certain 

macroscopic crack length. 

 

Fig.  B-7: Schematic of a regularly tilted crack. Redrawn from [37]. 
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S. Suresh proposed a model for regularly tilted cracks, as presented in Fig. B-7, which allows the 

calculation of the true crack driving force at the crack tip [37]. It is assumed that a crack consists of straight 

segments S and tilted segments D with an angle θ to the straight crack growth direction. It can be shown that 

a known crack path tortuosity T, i.e. a known ratio of true to projected area or length, is sufficient to calculate 

the crack driving force, ΔKtip (see Eq. 2 and 3). 

𝑇 =
𝑡𝑟𝑢𝑒 𝑎𝑟𝑒𝑎 𝑜𝑟 𝑙𝑒𝑛𝑔𝑡ℎ

𝑝𝑟𝑜𝑗𝑒𝑐𝑡𝑒𝑑 𝑎𝑟𝑒𝑎 𝑜𝑟 𝑙𝑒𝑛𝑔𝑡ℎ
=

𝑆+𝐷

𝑆+𝐷∗cos(𝜃)
     (2) 

∆𝐾𝑡𝑖𝑝 =
𝐷 𝑐𝑜𝑠2(

𝜃

2
)+𝑆

𝐷+𝑆
∆𝐾𝐼,𝑝𝑙𝑎𝑛𝑎𝑟 =

1+𝑇

2∗𝑇
∆𝐾𝐼,𝑝𝑙𝑎𝑛𝑎𝑟          (3) 

For the calculation of ΔK in general planar crack growth is assumed. This ΔKI,planar is always higher than 

the real crack driving force at the crack tip ΔKtip when crack deflections occur. With Eq. (3) taken from [37] 

the true crack driving force at the crack tip was recalculated, which is reduced by crack deflection shielding. As 

described before, RD and TD samples of ufg Ni are machined from the same pre-material and have the same 

microstructure, with only different crack growth directions. Thus, the threshold of crack propagation is 

expected to be the same. One reason that this was not the case in the experiments could be the different crack 

deflection behavior of the two orientations. The thresholds for crack growth in terms of the crack driving 

force ΔKtip,th can be calculated with Eq. (3) and the measured crack path tortuosity values. The pre-cracks 

introduced by compression-compression loading, possess the same roughness as the specimens in the 

threshold region, i.e. the crack consists of differently deflected segments along the specimen thickness. From 

table B-5 we see that the local crack driving forces needed in RD and TD samples to initiate crack growth 

show a smaller difference (about 10%), compared to the threshold values with the assumption of a planar 

crack (22%). Thus it seems that in ufg Ni the influence of the crack orientation is at least partially an effect of 

the crack path tortuosity. 

Table  B-5: ΔKth of ufg Ni samples at load ratios of R=0.7. The real driving force acting on the crack tip ΔKtip,th was 
estimated with crack deflections taken into account. 

 

The calculated crack length when using the potential drop technique is always the length of the crack 

projected on a straight crack path. Therefore the calculated FCG rate is the apparent FCG rate of a regularly 

deflected crack measured in Mode 1 direction, (da/dN)apparent. The true FCG rate (da/dN)true of a crack with 

regular deflections, when taking the true crack length in account, is larger than that of a planar crack and can 

be calculated by Eq. (4). 

(
𝑑𝑎

𝑑𝑁
)

𝑡𝑟𝑢𝑒
= [

𝐷+𝑆

𝐷 cos(𝜃)+𝑆
] (

𝑑𝑎

𝑑𝑁
)

𝑎𝑝𝑝𝑎𝑟𝑒𝑛𝑡
= 𝑇 (

𝑑𝑎

𝑑𝑁
)

𝑎𝑝𝑝𝑎𝑟𝑒𝑛𝑡
     (4) 
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With Eq. (3) and (4) FCG curves can be calculated which show the true FCG rate (the true crack length is 

taken into account) in dependence of the crack driving force ΔKtip. The FCG curves in Fig. B-8 are closer 

together than the original data, especially in the near-threshold region, however differences still exist. 

 

Fig.  B-8: FCG curves of ufg Ni with TD and RD orientation. The open symbols show the original data, where 
da/dN is plotted over ΔK. The filled symbols represent the calculated true FCG rate, da/dN true, in dependence on the 
calculated driving force at the crack tip, ΔKtip. 

From these calculations it can be assumed that a large part of the differences in the FCG behavior between 

ufg Ni samples with RD and TD orientations seem to be an effect caused by different crack deflection 

behavior. When a crack propagates parallel to the HPT shear plane (TD orientation) it can follow the 

boundaries of the elongated grains which serve as a weak crack path. Thus the crack shows less and smaller 

deflections. A crack growing perpendicular to the elongated grains is deflected continuously, resulting in a 

reduction of the local driving forces and hence in a higher resistance against FCG. 

B.4.3 What induces the differences between nc and ufg Ni with respect to the FCG 

threshold and FCG rate? 

The FCG behavior of nc and ufg Ni was found to be rather similar, despite the considerable difference in 

grain size (see section 3.1). For a better comparison, data from experiments with a load ratio of R=0.7 will be 

compared, where crack closure effects are reduced to a minimum. To exclude additional effects caused by 

different crack deflection behavior, nc Ni is compared to ufg Ni with a designated crack growth direction 

along the elongated grains (TD orientation). These samples show a similar crack path tortuosity and therefore 

no considerable difference in the effect of crack deflection should exist. 

At a load ratio of R=0.7 ufg Ni shows a 15% lower threshold stress intensity factor range ΔKth than ufg Ni 

with TD orientation, as can be seen in table B-3. Furthermore the FCG rate in ufg Ni with TD orientation is 

twice as high as in nc Ni (see Fig. B-3b,d and factors C in table B-2). Thus the overall FCG behavior of ufg Ni 

is deteriorated compared to nc Ni. In order to better understand the origins of these differences, it is 

important to find out which fracture mechanisms control FCG. In the FCG data of both nc and ufg Ni a 

slope of about 2 in the Paris region is measured. An exponent m of about 2 is an indication that in nc Ni as 

well as in ufg Ni FCG is controlled by plastic deformation, i.e. a result of a blunting and re-sharpening process 

[18]. This is surprising, as in fracture surface studies of nc and ufg Ni specimens only intercrystalline fracture 
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is observed (see Fig. B-5c-d and Fig. B-6), which is often believed to have its origin in grain boundary 

embrittlement, for example caused by sulfur [38]. However, high magnification SEM images, depicted in Fig. 

B-9, show that grain boundaries, which appear completely smooth at lower magnification, exhibit regular line 

patterns. These regularly appearing lines seem to be steps of slip bands resulting from the movement of 

dislocations in certain slip systems. Dislocations are moved and stored in slip bands and the crack has to 

propagate a certain distance from there on, in order to allow the formation of the next slip band [39]. On the 

fracture surfaces these steps can still be seen (Fig. B-9). From these findings it can be concluded that cracks 

propagate along the grain boundaries because they serve as weak crack paths. However, this intercrystalline 

FCG is not of brittle nature, i.e. not purely by material de-cohesion, but controlled by plastic deformation. 

This is also in accordance to the exponent m of about 2 observed in the Paris region of the FCG data of nc 

and ufg Ni. 

 

Fig.  B-9: Steps from slip bands can be seen in SEM images at high magnifications as regular lines on all 
intercrystalline fracture surfaces, regardless of the grain size. a) nc Ni, b) ufg Ni TD, c) ufg Ni RD, d) mc Ni. 

In order to explain the slightly deteriorated FCG behavior of ufg Ni with TD orientation it is obvious 

from the previous explanations that dislocation activity has to be taken into account. It is essential to compare 

the grain size to the size of the cyclic plastic zone (CPZ) to understand the influence of the microstructure on 

the cyclic deformation process. The size of the CPZ was estimated for plane strain conditions [40]: 

𝑟𝐶𝑃𝑍 =
1

3𝜋
(

∆𝐾𝐼

2𝜎𝑦
)

2

      (5) 

A comparison of the grain sizes and the size of the CPZ for low and high ΔK is given in table B-6. In the 

near-threshold region the size of the CPZ is in the order of the grain size for nc and ufg Ni and thus the 

discrete nature of plasticity has to be considered. In ufg Ni the CPZ size is marginally smaller than the 

smallest grain dimension. Thus, during loading dislocations in general only glide to the next grain boundary, 

where they get preferentially blocked. This dislocation pile-up exerts a backstress, which causes a larger 

number of dislocations to return to the crack during unloading than without this dislocation pile-up. Hence, at 

smaller ΔK dislocations will move back and a larger number of dislocations will return to the crack tip. This 
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results in faster fatigue crack growth in ufg Ni near the threshold. In nc Ni the CPZ at ΔKth is larger than the 

grain size. This means that in general dislocation activity can be found in various grains around the crack tip. 

However, at the threshold only dislocations from the grains adjacent to the crack tip can glide back to the 

crack during unloading. In other words, fewer dislocations than in ufg Ni return to the crack. This could be 

the reason for the higher ΔKth of nc Ni. 

Table  B-6: Comparison of the grain size and the cyclic plastic zone size rcp estimated with Eq. 5 for ΔKth at R=0.7 
and for ΔK=13 MPa m0.5. 

 

In the mid- and upper Paris regime the CPZ get substantially larger than the grain sizes of nc and ufg Ni 

and thus continuum mechanical properties, like the yield strength, determine FCG [41]. When blunting and 

re-sharpening is assumed to be the dominant FCG process, the relation between FCG rate da/dN, cyclic 

crack tip opening displacement ΔCTOD, yield strength σy and Young’s modulus E for a given stress intensity 

factor range ΔK can be expressed as: 

𝑑𝑎

𝑑𝑁
∝  ∆𝐶𝑇𝑂𝐷 ∝  

∆𝐾2

𝜎𝑦∗𝐸
        (6) 

From Eq. (6) it can be seen that a larger yield strength leads to a smaller cyclic crack tip opening 

displacement and therefore to a smaller crack growth per cycle due to geometric reasons. Thus, at a given ΔK 

an increase of the yield strength would predict a decrease in the FCG rate. Therefore the slower FCG of nc Ni 

in the Paris regime can be attributed to its higher yield strength. 

B.4.4 What is the reason for the differences between very fine-grained (nc and ufg) 

Ni and mc Ni with respect to the FCG threshold and the FCG rate? 

Nc and ufg Ni show similarities in their FCG behavior, including no marked influence of the load ratio, 

missing R-curve behavior of the threshold of stress intensity range and Paris exponents m of about 2. For the 

FCG behavior of mc Ni some distinct differences were observed. It was shown in section 3.1.1 that FCG in 

mc Ni shows a clear dependence on the load ratio and R-curve behavior for ΔKth. This appears plausible, as in 

Ni with a grain size of about 50µm active roughness and plasticity induced crack closure, as well as crack 

deflection is expected from classical models [18, 34, 37]. A comparison of FCG data of mc, ufg and nc Ni, 

measured at R=0.7, where the contribution of crack closure should be small, gives the following differences: 

Mc Ni shows a higher ΔKth with lower FCG rates at low ΔK, a larger slope m of about 4 in the low Paris 

region and therefore faster FCG rates at higher ΔK compared to nc and ufg Ni. Furthermore mc Ni 

specimens show a mixture of inter- and transcrystalline fracture in the near-threshold region (Fig. B-5a) and 

almost exclusively intercrystalline fracture at higher loads (Fig. B-5b). This is in contrast to the very fine-

grained Ni samples (ufg and nc Ni) where exclusively intercrystalline fracture was observed at all ΔK (Fig. B-

5c-d, Fig B-6). However, in regions with intercrystalline fracture steps from slip bands were observed, which 
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can also be seen in nc and ufg Ni. Thus it is clear that plastic deformation controls also the FCG in mc Ni and 

therefore the differences in dislocation motion must be responsible for the distinct FCG behavior of mc Ni. 

For mc Ni the size of the cyclic and monotonic plastic zone region is substantially smaller than the grain 

size in the near threshold, see table B-6. Dislocation motion is therefore easier in mc Ni than in nc and ufg Ni 

because in general dislocations generated at the crack tip can glide freely in the large grains. In mc Ni 

dislocations in general do not reach grain boundaries at ΔKth and so crack growth exclusively along the grain 

boundaries, like observed in ufg and nc Ni, is improbable. Thus, the cracks have to grow through the grains in 

a transcrystalline way. In experiments with nc and ufg Ni it was seen that cracks preferentially grow along the 

grain boundaries, which serve as a weak crack path. Therefore it is not surprising that there is a higher 

resistance against transcrystalline crack growth. As a consequence for mc Ni a 27% higher ΔKth was measured 

than for ufg Ni with TD orientation. In the near-threshold region intercrystalline fracture is only possible if 

the crack tip is close to a grain boundary. The crack follows then preferably grain boundaries and only changes 

to a transcrystalline fracture mode if grain boundaries are unfavorably aligned to the present loading. In the 

Paris region, where the load is large enough to have a CPZ size in the order or larger than the grain size, 

almost exclusively intercrystalline fracture is observed. In this case the situation in mc Ni is the same as in the 

very fine-grained structures, where dislocations can reach grain boundaries more easily. Mc Ni shows a steeper 

slope in the FCG data (exponent m of about 4) than ufg and nc Ni. A steeper slope could mean that FCG is 

not mainly controlled by plasticity but by other damage mechanisms like damage accumulation. However, it is 

also possible that even at ΔK = 10 MPa.m0.5 mc Ni is still in the transition to the Paris regime and thus the 

FCG curve shows a steeper slope. This assumption is supported by fatigue crack propagation simulation by 

means of a discrete dislocation technique [17], which shows that in coarse-grained or low strength materials an 

extended transition region from the threshold to the Paris regime occurs. In this case it would be expected 

that FCG experiments on mc Ni at higher ΔK would again show an exponent of 2, as for high loads the same 

fracture mechanisms were observed in the fracture surface analysis of mc Ni like in ufg and nc Ni. 

Unfortunately it is difficult to conduct FCG experiments on mc Ni in this load range because very large 

specimens are needed in order to stay within the limitations of linear elastic fracture mechanics due to the low 

yield strength of mc Ni. 

It seems also possible that grain boundaries in mc Ni are additionally embrittled because compared to ufg 

Ni the same amount of impurities would be distributed on a much smaller internal grain boundary area. This 

could lead to brittle crack propagation by grain boundary de-cohesion, e.g. caused by sulfur embrittlement 

[38]. However, slip steps are also observed on the grain boundaries in regions with intercrystalline fracture of 

mc Ni as described before. Therefore, we assume that in mc Ni also FCG due to a blunting process plays the 

major role and not cyclic brittle failure because of grain boundary embrittlement. This is further proven by 

inspecting the overload fracture of tested specimens. All tested samples show a transition from intercrystalline 

FCG to ductile overload fracture. An example is given in Fig. B-10 for ufg Ni. The observed formation of 

pores and plastic necking clearly shows that ductile failure occurs. 
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Fig.  B-10: SEM image of the fracture surface of an ufg Ni FCG specimen showing the transition from 
intercrystalline FCG (on the left) to ductile overload fracture. The ductile nature of the overload fracture can be seen by 
the formation of pores and clear plastic necking. 

In contrast to the findings of the present study, Hanlon et al. attributed a large part of the differences in 

the FCG curves of Ni with different grain sizes to the effect of roughness induced crack closure, which gets 

larger for coarser-grained materials. Furthermore they observed a clear influence of the load ratio on the FCG 

behavior of nc and ufg Ni [13]. For that study thin specimens were used with a thickness of 100µm and 

therefore plane stress conditions must have been prevailing, especially in the Paris regime. However, the 

results of Hanlon et al. [13] might be caused by the explanations given in the previous sections. For that, 

according to section 4.1, it could be assumed that no pronounced effect of roughness induced crack closure 

exists in nc and ufg Ni. Due to the prevailing plane stress condition in the thin samples PICC could be active 

because of the out-of-plane plastic flow - despite the occurrence of grain coarsening. This would explain the 

influence of the load ratio on the FCG behavior. Due to the effect of the yield strength, PICC is larger in mc 

Ni samples than in ufg Ni and larger in ufg Ni than in nc Ni. Therefore it seems that explanations based on 

differences in dislocation motion given in this work would also be capable of describing the results of [13]. 

B.5 Conclusion 

In this study the fatigue crack growth behavior of high purity nickel with different grain sizes, spanning 

from microcrystalline to nanocrystalline states, were investigated. The main findings can be summarized as 

follows:  

(i) It was found that in high purity Ni fatigue crack growth is controlled by dislocation motion, i.e. by 

a blunting and re-sharping process. Grain boundaries serve as weak crack paths, resulting in 

intercrystalline fracture when the size of the cyclic plastic zone is in the order of the grain size  

(ii) Nc and ufg Ni is insensitive to changes of the load ratio because the contribution of oxide-, 

plasticity- and roughness-induced crack closure is negligible. No significant influence of oxide-

induced crack closure is expected as no oxide debris were observed. Changes in the amount of 

stored dislocations in the wake of the crack due to grain coarsening lead to a decrease of plasticity-

induced crack closure. Small mode II displacements of the crack faces result in a diminishing 

roughness induced crack closure, even if fracture surfaces exhibit a high roughness. 
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(iii) The FCG behavior of ufg Ni produced by HPT shows strong orientation dependence due to grain 

elongation induced by the shear deformation of the HPT processing. Grain orientations 

unfavorable for crack growth (e.g. a crack growth direction perpendicular to the elongated grains) 

can considerably increase the overall resistance against FCG growth due to regular crack 

deflections. 

(iv) Nc Ni shows a slightly enhanced FCG behavior compared to ufg Ni with TD orientation, with a 

higher ΔKth and lower FCG rates. In the near-threshold regime the difference can be related to 

the ratio of the cyclic plastic zone to the grain size. In the Paris regime the strength determines the 

variation in the FCG rate, due to the change of the cyclic crack tip opening displacement. 

(v) For mc Ni a higher ΔK is needed for first crack propagation (higher ΔKth) because the crack is 

forced to propagate in a transcrystalline way due to the small size of the cyclic plastic zone 

compared to the large grain size. However, at high ΔK faster fatigue crack propagation was 

observed in mc Ni than in the finer-grained Ni as a consequence of the lower yield strength. 

(vi) A re-introduction of closure mechanisms, e.g. plasticity-induced crack closure by stabilizing the 

microstructure, and a specific alignment of the microstructure, i.e. grains elongated perpendicular 

to the expected crack growth directions, could enhance the FCG behavior. This could make these 

high strength materials more interesting for cyclic applications where damage tolerance is of 

importance. 

B.6 References 

[1] K.S. Kumar, S. Suresh, M.F. Chisholm, J.A. Horton, P. Wang, Deformation of electrodeposited 

nanocrystalline nickel, Acta Mater. 51 (2003) 387–405. 

[2] R. Valiev, R. Islamgaliev, I. Alexandrov, Bulk nanostructured materials from severe plastic deformation, 

Prog. Mater. Sci. 45 (2000) 103–189.  

[3] A. Zhilyaev, T. Langdon, Using high-pressure torsion for metal processing: Fundamentals and 

applications, Prog. Mater. Sci. 53 (2008) 893–979.  

[4] C. Koch, Optimization of strength and ductility in nanocrystalline and ultrafine grained metals, Scr. Mater. 

49 (2003) 657–662. 

[5] Y. Wang, M. Chen, F. Zhou, E. Ma, High tensile ductility in a nanostructured metal, Nature 419 (2002) 

912–915. 

[6] I. Sabirov, Y. Estrin, M.R. Barnett, I. Timokhina, P.D. Hodgson, Tensile deformation of an ultrafine-

grained aluminium alloy: Micro shear banding and grain boundary sliding, Acta Mater. 56 (2008) 2223–

2230. 

[7] M. Faleschini, H. Kreuzer, D. Kiener, R. Pippan, Fracture toughness investigations of tungsten alloys and 

SPD tungsten alloys, J. Nucl. Mater. 367-370 (2007) 800–805. 

[8] A. Hohenwarter, R. Pippan, Fracture toughness evaluation of ultrafine-grained nickel, Scr. Mater. 64 (2011) 

982–985. 

[9] A. Hohenwarter, R. Pippan, Anisotropic fracture behavior of ultrafine-grained iron, Mater. Sci. Eng. A 527 

(2010) 2649–2656. 

[10] T. Hanlon, Y.-N. Kwon, S. Suresh, Grain size effects on the fatigue response of nanocrystalline metals, 

Scr. Mater. 49 (2003) 675–680. 

[11] H. Bomas, H.W. Höppel, M. Kautz, C. Xu, M. Murashkin, T.G. Langdon, et al., An overview: Fatigue 

behaviour of ultrafine-grained metals and alloys, Int. J. Fatigue 28 (2006) 1001–1010. 



68 

[12] P. Cavaliere, Fatigue properties and crack behavior of ultra-fine and nanocrystalline pure metals, Int. J. 

Fatigue 31 (2009) 1476–1489. 

[13] T. Hanlon, E. Tabachnikova, S. Suresh, Fatigue behavior of nanocrystalline metals and alloys, Int. J. 

Fatigue. 27 (2005) 1147–1158. 

[14] H.A. Padilla, B.L. Boyce, A review of fatigue behavior in nanocrystalline metals, Exp. Mech. 50 (2009) 5–

23. 

[15] K. Hockauf, M. Hockauf, M.F.-X. Wagner, T. Lampke, T. Halle, Fatigue crack propagation in an ECAP-

processed aluminium alloy - influence of shear plane orientation, Materwiss. Werksttech. 43 (2012) 609–

616. 

[16] R.O. Ritchie, Mechanisms of fatigue crack propagation in metals, ceramics and composites: Role of crack 

tip shielding, Mater. Sci. Eng. A 103 (1988) 15–28. 

[17] R. Pippan, C. Zelger, E. Gach, C. Bichler, H. Weinhandl, On the mechanism of fatigue crack propagation 

in ductile metallic materials, Fat. Fract. Eng. Mat. Struct 34 (2010) 1-16 

[18] S. Suresh, Fatigue of Materials, second ed., Cambridge University Press, 2000. 

[19] B. Yang, Grain size effects on the mechanical behaviour of polycrystalline nickel from micro to 

nanoscale, PhD thesis, Materwiss. Werksttech. 8 (2006). 

[20] B. Yang, Influence of annealing on the microstructure and mechanical properties of electrodeposited 

nanocrystalline nickel, Mat. Sci. Forum 683 (2011) 103-112. 

[21] G.B. Rathmayr, R. Pippan, Influence of impurities and deformation temperature on the saturation 

microstructure and ductility of HPT-deformed nickel, Acta Mater. 59 (2011) 7228–7240. 

[22] G.B. Rathmayr, A. Hohenwarter, R. Pippan, Influence of grain shape and orientation on the mechanical 

properties of high pressure torsion deformed nickel, Mater. Sci. Eng. A 560 (2013) 224–231. 

[23] D.C. Meeker, Finite Element Method Magnetics, Version 4.0.1, http://www.femm.info 

[24] R.A. Smith, Calibration for the electrical potential method of crack growth by a direct electrical analogy, 

Strain 10 (1974) 183-187 

[25] R. Pippan, H.P. Stüwe, K. Golos, A comparison of different methods to determine the threshold of 

fatigue crack propagation, Fatigue16 (1994) 579-582. 

[26] ASTM E-399-90, Annual Book of ASTM Standards, American Society of Testing and Materials, 

Philadelphia (PA), 1990. 

[27] ASTM E 647-13a, Annual Book of ASTM Standards, American Society of Testing and Materials, 

Philadelphia (PA), Vol. 03.01., 2013. 

[28] J. Stampfl, S. Scherer, M. Gruber, O. Kolednik, Reconstruction of surface topographies by scanning 

electron microscopy for application in fracture research, Applied Physics A: Mat. Sci. Proc. 63 (1996) 

341-346. 

[29] R. Pippan, L. Plöchl, F. Klanner, H.P. Stüwe, The use of fatigue specimens precracked in compression 

for measuring threshold values and crack growth, J. Test. Eval. 22 (1994) 98-103. 

[30] S. C. Forth, D. J. Herman, M. A. James, W. M. Johnston, Fatigue crack growth rate and stress-intensity 

factor corrections for out-of-plane crack growth, ASTM JAI 2 (2005) 124-137. 

[31] R. Pippan, G. Strobl, H. Kreuzer, C. Motz, Asymmetric crack wake plasticity – a reason for roughness 

induced crack closure, Acta Mat. 52 (2004) 4493-4502. 

[32] J. Pokluda, R. Pippan, Analysis of roughness-induced crack closure based on asymmetric crack-wake 

plasticity and size ratio effect, Mat. Sci. Eng. A 462 (2007) 355-358. 

[33] B. Budiansky, J.W. Hutchinson, Analysis of closure in fatigue crack growth, J. Appl. Mech. 45 (1978) 267-

276. 



  69 

[34] F.O. Riemelmoser, R. Pippan, Crack Closure: A concept of fatigue crack growth under examination, Fat. 

Fract. Eng. Mat. Struct. 20 (1997) 1529-1540. 

[35] R. Pippan, F.O. Riemelmoser, Modeling of fatigue crack growth: dislocation models, Comprehensive 

Structural Integrity 4 (2003) 191-207. 

[36] H. Mughrabi, H.W. Höppel, Cyclic deformation and fatigue properties of very fine-grained metals and 

alloys, Int. J. Fatigue 32 (2010) 1413–1427. 

[37] S. Suresh, Fatigue crack deflection and fracture surface contact: Micromechanical models, Met. Trans. A 

16 (1985) 249–260. 

[38] T.E. Buchheit, S.H. Goods, P.G. Kotula, P.F. Hlava, Electrodeposited 80Ni–20Fe (Permalloy) as a 

structural material for high aspect ratio microfabrication, Mater. Sci. Eng. A 432 (2006) 149–157. 

[39] F.O. Riemelmoser, R. Pippan, H.P. Stüwe, An argument for a cycle-by-cycle propagation of fatigue cracks 

at small stress intensity ranges, Acta Mater. 46 (1998) 1793–1799. 

[40] G.R. Irwin, Plastic zone near a crack and fracture toughness, Proc. Seventh Sagamore Ordnance Materials 

Conference 4 (1960) 63-78. 

[41] R. Pippan, F.O. Riemelmoser, H. Kreuzer, Effect of the discrete nature of plasticity on fatigue crack 

propagation, J. Phys. IV France 11 (2001) 77-84. 

  



70 

  



  71 

C Fatigue crack growth anisotropy in ultrafine-grained iron 

 

Thomas Leitner 1*, Anton Hohenwarter 1, Walter Ochensberger 2, Reinhard Pippan 2 

1 Department of Materials Physics, Montanuniversität Leoben, Austria 

2 Erich Schmid Institute of Materials Science, Austrian Academy of Sciences, Leoben, Austria 

 

Abstract 

Nanocrystalline and ultrafine-grained (UFG) metals produced by severe plastic deformation exhibit often 

microstructures with elongated grains, which result in orientation dependent mechanical properties. This 

anisotropy is especially pronounced for the resistance against quasi-static and cyclic crack growth. In order to 

gain more knowledge about the consequences of anisotropic microstructures in the case of cyclic loading, 

fatigue crack growth (FCG) experiments were performed on UFG iron processed by high pressure torsion, 

with a mean grain size of 500 x 400 x 150 nm³. Samples with four different orientations were prepared and 

tested with two mean stresses to account for crack closure effects. The FCG rate varies by one order of 

magnitude between cracks propagating parallel to elongated grains and cracks advancing perpendicular to it. 

This larger difference is discussed in the light of intrinsic and extrinsic toughening mechanisms. It is 

concluded that crack closure contributions are reduced in UFG Fe, however, geometric shielding due to more 

frequently occurring crack branching leads to a significantly higher FCG resistance for cracks perpendicular to 

the grain elongation. Furthermore, it is observed that grain refinement leads to a transition from transgranular 

to intergranular fracture. However, it can be shown that this intergranular crack growth of UFG iron under 

cyclic loading is not the result of grain boundary embrittlement, but occurs due to a blunting and re-

sharpening process along the grain boundaries. 
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C.1 Introduction 

Ultrafine-grained (UFG) and nanocrystalline (NC) metals, i.e. metals with grain sizes below 1 µm and 100 

nm respectively, show various improved mechanical properties compared to microcrystalline (MC) 

counterparts and have been the topic of a large number of studies in recent years [1–4]. Besides 

electrodeposition, mechanical alloying and gas-phase condensation, severe plastic deformation (SPD) can be 

applied to obtain NC and UFG metals. With SPD methods the grain refinement is achieved by the 

introduction of large plastic strains, which reduces the grain size until an equilibrium between grain 

fragmentation and restoration processes is reached. Metals processed by SPD methods have in common that 

in many cases the developing microstructure exhibits elongated grains [5–7] which results in anisotropic 

mechanical properties [8–12]. This is especially the case for a number of continuous SPD techniques which 

are able to produce larger volumes of materials and thus are of great interest for industry, as for example 

accumulative roll bonding (ARB), continuous confined strip shearing (C2S2) and the equal channel angular 

pressing (ECAP) conform method [13–15]. With other methods, such as high pressure torsion (HPT) and 

ECAP, the processed material volumes are small, however, comparable features evolve [5–7]. Smaller-sized 

samples make it possible to conduct a larger number of fundamental studies on these materials by changing 

process parameters, like the applied shear strain, strain rate and deformation temperature. Especially with 

HPT a large variety of materials can be processed due to the high hydrostatic pressure, which allows 

investigations even on high strength and brittle metals. However, elongated grains are also characteristic for 

NC metals produced by other techniques, like electrodeposition. 

Anisotropic microstructures lead to orientation dependent mechanical properties, especially concerning the 

resistance against static and cyclic crack growth, which is well known from bio materials [16]. In principle, the 

anisotropy of the mechanical properties is not a drawback and, as in nature, can be used as toughening 

strategy. For example, fracture toughness was found to be relatively low for cracks introduced parallel to 

elongated grains [8–10]. However, the existence of this weak crack path leads to a significantly enhanced crack 

growth resistance for crack propagation perpendicular to the elongated grains [8–10]. For example, fracture 

experiments on HPT deformed UFG ARMCO Fe revealed that the fracture toughness of cracks oriented 

perpendicular to the shear plane of the HPT process is about 3.5 times higher than the fracture toughness of 

cracks parallel to it (49.0 MPa.m0.5 for perpendicular cracks, 14.2 MPa.m0.5 for parallel cracks) [9][11][11]. The 

same behavior has been found for crack propagation under cyclic loading for UFG Ni produced by HPT, 

where a significantly higher fatigue crack growth (FCG) resistance was measured for cracks perpendicular to 

the grain elongation direction, compared to cracks parallel to the elongated grains [12].In order to improve the 

understanding of the effect of grain shape on the FCG resistance in UFG and NC metals, FCG tests were 

performed on HPT deformed UFG iron as a representative of body-centered cubic structures, with various 

different sample orientations. The experimental results are discussed with focus on intrinsic and extrinsic 

toughening mechanisms and the role of crack closure and crack tip shielding. 

C.2 Material and experimental methods 

In this study ARMCO-iron with the composition given in Table 1 was used as a model material for bcc 

metals. Discs with 30 mm diameter and 7.5 mm height were subjected to HPT at room temperature at a 

nominal pressure of 2.8 GPa for 10 rotations, which yields a von Mises strain of εvM~ 70 at a radius of 15 mm. 

The grain size of the as-received and HPT deformed microstructure was determined by electron backscatter 

diffraction (EBSD) in the scanning electron microscope (SEM), see Fig. C-1. The as-received microcrystalline 
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Fe exhibits equiaxed grains with a mean grain size of ~ 15 µm (Fig. C-1(a)). As can be seen in Fig. C-1(b), 

HPT deformation results in a microstructure with grains elongated in the shear direction of the process, with 

the shortest grain length parallel to the axial direction. The elongated grains are furthermore slightly tilted to 

the shear plane by about 20°. The grain dimensions are approximately 500 x 400 x 150 nm³, or about 310 nm 

in diameter for globular grains with an equivalent volume, i.e. microstructure consists of pancake-shaped 

grains. EBSD images of UFG Fe with different viewing directions are projected on a cube in Fig. C-1(c) to 

provide a better visualization of the microstructure.  

 

Fig.  C-1: SEM images of the microstructure of a MC Fe (a) and the UFG Fe (b,c) derived from EBSD analyses. In 
(c) EBSD images are projected on a cube to better visualize the elongation of the grains in tangential direction of the 
HPT disc. (d) shows the orientation of the different specimen types in the HPT disc. 

The substantial grain-refinement was accompanied by a hardness increase from 95 HV in the as-received 

state to 410 HV in the HPT-deformed state (see Table C-1), which was measured between a radius of 2 and 

15 mm of the HPT disc. Yield strengths were estimated with the Tabor rule (σy ≈ 3 * H * 1 MPa/HV) [17], 

which are in good agreement with the measured strength of a similarly HPT deformed pure Fe [9]. 

Table  C-1: Material properties of MC and UFG Fe, including the grain size, dm, hardness H and yield strength σy. 

 

Compact-tension specimens were produced from the HPT deformed material, with W=5.4 mm, B=1.3 

mm and a=1.0 – 1.3 mm. The notches were introduced by a diamond wire saw and further sharpened to a 

radius of 5-30 µm by razor blade grinding. Cyclic compression loading (R=10) with a resonance testing 

machine (Rumul Russenberger + Müller, Switzerland) was used to create short and open fatigue pre-cracks, 

which allow to start the experiments with crack-closure free conditions [18]. For the analysis of the FCG 

anisotropy, samples were taken with three different orientations in respect to the HPT process. The 

nomenclature of the specimens was chosen according to the standard E399 [19], with the first letter indicating 
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the normal direction of the crack plane and the second letter indicating the direction of the crack growth. The 

directions axial (A), radial (R) and tangential (T) refer to the geometry of the HPT deformed disc and are 

depicted in Fig. C-1(d). As shown in Fig. C-1(d), four different sample orientations (T-A, R-A, T-R and A-T) 

were prepared and tested. 

An electrodynamic testing instrument, Instron ElectroPulsTM, with a 250 N load cell was used for the 

cyclic loading of the samples. The specimens were tested with a sinusoidal force and a frequency of 45 Hz at 

load ratios of R=0.1 and R=0.7. The potential drop technique (PDT) was used to measure the crack length in-

situ during the FCG test. More details about the PDT can be found elsewhere [12]. The effective threshold 

stress intensity factor range ΔKth,eff was determined with the load rising method [18], where the experiments 

were started at a low ΔK (1.5 MPa.m0.5) and step-wise increased (0.2 MPa.m0.5 increment size) until the first 

crack growth is detected. ΔKth,eff lies between this and the previous ΔK level. If the crack growth decelerates 

and stops, which means that the material shows cyclic R-curve behavior and crack closure or other shielding 

mechanisms have built up, the load is increased for a further increment of 0.2 MPa.m0.5. When ΔK is equal or 

larger than the threshold stress intensity factor range of a long crack ΔKth, the crack propagates without 

stopping until failure.2 Following the standard E647 [20], small partitions of the crack length and cycle 

number data were repeatedly fitted by a polynomial function of second order and the derivative calculated to 

get the FCG rate da/dN. The tests were stopped before the samples failed by overload fracture. The final 

crack length was measured optically and the value compared to the crack length determined from the PDT. 

Finally, the samples were cyclically loaded until failure. 

After the FCG tests images of the samples were examined with a field emission gun SEM “LEO Gemini 

1525”. The crack path was inspected on the side faces of the specimens at different crack lengths and hence at 

different ΔK values and quantitative roughness parameters were calculated from SEM images. The true and 

the projected length was measured from these profiles and the linear roughness parameter determined by 

RL=(true length)/(projected length). Furthermore the maximum roughness amplitude of the profile was measured 

and the arithmetic average of the absolute values Ra calculated. The crack profiles were subdivided into 100 

nm long segments and the deflection angles from the straight crack path measured. 

C.2.1 Validity of FCG data 

Due to the limited size of HPT discs the CT samples used in this study are smaller than the minimum 

recommendations of ASTM E647 [20], with W=5.4 mm. Therefore additional care has to be taken that linear 

elastic fracture mechanics (LEFM) is applicable and that plane strain conditions prevail to allow a comparison 

of FCG data. Hence, data can only be taken as valid when the maximum size of the plastic zone is small 

compared to the un-cracked ligament and the thickness of the samples. The size of the monotonic plastic 

zone was calculated for plane strain conditions with [21]: 

𝑟𝑝𝑙 =
1

3𝜋
(

𝐾𝐼

𝜎𝑦
)

2

     (1) 

The standard for fracture toughness testing, E399 [19] recommends an uncracked ligament and a specimen 

thickness larger than about 25 times the plastic zone size. For a typical maximum crack length of a=3 mm and 

                                                      
2 The quantities can also be named as the short-crack threshold ΔKth,eff and the long-crack threshold ΔKth. With the 

load shedding procedure only the long-crack threshold can be determined. 
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the estimated yield strength of UFG Fe σy Equ. 1 yields that Kmax must be smaller than 37.0 MPa.m0.5, which is 

fulfilled for tests at R=0.1 up to a ΔK of 33.3 MPa.m0.5, and for R=0.7 up to a ΔK of 11.1 MPa.m0.5. A more 

severe limitation, however, arises from the requirement for the prevalence plain strain conditions. For the 

nominal sample thickness of B=1.35 mm the stress intensity factor range ΔK must be smaller than 25.0 

MPa.m0.5 and 8.3 MPa.m0.5, for R=0.1 and R=0.7 respectively. In the following sections only FCG data within 

these limits are shown and discussed. 

A further requirement for valid FCG data from E647 is that cracks do not deflect more than ±20° from 

the plane of symmetry [20]. As will be seen in the results section, this is not the case for all crack orientations. 

Therefore, finite element simulations were performed in order to study the effect of larger deflection angles 

on the crack driving force. The numerical results demonstrate that even deviations larger than 20° have only 

small effects on the calculated ΔK values, as long as the crack extension is short. Further details and results of 

the FE modeling can be found in the supplementary material. 

C.3 Results 

C.3.1 Crack paths 

Fatigue cracks show deviations from their designated paths for all tested orientations in UFG Fe, see Fig. 

C-2. In T-A specimens cracks immediately deflect to about 75° from the direction of the notch. In R-A 

samples the crack starts to grow under a small angle to the straight crack path but continuously changes its 

direction to a final deflection of about 75°. This strong deviation from the straight crack path changes the 

loading conditions and strongly affects the ΔKI and crack length calculations, so that no reliable FCG data 

could be obtained for this orientation. For comparison, only ΔKth has been taken as valid, as deviations are 

small during the first crack advance. Therefore, comparisons of the FCG curves are limited to the other two 

orientations (A-T and T-R samples) in the rest of the study. Despite this, the R-A orientation is interesting for 

the design, because under these loading conditions the crack barely reduces the cross-section of a component. 

In A-T specimens the deflection is less pronounced (about 10°) but almost coincides with the crack growth 

direction of T-A specimens, when their orientation in respect to the HPT disc is taken into account, see also 

Fig. C-3. In T-R samples the cracks continuously change their direction from 5° to about 80°. Furthermore 

the crack planes get tilted towards the shear plane of the HPT disc. From these observations crack 

propagation in tangential direction on a plane 10° inclined to the shear plane of the HPT process seems to be 

favorable. This preferred crack path is in good accordance with the orientation of the elongated grains of the 

HPT microstructure. From Fig. C-3 it can be seen that all fatigue cracks in HPT deformed Fe, regardless of 

the orientation of the samples, tend to change their direction until they can follow the direction of the 

elongated grains. 
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Fig.  C-2: Illustration of the macroscopic fatigue crack paths in R-A, T-R, T-A and A-T specimens. 

 

 

Fig.  C-3: Schematic of the crack growth planes and directions of A-T, T-R, T-A and R-A samples. The wedges 
show the notch orientation and the dashed lines the designated crack growth direction. Solid wavy lines illustrate the 
observed crack paths. 

Examples of the crack paths analyzed in the SEM are shown for ΔK=5.7 MPa.m0.5 in Fig. C-4(a) and (b) 

for UFG Fe A-T and T-R, respectively. Microscopically, it can be seen from Fig. C-4(a) and (b) that fatigue 

cracks propagating in radial direction (T-R orientation) exhibit more pronounced deflections than cracks in 

tangential direction (A-T). In UFG T-R samples frequent crack branching occurs, even though these branches 

stop to grow after short distances and the main crack continuous to follow the designated Mode I direction. 

In contrast, hardly any crack branching is visible in the crack path of A-T specimens. The quantitatively 

determined roughness parameters are listed in Table C-2 and confirm the large differences in roughness for 

the two orientations.  

Table  C-2: Linear roughness parameter RL=(true length)/(projected length), arithmetic average of the absolute 
values Ra and maximum roughness amplitude of the profiles shown in Fig. C-4(a) and (b) for the orientations A-T and 
T-R. 
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As visible from the deflection angle histograms in Fig. C-4(c) and (d), fatigue cracks in tangential direction 

exhibit only small direction changes, with the majority of the segments deviating less than ± 15° and at 

maximum ± 40°. On the contrary, cracks in radial direction show a wider distribution of the deflection angles 

of the crack path segments (up to ± 70°). 

 

Fig.  C-4: (a) and (b) show parts of the crack paths of UFG Fe A-T and T-R samples at ΔK=5.7 MPa.m0.5. Cracks in 
the T-R orientation show frequent crack branching; two examples are marked by arrows in (b). In (c) and (d) histograms 
of the deflection angle of the cracks are given. 

C.3.2 FCG data of UFG Fe 

The FCG data of UFG Fe specimens with T-R, A-T and R-A orientation is shown in Fig. C-5. Threshold 

stress intensity factor ranges ΔKth of the different orientations are listed in Table C-3. From experiments at 

R=0.1 (open symbols) and R=0.7 (filled symbols) for T-R, A-T and R-A samples it can be seen that only a 

weak stress-ratio dependency is observed. FCG tests at both R-ratios yield comparable results for each 

orientation, with only somewhat lower ΔKth and slightly higher FCG rates at R=0.7. Differences in ΔKth 

between T-R, A-T and R-A oriented specimens are small, with a tendency of lower ΔKth for A-T (see Table C-

3). 
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Fig.  C-5: FCG curves of UFG Fe with A-T, T-R and R-A orientations, measured at R=0.1 and R=0.7. The dashed 
gray lines are ΔK³ guidelines, which have the same slope as the measured data in the Paris regime. The black dash-dotted 
line shows the calculated ΔCTOD values for UFG Fe with dn=0.78. The upper limits of the FCG curves are indicated by 
arrows on top of the diagram for both orientations at R=0.1 and R=0.7. At these ΔK the maximum stress intensities, 

Kmax, correspond to the fracture toughness of the respective orientation, which was measured in [9]. 

For the T-A sample a more than 40 % higher ΔKth was measured than for the other orientations (Table C-3). 

Data in the Paris regime was fitted to the Paris equation (Equ. 2), to evaluate the coefficient C and exponent m 

of the Paris relation for A-T and T-R samples. 

𝑑𝑎

𝑑𝑁
= 𝐶 ∗ ∆𝐾𝑚     (2) 

For both orientations, independent of the R-ratio, curve fitting gives values close to 3 for the exponent m 

(listed in Table C-4). This is in good accordance to the observation that ΔK3 guidelines, shown in the FCG 

diagrams (Fig. C-5) fit the FCG curves in the Paris region well. For a better comparison of the coefficients C, 

data in the Paris regime was fitted again for a fixed m of 3. This yields an approximately 10 times higher C 

value for samples with A-T orientation compared to T-R samples, indicating a 10 times higher FCG rate and 

thus a lower FCG resistance. 

Table  C-3: Threshold stress intensity factor ranges of UFG Fe with different orientations, measured at R=0.1 and 
R=0.7. 
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Table  C-4: Fitted Paris coefficients C and exponents m for UFG Fe with T-R and A-T orientation. 

 

Error estimation shows that the effect of measurement errors on the FCG curves is small and thus the 

FCG results and relations discussed in this paper are significant. More details can be found in section 2 of the 

supplementary material. 

C.3.3 Fracture surfaces 

Fig. C-6 shows the fracture surfaces of UFG Fe samples with T-R orientation (a-b) and A-T orientation (c-

d). All UFG Fe specimens, regardless of R-ratio and ΔK, exhibit almost exclusively intergranular fracture (Fig. 

C-6). Grains appear smaller on the fracture surface of samples with T-R orientation, because only the smaller 

axes of the elongated grains are visible. In A-T samples the crack can grow along the larger axis, giving a 

coarser-grained impression. The mean stress and the magnitude of ΔK have only a small influence on the 

appearance of the fracture surfaces, which indicates that the same fracture mechanisms are active independent 

of ΔK and R. 

 

Fig.  C-6: Fracture surfaces of UFG Fe samples with T-R orientation (a,b) and A-T orientation (c,d), tested at R=0.1. 
The crack propagation direction is from left to the right. 

C.4 Discussion 

It has been shown that there is a pronounced orientation dependence in the crack paths and the resistance 

against FCG in UFG Fe. In the following section the reasons for this FCG anisotropy will be discussed and 

compared to results for HPT deformed UFG Ni and ECAPed metals. In the discussion it will be 
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distinguished between intrinsic and extrinsic mechanisms affecting the FCG rate, according to [22]. Extrinsic 

mechanisms, like crack closure or crack deflection, reduce the local crack driving force, whereas intrinsic 

mechanisms are responsible for the material separation at the crack tip and, therefore, for the propagation of 

the crack. However, at first the effect of the macroscopic crack path has to be considered. 

C.4.1 Macroscopic crack path deviations 

If a crack deviates macroscopically from its straight path, the crack driving force is changed because the 

loading changes from Mode I to a mixed mode combination of Mode I, II and III. This means that instead of 

the globally applied ΔKI a reduced local Δk is acting at the crack tip, so that the measured FCG rates 

correspond in reality to lower driving forces. With FE simulations the k values of different crack deflections 

were calculated and compared to the KI values of a straight crack as a function of the true physical crack 

lengths (see section 2.1 for more details). The FE results clearly demonstrate that KI delivers good estimations 

for the “true” local crack driving force k, provided the crack deflection angle and crack extension is small. For 

samples with a large instant crack deviation (e.g. T-A samples) k is significantly reduced even at small crack 

extensions, which has to be kept in mind when interpreting FCG data. However, the other crack 

configurations (10° and continuous change from 10° to 90°) exhibit reductions of the crack driving force of 

less than 5%, when data is taken only for crack extension shorter than 1.5 mm, which was the case for all data 

shown in this work. This confirms our assumptions for the validity of FCG data from section 2.1 for A-T, T-

R and R-A samples that macroscopic geometric shielding is not an issue that needed to be considered. 

 

C.4.2 The FCG threshold of UFG Fe and the contribution of crack closure 

mechanisms 

Regarding the threshold of HPT deformed UFG Fe two observations can be made from Fig. C-5: Firstly, 

there is only a weak dependence of the threshold on the mean stress for both orientations. Secondly, hardly 

any orientation dependence of ΔKth exists between A-T and T-R samples, although FCG rates differ markedly 

in the higher ΔK regime. 

C.4.2.1 The dependence of ΔKth on the mean stress 

For both orientations the threshold decreases when the R-ratio is increased, with a 16 % lower ΔKth at 

R=0.7 than at R=0.1 for A-T and a difference of 18 % for T-R samples (see Table C-3). A difference between 

15 % and 20 % coincides with estimations for the contribution of plasticity induced crack closure (PICC) 

under plain strain conditions. PICC under plane strain conditions is a result of material transport to the crack 

tip due to the formation of a plastic wedge, which reduces the effective stress intensity range at the crack tip 

[23,24]. Even at higher ΔK and larger crack openings the load at the crack tip is reduced in the same relation, 

as the dimension of the plastic wedge scales with the rising ΔK. Therefore the presence of PICC should result 

in higher FCG rates for R=0.7 than for R=0.1 even at higher ΔK, which is in fact observed. Since the 

differences in ΔKth agree with the estimations for PICC, it seems that PICC is the major contribution causing 

the difference between R=0.7 and 0.1 and other crack closure mechanisms play a minor role. This is not 

surprising for the A-T orientation, where little roughness of the crack path was observed, however, very 

surprising for T-R samples, which exhibits significantly larger crack path tortuosity. 
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Roughness induced crack closure (RICC), which is usually more pronounced in coarser grained metals, 

seems to be negligible in UFG Fe. Otherwise the difference in the fracture surface roughness between A-T 

and T-R specimens should entail a strong variation in the threshold values, which, however, was not observed. 

The reduced RICC seems to be a consequence of small mode II displacements Δu2 of the crack faces of NC 

and UFG metals (depicted in Fig. C-7), which, besides a rough crack path, is necessary to get this crack 

closure contribution [25,26]. 

 

Fig.  C-7: Schematic of the two sides of a crack with displacements in Mode I (Δu1) and in Mode II (Δu2). 

The mode II displacement of the two crack flanks is a result of a local asymmetry of the plastic 

deformation in the plastic wake of the crack tip. Furthermore Δu2 is proportional to the size of the cyclic 

plastic zone rCPZ and hence dependent on the yield strength of the material σy [25,26]: 

∆𝑢2 ∝ 𝑟𝐶𝑃𝑍 ∝
1

𝜎𝑦
      (3) 

Due to the high strength of UFG metals, the size of the plastic zone is smaller, which leads to less 

displacement parallel to the crack propagation direction. Additionally the small grain size might reduce the 

plastic asymmetry. Thus, the two sides of the crack show less mismatch of the fracture surfaces and hence less 

RICC. It can be concluded that the small differences between FCG data from experiments at R=0.7 and 0.1 

seem to be caused by PICC. 

As the FCG experiments have been started on closure free pre-cracks an R-curve behavior for the ΔKth 

value at R=0.1 is expected. However, for all samples tested at R=0.1 no crack extension was detected until the 

long crack threshold was reached. The built-up of PICC requires a crack extension in the range of the plastic 

zone size. However, the size of the plastic zone at ΔKth is only few micrometers and the detection limit of the 

potential drop method is about 5 µm. Therefore we assume that the very small R-curve effect of ΔKth could 

not be detected with the used technique. 

C.4.2.2 The orientation dependence of ΔKth 

The FCG curves in Fig. C-5 and Table C-3 show that there is hardly any orientation dependence of the 

threshold stress intensity factor range ΔKth for UFG Fe with A-T, T-R and R-A orientation at the two tested 

R-ratios. However, for a T-A sample a 40 % higher ΔKth is found compared to the other specimens. This 

higher threshold can be explained by the immediate macroscopic deviation of the crack to about 75°, which 

reduces the local stress intensity factor to about 60 % of the globally applied value [27] (see supplementary 

material more details on the simulations) The calculated local threshold value kth for a T-A sample (3.4 

MPa.m0.5) correlates well with the ΔKth of the other two crack orientations. This good agreement indicates that 

ΔKth is independent of the orientation when the deviation from the straight crack path and the local stress 

intensity factor is taken into account. 
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From literature it is known, that ΔKth is sensitive to the microstructure and therefore it seems surprising 

that no orientation dependence is found in our case. In standard literature, such as for example in [1], it is 

stated that the FCG in the near-threshold regime is sensitive to the microstructure, but becomes less sensitive 

in stage II (Paris regime). It is explained that the transition from microstructure sensitive to less sensitive 

occurs, when the cyclic plastic zone becomes larger than the grain size. In the case of commercially used 

metals, with grain sizes in the range of a few micrometers or larger, this may coincide with the transition from 

near-threshold to the Paris regime. In nanocrystalline (NC) and ultrafine-grained (UFG) metals, however, this 

does not hold true, as the grain size is so small that the cyclic plastic zone is about the same size or already 

larger than the mean grain size, even at the threshold. Therefore, it is reasonable that ΔKth is insensitive to the 

orientation. 

Furthermore the microstructure is the same for all orientations, however, the direction of the maximum 

grain elongation is different. This does not influence the ΔKth, as dislocations emitted from the crack tip are 

supposed to experience the same forces due to the same Young’s moduli and the same characteristic distances 

of obstacles in form of grain boundaries. However, when the crack propagates it can experience more FCG 

resistance for a growth direction parallel to the smaller axis of the grains, or less resistance when it propagates 

along the elongated grain boundaries. Therefore, in contrast to findings for microcrystalline metals, the ΔKth 

values of NC and UFG metals with elongated grains can be orientation independent, while the FCG rates in 

the Paris show pronounced anisotropy. 

C.4.2.3 The weak crack path in HPT deformed metals along elongated grain boundaries 

In the Paris regime UFG Fe produced by HPT shows clear differences in its FCG rate depending on the 

orientation of the crack in respect to the alignment of the elongated grains. All samples have in common that 

cracks tend to change their crack path either abruptly or continuously to a crack plane almost parallel to the 

HPT shear plane and a crack growth in tangential direction, which is close to the situation in A-T samples (see 

Fig. C-2 and Fig. C-3). It can be assumed that cracks only deviate to crack paths with lower FCG resistance 

and so this combination of cracking plane and crack growth direction is expected to result in the fastest FCG. 

The FCG data shown in Fig. C-5 confirms the assumption, with an up to 10 times higher FCG rate in the 

Paris regime for A-T samples, compared to T-R. This is a similar trend as found for the fracture toughness [9], 

which also revealed a reduced resistance against crack propagation for the same orientation in quasi-static 

experiments. The differences between T-R and A-T samples are even larger for the FCG rate (about 10 times 

faster FCG in A-T) than for fracture toughness (about 5 times lower fracture toughness for A-T). Hence, 

macroscopic crack path analyses, as well as FCG data show that a cracking plane slightly inclined to the shear 

plane of the HPT process (i.e. parallel to the long axis of the elongated grains) and crack propagation in 

tangential direction serves as a weak path for fatigue cracks. This is also in good accordance with FCG data 

for HPT deformed UFG Ni of a previous work [12], where the same weak crack path was observed. Thus it 

seems that this feature of NC and UFG metals is independent of its crystal structure. However, it has to be 

noted that the differences in the FCG rates are smaller between A-T and T-R oriented samples in UFG Ni 

(about 4 times higher FCG rate for A-T than for T-R samples) compared to UFG Fe (about 10 times faster 

FCG in A-T than in T-R). The magnitude of the anisotropy seems to be influenced by material properties, as 

for example by the grain geometry, the grain boundary strength and maybe the impurity content. 
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C.4.3 FCG growth mechanisms in UFG Fe 

The pronounced orientation dependence of the FCG rates might be an effect of a change in the intrinsic 

crack propagation mechanism, an extrinsic effect or a change of both. As already discussed only PICC delivers 

a small contribution at low R-ratios, which, however is independent of the propagation direction. Hence, only 

geometric shielding mechanisms (crack deflection and crack branching) and a change of the intrinsic 

mechanism should explain the observed FCG anisotropy. The slope of the FCG curve in the Paris regime and 

the effect of the mean stress are indicators of the prevalent FCG mechanisms. The total crack advance per 

cycle is a result of the crack advance due to plastic deformation and the contribution from damage 

accumulation and static fracture, which can be expressed by: 

(
𝑑𝑎

𝑑𝑁
)

𝑡𝑜𝑡𝑎𝑙
= (

𝑑𝑎

𝑑𝑁
)

𝑝𝑙.  𝑑𝑒𝑓𝑜𝑟𝑚𝑎𝑡𝑖𝑜𝑛
+  (

𝑑𝑎

𝑑𝑁
)

𝑑𝑎𝑚𝑎𝑔𝑒+𝑠𝑡𝑎𝑡𝑖𝑐 𝑓𝑟𝑎𝑐𝑡.
    (4) 

Ductile metals in general exhibit a cycle by cycle fatigue crack growth, which means that after each loading 

cycle the crack propagated for a characteristic distance. The crack advance per cycle caused by the ductile 

blunting and re-sharpening process depends on the cyclic crack tip opening displacement ΔCTOD, as well as 

on the morphology of the crack tip and can be estimated by: 

(
𝑑𝑎

𝑑𝑁
)

𝑝𝑙.  𝑑𝑒𝑓𝑜𝑟𝑚𝑎𝑡𝑖𝑜𝑛
= 𝑐 ∗ ∆𝐶𝑇𝑂𝐷      (5) 

The factor c is dimensionless and depends on the geometry and the reversibility of the deformation of the 

crack tip, which, in other words, is the reversibility of the formation of new fracture surface. This c value 

should also depend strongly on the crack morphology, i.e. if the crack grows predominantly under ideal mode 

I condition or under heavy local mixed mode loading. The coefficient c should not be confused with C of the 

Paris equation. ΔCTOD can be estimated by the following equation: 

∆𝐶𝑇𝑂𝐷 =  𝑑𝑛  ∙
∆𝑘2

2𝜎𝑦𝐸
      (6) 

where σy is the yield strength, E the Young’s modulus, Δk the local effective stress intensity factor range 

and dn a factor dependent on the cyclic hardening behavior of the material. dn was taken to be 0.78, 

representing a non-hardening behavior [33], which is a good approximation for the present SPD material. 

From Equ. 5 and 6 several relations for the blunting and re-sharpening process can be derived, which are 

depicted schematically in Fig. C-8. In this figure the crack tip of a ductile material is shown during two load 

cycles (1-5) for five different situations (a-e) of FCG. All situations have in common that at first the crack is 

closed (1) and opens by blunting due to plastic deformation upon loading (2). After unloading (3) the crack is 

closed again, however the crack advanced for the distance Δa. The loading and unloading steps are repeated in 

(4) and (5). Fig. C-8(b) shows the situation for a higher load amplitude than in (a). This leads to a larger 

ΔCTOD and hence to a larger crack advance, provided that the crack tip geometry is the same and crack tip 

opening angle stays constant. The load amplitude and hence the ΔCTOD in Fig. C-8 (c-e) are the same as in 

the first case, however, the crack tip geometry and the crack propagation mode are different and so are the 

lengths of the crack advances. The contribution of static fracture and further damage, described by the second 

term in Equ. 4, can change the crack tip opening angle and can lead to larger crack advance per cycle (Fig. C-

8(c)). However, the contribution from damage accumulation is not necessarily a cycle by cycle contribution, as 

it can cause a significant additional crack extension after a certain number of cycles, as shown in Fig. C-8(d) 
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and (e). In Fig. C-8(d) damage accumulation in the vicinity of the crack tip is marked by a shaded area. The 

crack advance during the first cycle is purely a result of plastic deformation, in the second cycle, however, 

additional crack extension from local fracture occurs. In Fig. C-8(e) a microcrack is depicted ahead of the 

main crack, which coalesces with the main crack upon loading. 

 

Fig.  C-8: Illustration of a crack tip in a ductile material during cyclic loading for 5 different situations (a-e). In step 
(1) the crack is unloaded and closed. The crack opens upon loading (2), which results in the blunting of the crack tip. In 
step (3) the crack is unloaded, however, the crack propagated, which is marked by a blue segment. In (4) and (5) the 
loading and unloading is repeated and the crack advance marked by Δa and a red segment. In loading case (a) and (c-e) 
the crack is loaded by the same ΔKeff which results in the same CTOD, marked by dotted lines in step (4). In (b) ΔKeff is 
higher and thus a larger CTOD is visible. Situations (a) and (b) show FCG as a result of blunting and re-sharpening only. 
In (c-e) FCG is a result of plastic deformation and local fracture, as well as damage accumulation. The shaded areas in (d) 
mark damaged material ahead of the crack tip, which upon loading in a certain cycle fracture and deliver additional crack 
advance (marked by “dam.” in step 5). In (e) additional crack extension occurs due the coalescence of a microcrack with 
the main crack (marked by “dam.”), which is similarly to d) not a cycle by cycle process. 

The most prominent model for FCG as a result of pure crack tip deformation predicts an exponent m of 2 

in the Paris regime (see Equ. 2). This is a result of the proportionality of the FCG rate (da/dN) to the cyclic 

crack tip opening displacement (ΔCTOD) and hence a proportionality of (da/dN) to ΔK² [28–31], as given by 

Equ. 5 and 6. Damage accumulation based models of FCG, in contrast, would yield an exponent of 4, 

according to [32].For all samples of the present study a slope close to 3 was determined, as can be seen in Fig. 

C-5 and Table C-4. The exponent of 3 of the FCG data of UFG Fe is the main difference compared to UFG 

Ni, where an m value of 2 was observed [12]. Despite this difference in the exponent m we believe that for 

both materials the FCG mechanisms are similar and mainly governed by blunting and re-sharpening. If FCG 

by damage accumulation or static fracture was important, the crack growth rate should be larger than expected 

from the ΔCTOD values, and this is not the case. Furthermore, the Kmax values of the applied cyclic loads are 

smaller than the determined fracture toughness values of A-T and T-R specimens (see [9]). Therefore, the 

FCG process should not be significantly influenced by fracture toughness of the material. 

If contributions of damage accumulation are excluded, an exponent larger than 2 could mean, that the 

factor c is not constant but increasing with increasing ΔCTOD. In the present experiments the estimated FCG 

rate with a factor c of 0.3 is too high to match the measured data at small ΔK and small ΔCTOD and hence a 

larger crack opening angle (lower factor c) seems to be more appropriate (see dash-dotted line Fig. C-5). At 

higher ΔK and larger ΔCTOD the estimation of c with 0.3 seems to be correct, as the calculated and measured 

data coincide. It has to be noted, that the estimation of the FCG rate from plastic deformation gives larger 

values in the near-threshold regime and seems to be an upper limit in the Paris regime. Thus, it is unlikely that 



  85 

damage accumulation, like microcracks, and static fracture events strongly contribute to the FCG process, as 

this would increase the FCG rate, although the measured FCG rates are smaller than expected.  

Furthermore it has to be noted that also in very ductile coarse-grained materials, especially in ferritic steels 

sometimes a ΔK3 relation is observed [35]. This is especially the case in the crack growth regime between FCG 

rates of 1 and 100 nm/cycle, while for larger growth rates a transition to a ΔK2 relation occurs. However, due 

to the limitations in the sample geometry and the limited fracture toughness of HPT deformed materials no 

valid FCG data for T-R specimens could be obtained for higher ΔK. For A-T specimens the low fracture 

toughness of this orientation (about 14 MPa.m0.5 [9], indicated in Fig. C-5 by arrows) could additionally 

promote higher slopes. For cyclic loading with a maximum stress intensity factor Kmax close to the fracture 

toughness unstable crack growth and an acceleration of the FCG occurs, leading to a higher slope in the FCG 

curve. For a material with low fracture toughness, such as UFG Fe with A-T orientation, it means that the 

Paris region can be less developed, as Kmax is already approaching the fracture toughness when the near-

threshold behavior would end and stable crack growth would set in. Another observation in favor of a FCG 

by blunting is the occurrence of deformation patterns which can be seen on the fracture surfaces. An example 

of an A-T sample is given in Fig. C-9. The regular lines correlate well with slip steps from dislocations, which 

were calculated in simulations to form regular patterns during the propagation of a fatigue crack by a blunting 

and re-sharpening process [36]. 

 

Fig.  C-9: SEM image of the fracture surface of a Fe UFG A-T sample, with the crack propagation direction from 
left to right. Regular lines can be observed under high magnifications, examples are marked by white arrows. 

C.4.4 The effect of crack deflection 

In the previous sections it was shown that fatigue crack growth occurs along the grain boundaries in all 

tested samples. In A-T oriented samples the designated crack growth direction is almost parallel to the long 

axis of the elongated grains, which means that cracks can easily follow long grain boundaries (see schematic in 

Fig. C-10(a)). On triple points of the grain boundaries the crack has to deviate only slightly from its path to 

follow the next grain boundary and hence crack segments in A-T specimens show low deflection angles, as 

shown in the diagram in Fig. C-4(c). In T-R specimens the fatigue crack has in general to deviate to larger 

angles at grain boundary triple points to follow the next grain boundary, which also results in a rougher 

fracture surface, a frequent branching of the crack and a longer true crack path (Fig. C-10(b)). With such 

variations in the crack paths, also differences in the FCG growth rate can be expected. The repeated 

microscopic crack deflections reduce the local crack driving force at the crack. Furthermore, with the potential 

drop technique projected mean crack lengths are determined during the FCG tests and not the true crack 



86 

length, which can be substantially longer. Therefore the projected crack advance per cycle is determined and 

not the true FCG rate. In the following possibilities will be presented, how the stress intensity range at the 

crack tip (Δk) and the true FCG rate (da/dN)true can be calculated from the measured data. If these 

recalculated FCG curves of the differently oriented samples coincide, geometric shielding could be identified 

as the main reason for the varying FCG rates. 

 

Fig.  C-10: Crack path of (a) A-T and (b) T-R oriented samples, marked on EBSD images. Additionally schematic 
illustrations of the microstructure and the crack path are shown. 

Repeated changes in the crack growth direction, e.g. due to deflections along grain boundaries, can reduce 

the crack driving force locally and lead to FCG curves shifted to lower ΔK values, if the effective driving force 

at the crack tip would be considered. This can be modelled by a crack with straight segments of the length S 

and regular deviations of the length D with an inclination of the angle θ to the straight crack path [37] and 

from that an effective stress intensity range (Δk) can be derived. Δk can be calculated from the globally 

applied ΔKI when the ratio of the true to the projected crack length, which is equal to the linear roughness 

parameter RL, is known [12]: 

𝑅𝐿 =
𝑡𝑟𝑢𝑒 𝑙𝑒𝑛𝑔𝑡ℎ

𝑝𝑟𝑜𝑗𝑒𝑐𝑡𝑒𝑑 𝑙𝑒𝑛𝑔𝑡ℎ
=

𝑆+𝐷

𝑆+𝐷∗cos(𝜃)
     (7) 

∆k =
𝐷 𝑐𝑜𝑠2(

𝜃

2
)+𝑆

𝐷+𝑆
∆𝐾𝐼 =

1+𝑅𝐿

2∗𝑅𝐿
∆𝐾𝐼           (8) 

With the linear roughness parameters from Table C-2 the Δk values were calculated for the FCG data of 

A-T and T-R specimens measured at R=0.1 and R=0.7. In Fig. C-11(a) and (d) the original data (slightly 

transparent symbols) is shown together with the recalculated data for R=0.1 and R=0.7 experiments. The 

FCG curves are shifted to lower ΔK values when Δk is used instead of the globally applied ΔK. This is 

especially the case for the T-R orientation, which exhibits larger crack deviations and hence a larger RL value. 

By this recalculation the differences in the FCG rates between the two orientations become smaller at ΔK 

larger than 3 MPa.m0.5, however, there is still a remarkable difference. 

Due to the nature of the potential drop technique, only projected mean crack lengths are determined 

during the FCG tests. However, as shown in Fig. C-4 the true crack length and the new surface created by 

crack advance can be substantially larger when there are crack deflections like in the case of T-R orientations. 
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For a known RL a true FCG rate (da/dN)true can be calculated from the measured FCG rate (da/dN) by the 

following expression [12,37]: 

(
𝑑𝑎

𝑑𝑁
)

𝑡𝑟𝑢𝑒
= [

𝐷+𝑆

𝐷 cos(𝜃)+𝑆
] (

𝑑𝑎

𝑑𝑁
) = 𝑅𝐿 (

𝑑𝑎

𝑑𝑁
)     (9) 

The true FCG rates were calculated for R=0.7 data of A-T and T-R specimens and are shown in Fig. C-

11(b) and (e). The recalculated curves are shifted to higher FCG rates and as before the modification has 

larger effects on T-R data, due to the larger roughness parameter. The variation between the A-T and T-R 

orientation decreases, but the FCG rates are still considerably higher for A-T samples. A difference in the 

roughness value RL by a factor of 10 between A-T and T-R samples would be needed in order to fully explain 

the differences in the FCG rates by this simplified assumption. However, this extreme difference in the 

roughness of the fracture paths was clearly not observed. Thus, the difference in the newly created surface can 

contribute to the orientation dependent FCG rates but is not the sole reason for it.  

In Fig. C-11(c) and (f) both previously described corrections are applied to the FCG data at the same time. 

Thereby the differences in the FCG rates between A-T and T-R specimens are reduced in the Paris regime, 

however, the FCG is still about two times faster in A-T samples. Thus, even by taking geometric shielding 

into account the anisotropic FCG behavior cannot be fully explained. 

 

Fig.  C-11: FCG diagrams for UFG Fe samples with A-T and T-R orientation, tested at R=0.1 (a-c) and R=0.7 (d-f). 
The originally measured data is shown by slightly transparent symbols for comparison. For (a) and (d) the regular 
microscopic crack deviations were taken into account and the effective stress intensity range at the crack tip was 
calculated. The FCG curves are shifted to lower ΔK values. In (b) and (e) the FCG rate is recalculated for the true crack 
length. The FCG curves are shifted to higher FCG rates. In (c) and (f) both recalculations are applied. 

There are few phenomena which have not been taken into account so far: 
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- Local crack branching (see also Fig. C-4) may further reduce the locale Δk. This is more 

frequently observed in the T-R orientation of UFG Fe than in the same orientation of UFG Ni, 

which could explain the larger anisotropy in UFG Fe. 

- The 3D nature of the crack shape, which may induce an additional Mode III component of the 

stress intensity factor range. Thereby the local Δk is further reduced, which would explain why the 

ΔKth is not orientation dependent. In the straight regions of the crack front the crack starts to 

propagate at ΔKth. In deflected segments, however, the locale crack driving force is reduced and 

thus the crack front does not advance. After a certain crack extension in the straight segments the 

crack driving force in the deflected parts is increased enough to overcome the threshold and to 

also cause crack advance in this regions of the crack front. This process seems to significantly 

reduce the global crack growth rate compared to samples where less crack deflection occurs along 

the crack front. 

- Finally one should note that also the intrinsic mechanisms may contribute to the orientation 

dependence, because the prefactor c in Equ. 5 may depend on the load mixity, which may 

introduce an additional effect to the orientation dependence of the FCG rate. 

C.4.5 Comparison of HPT to ECAP results 

The few FCG experiments on UFG metals were performed predominately on ECAPed materials. Also the 

orientation dependence of some ECAPed metals has already been in focus, as can be seen for example in the 

works of Vinogradov et al. [38] for a CuCrZr alloy and Niendorf et al. [39] for IF steel. In contrast to the 

findings on HPT deformed Ni and Fe, the ECAPed materials in these studies show hardly any FCG 

anisotropy. One explanation for this difference could be the orientation of the samples in respect to the shear 

plane of the deformation process. The orientations of the HPT samples were chosen to represent extreme 

conditions: either crack growth parallel to the shear plane or perpendicular to it. This, however, is not the case 

for the ECAP specimens of the two works mentioned above, where cracks are introduced in an angle of 

about 45° to the shear plane, due to the inclination of the shear plane to the extrusion direction. Therefore, 

differences in the FCG behavior can be expected to be less pronounced than in HPT samples. Furthermore, 

during the deformation of the usually investigated ECAP material the shear plane changes for each pressing 

due to the rotation of the billet for 90° (ECAP route BC). Thus the grains are less elongated than in HPT 

deformed material, where the shear plane is the same during the whole process. This more equiaxed grain 

geometry can also reduce the FCG anisotropy and may be more important than the mean grain size. 

Additionally, due to the limited number of passes ECAPed material shows a lower fraction of high angle grain 

boundaries (HAGB) compared to HPT deformed metals [40,41]. As FCG is preferentially found on HAGB, 

reduced orientation dependence can be expected for materials processed by ECAP. 

C.5 Conclusion 

For this study severely plastically deformed UFG ARMCO Fe was chosen as a model material to 

investigate the fatigue crack growth behavior of a body-centered cubic UFG metal. The FCG characteristics 

of UFG Fe can be summarized as follows: 

(1) Intergranular fatigue crack growth in UFG Fe is the result of a blunting and re-sharpening process 

along the grain boundaries and not due to grain boundary embrittlement. 
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(2) Fatigue cracks change their paths either abruptly or continuously in order to propagate in a plane 

parallel to the shear plane, which is parallel to the long axis of the elongated grains. 

(3) The contribution of crack closure to the FCG resistance is small and mainly plasticity-induced. 

Thus, only a weak influence of the mean stress on ΔKth and the FCG rates was found. 

(4) No orientation dependency is observed for the threshold stress intensity factor range ΔKth when 

the macroscopic deviation of the fatigue crack is taken into account. 

(5) Cracks introduced in shear direction of the HPT process exhibit a 10 times faster FCG than 

cracks perpendicular to it. The differences can neither be fully explained by extrinsic shielding 

mechanisms, nor by the crystallographic texture. It seems that regular crack branching reduces the 

local load at the crack tip and hence the ΔCTOD even more than estimated by common models. 

(6) The FCG of UFG ARMCO Fe shows basically the same characteristics as for UFG Ni, except the 

somewhat larger exponent m in the Paris regime. Hence, it can be assumed that FCG is governed 

by the same mechanisms irrespective of the crystal lattice. 
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C.8 Supplementary Material 

C.8.1 Effect of macroscopic crack deflections 

In order to study the effect of crack deflections on the effective crack driving force, and hence the FCG 

curves, finite element (FE) simulations were performed for two-dimensional CT specimens with the same 

dimensions as the samples used in the experiments (W = 5.4 mm, B = 1.3 mm and initial crack length a0 = 

1.08 mm; see also section 2). Straight crack growth with 5 different deflection angles ranging from 0° to 80°, 

as well as a continuous change in the crack growth direction were considered. A crack deflection by 10° 

represents sample orientation A-T, 80° crack deflection represents orientation T-A and a continuous change 

in the crack growth direction represents the T-R orientation. For each configuration various “true” crack 

extensions, i.e. the length of the deflected part of the crack, between atrue = 0.2 mm – 2.9 mm were modelled. 

The specimens were subjected to monotonic loading in Mode I by prescribing a (constant) load F = 100 N. It 

should be mentioned that the relations between the effective K values, basically, do not change if cyclic 

loading is modelled, hence, it is possible to draw the same conclusions for cyclic loading as for monotonic 

loading. The commercially available FE program ABAQUS (see 

http://simulia.com/products/abaqus_fea.html) was used to create the model and to perform the stress and 

strain analysis. Bilinear 4-node elements were used for the FE-mesh. Small strain setting was assumed. The 

material was selected to be homogeneous, isotropic elastic–ideally plastic (following incremental theory of 

plasticity), with Young’s modulus E = 210 GPa, Poisson’s ratio  = 0.3 and yield strength y = 1230 

(estimated via indentation tests). The magnitudes of the crack driving force were evaluated in terms of local 

stress intensity factor values, k. For the straight crack k = KI applies. For deflected cracks k was calculated 

from the local Mode I and II stress intensity factors following [1], 

𝑘 = √𝑘I
2 + 𝑘II

2
 .     (1) 

At this point, it should be emphasized that the requirements for the applicability of the stress intensity 

factor was met for all modelled scenarios. The k values of the deflected cracks were related to the K values of 

an undeflected crack (i) with equal projected crack extension aproj. and (ii) with equal true physical crack 

lengths atrue, i.e. the extension of the undeflected crack is equal to the length of the deflected part of the 

crack. Additionally, the relations k/KI were calculated from the analytical model for cracks with infinitesimally 

short deflections for deflection angles of 30°, 45° and 80° [2] and compared with the simulated results. 

Fig. 1 presents the variations of the stress intensity ratios k/KI of straight cracks with different deflection 

angles, plotted against crack extension a. In Fig. 2 the results of three different configurations are depicted, 

which represent the three sample orientations used in this study. Fig. 1(a) and Fig. 2(a) show k/KI values as a 

function of the true crack extension atrue; here, the total crack length of the straight and kinked crack are the 

same. Fig. 1(b) and Fig. 2(b) show the k/KI values versus the projected crack extension aproj.; here, the KI 

value corresponds to a crack length obtained after projection of the kinked crack onto the symmetry plane. 

From the results in Fig. 1(a) it can be seen that even for a crack with a deflection angle of 30° the reduction of 

the k compared to a straight crack is only about 10%. The same is true for the crack with a continuous change 

of the crack growth direction (T-R) in Fig. 2(a) up to a crack extension of 1.25 mm, at which the crack 

deflection angle is 30°. Cracks with an instant deflection to 80° (T-A) experience a 40% reduced driving force 

at the crack tip, even at small crack deflections, which is in good agreement with the analytical solution of [2]. 
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For small crack extensions and a current introduction from the side faces, the potential drop method yields a 

crack length close to the projected length of the crack and thus the comparisons in Fig. 1(b) and Fig. 2(b) have 

to be considered. Basically, the same conclusions can be drawn as for the previous comparison: The 80° crack 

configuration shows larger differences even for small crack extension, for the other configurations with 

deflections angles from 0° to 30° differences are less than 5% up to a crack extension of 1.25 mm. Hence, 

only for the immediate 80° deflection of the crack the macroscopic deflection of the crack has been taken into 

account. 

 

 

Supplementary Fig. 1: The effective local stress intensity factor kf for cracks with different deflection angles (10°, 
30°, 45° and 80°) is compared to the mode I stress intensity factor of a undeflected crack. a) shows the relations for 
chosen true crack extensions (Δatrue) and b) for chosen projected crack extensions (Δaproj.). The first data points (filled 
symbols) are calculated from the analytical model for cracks with infinitesimally short deflections [2]. 

 

 

Supplementary Fig. 2: Comparison of the kf for deflected cracks, which represent three different sample 
orientations used in this study, to the mode I stress intensity factor of an undeflected crack. a) shows the relations for 
chosen true crack extensions (Δatrue) and b) for chosen projected crack extensions (Δaproj.). The first data point of the T-A 

crack (filled symbol) is calculated from the analytical model for cracks with infinitesimally short deflections [2]. 
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C.8.2 Error estimation 

Errors in the FCG curves can arise from the measurement of the crack length and the measurement of the 

force. The crack length determined by PDT was controlled with optical measurements and a good accordance 

was found. An exception was a sample for which the optical measurement yielded an about 20% longer crack 

length. In order to see the effect of this largest found error of the crack length measurement on the FCG 

curve, the crack length data of this T-R sample tested at R=0.1 was scaled to get a 20% larger crack length 

value at the end of the FCG test (depicted in Fig. 3). From the scaled data da/dN and ΔK were re-calculated 

and plotted together with the original data in Fig. 3. It can be seen that the error in the double logarithmic plot 

is small, even at high ΔK values around 20 MPa.m0.5 and does not change the slope of the curve in the Paris 

regime. The error of the FCG curve is even smaller in the near threshold regime, as the error of the crack 

length measurement will be smaller for short crack extensions. Additionally, the error resulting from the force 

measurement was assessed, which originates from the error of the load cell (which is less than 1%) and the 

transformation to an analog signal for the input to the data acquisition system. By comparing the force values 

from the measurement system to the values of the controller of the testing system only small errors less than 

then 5% were found. To account for the maximum error, ΔK was re-calculated for 5% higher forces and the 

resulting FCG curve added to Fig. 3. Even with the error from the force measurement included the FCG 

curve does not substantially change its shape. Thus, it can be concluded that the errors of the crack length and 

force measurement do not change the FCG curves significantly and hence the relations discussed in the paper 

and the conclusions are not affected by the measurement error. 

 

Supplementary Fig. 3: Estimated errors resulting from crack length and force measurement are taken into account 
by re-calculating the FCG curves for data with the maximum error found during the FCG tests. Exemplarily the re-
calculated FCG curves for a T-R specimen tested at R=0.1 are shown together with the originally determined FCG 
curve. 
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Abstract 

Nickel-titanium (NiTi) shape memory alloys are widely used for medical components, as they can 

accommodate large strains in their superelastic state. In order to further improve the mechanical properties of 

NiTi, grain refinement by severe plastic deformation is applied to generate an ultrafine-grained microstructure 

with increased strength. In this work comprehensive fracture and fatigue crack growth experiments were 

performed on ultrafine-grained NiTi to assess its damage tolerance, which is essential for the safe use of this 

material in medical applications. It was found, that equal channel angular pressing of NiTi for 8 passes route 

BC increases the transformation stress by a factor of 1.5 and the yield stress of the martensite by a factor of 

2.6, without significantly deteriorating its fracture and fatigue crack growth behavior. The fatigue crack growth 

behavior at high mean stresses is even improved, with lower fatigue crack growth rates and higher threshold 

stress intensity factor ranges, however, beneficial contributions from crack closure are slightly reduced. 
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D.1 Introduction 

Since the discovery of the superelastic and shape memory properties of nickel-titanium alloys in the 1960s, 

the material has been implemented in many applications. Responsible for both effects is the phase 

transformation of the intermetallic alloys between an austenitic (simple cubic B2 structure) and a martensitic 

phase (monoclinic B19’ structure) as described in early studies [1,2]. In their superelastic state NiTi alloys can 

accommodate strains up to 10% by a stress induced transformation of austenite to martensite and the 

subsequent detwinning of the martensitic phase. In contrast to plastic deformation, this process is reversible, 

which makes superelastic NiTi interesting for applications in which large cyclic strains have to be 

accommodated [3,4]. In combination with its good biocompatibility this shape memory alloy (SMA) is 

attractive for medical purposes and used for example for endovascular stents or endodontic files [5–7]. In 

such applications failure can have severe consequences and thus an appropriate design of the device and 

adequate material quality are necessary to ensure safe operation. From the materials point of view, thin-

structured devices, like endovascular stents, require to keep the number and size of defects as low as possible 

to avoid initiation sites for crack propagation. However, as structural materials are seldomly defect free and 

the introduction of flaws may also occur during service, the damage tolerance of SMAs is of great importance. 

Although this means that the fracture and the fatigue crack growth (FCG) behavior are crucial for designing 

damage tolerant medical components, only a small number of studies on this aspect is available [8–16]. 

Furthermore, the comparison of the results is somewhat cumbersome for various reasons: Firstly, tests were 

performed on NiTi alloys with varying compositions, which affect the phase transition temperatures and thus 

also the mechanical properties. Even if it was guaranteed that NiTi samples were, for example, tested in their 

superelastic state, the difference between testing temperature and austenite start temperature can significantly 

influence the fracture toughness [9]. Furthermore, many experiments were not performed in accordance with 

testing standards and thus the results do not necessarily represent conservative and size-independent fracture 

toughness values. This can be caused for example by  

- using notches instead of sharp cracks as initial flaws, 

- using samples too thin to guarantee the prevalence of plane strain conditions, 

- using samples with an insufficient ligament length to ensure the applicability of linear elastic 

fracture mechanics, 

- calculating the fracture toughness from maximum force values in force-displacement curves, 

rather than applying the evaluation-procedures from standards. 

Nevertheless, the data can be used as reference values as long as the experimental circumstances are kept 

in mind. In this study, sharp and open fatigue pre-cracks were used and the samples adequate dimensions to 

fulfill the requirements of ASTM standard E1820 and E647 [17,18]. Under quasi-static loading of NiTi, 

samples do not fail abruptly after reaching a specific load, but exhibit stable crack growth with an increasing 

crack growth resistance [13]. Therefore, in this paper the entire crack propagation was monitored to be able to 

determine the crack resistance curve (R-curve) of the material, instead of evaluating only a single measure for 

the fracture toughness, such as a maximum stress intensity factor. 

Concerning the crack propagation behavior of NiTi under quasi-static and cyclic loading several important 

observations have already been made in previous studies. The latest works indicate that stable martensite and 

superelastic NiTi have a lower fracture toughness than stable austenite [11]. The quite similar fracture 

toughness of superelastic and martensitic NiTi is explained by the finding that in the superelastic state 
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martensite is induced ahead of the crack tip upon loading, regardless whether plane strain or plane stress 

conditions prevail [11,12,19]. Hence, crack growth in the martensitic phase and fracture toughness of 

superelastic NiTi seems to be controlled by the properties of the martensite [12]. 

FCG experiments revealed a strong dependence of the fatigue threshold stress intensity factor range ΔKth 

on the initial microstructure, with significantly higher ΔKth for stable martensite and reduced threshold values 

for superelastic austenite and stable austenite [9,20]. Furthermore, a pronounced load ratio dependency was 

found for ΔKth, with lower threshold values for higher mean stresses [9,20]. FCG behavior in the Paris regime 

seems to be less affected by the phase and the load ratio, giving Paris exponents between 3 and 4 [9]. 

A novel strategy to further improve the mechanical and functional properties of shape memory alloys is 

grain refinement down to the ultrafine-grained (grains smaller than 1 µm) or nanocrystalline regime (grains 

smaller than 100 nm) [21–24], especially in combination with post-deformation heat-treatments [25,26]. Severe 

plastic deformation (SPD) techniques, such as equal channel angular pressing (ECAP) or high pressure torsion 

(HPT), can be used to achieve the desired fine-grained microstructures by imposing large plastic strains. For 

ultrafine-grained (UFG) and nanocrystalline (NC) NiTi an increase in the yield stress of the martensite and an 

increase of the transition stress together with large recoverable strains are reported. Concerning the fracture 

toughness of UFG NiTi only a few studies exist. Ahadi and Sun reported a reduction of fracture toughness 

with decreasing grain size achieved by thermo-mechanical treatment, especially pronounced for grain sizes 

below 80 nm [15]. 

In the present study, UFG NiTi generated by ECAP is investigated with special focus on the damage 

tolerance. For that fracture toughness and FCG experiments were performed. Since the ECAP-process may 

lead to anisotropic mechanical properties, samples with different orientations were in use. The main aim of 

the work is to provide input for a damage tolerant design of components made from UFG NiTi under quasi-

static and cyclic loading conditions. 

D.2 Material and methods 

Experiments were performed with a 50.2% Ni – 49.8 % Ti alloy in the superelastic state, with a martensitic 

transformation temperature close to room temperature [24]. Microstructure analyses were performed with a 

LEO Gemini 1525 scanning electron microscope (SEM), using a secondary electron (SE) and a backscattered 

electron (BSE) detector. Moreover electron backscatter diffraction (EBSD) was employed. The as-received 

(AR) material exhibits a microcrystalline microstructure, which is shown in Fig. D-1(a). A mean grain size of 

about 100 µm was determined from EBSD data, as depicted in Fig. D-1(b). Within the material a large 

number of Ti-rich precipitates were found with a size of up to a few microns (see dark spots in Fig. D-1(a)). A 

billet with a diameter of 20 mm of the AR NiTi was subjected to ECAP using route BC
3 at 450°C for 8 passes, 

with a channel angle of 110°, imposing a total von Mises strain εvM of about 6.5. From the AR material, as well 

as from the ECAPed NiTi tensile samples were taken, with a cross section of 1.5 mm x 1.1 mm and a gauge 

length of 7.5 mm. The tensile experiments were conducted on a Kammrath and WeissTM testing machine with 

a testing speed of 10 µm/s. For fracture experiments, CT specimens were produced from the ECAPed 

material, with a ligament width W = 9 mm, a thickness of B = 4.5 mm and further dimensions according to 

the ASTM standard E399 [27] for fracture experiments. Two different orientations, E-R and R-E, as shown in 

Fig. D-2, were tested in order to take a possible anisotropy of the fracture behavior into account. The sample 

                                                      
3 For ECAP route BC the billet is rotated 90° after each cycle. 



100 

orientations are denoted according to E399 [27], with the first letter indicating the direction of the crack 

surface normal and the second letter indicating the crack growth direction. The directions are related to the 

ECAP process and are visualized in Fig. D-2, with the extrusion direction E and the radial direction R. For 

FCG tests smaller CT samples (W=5.4 mm, B=1.3 mm and a=1.0 – 1.3 mm) were taken from the AR 

material and from ECAPed NiTi. Specimens from ECAPed NiTi were prepared with three different 

orientations (E-R, R-E and R-R), as depicted in Fig. D-2. Notches were introduced with a diamond-wire saw, 

further sharpened by razor-blade grinding and finally fatigue pre-cracks were introduced under cyclic 

compression-compression loading with a resonance testing machine (Rumul Russenberger + Müller, 

Switzerland) at a load ratio of R=(maximum force)/(maximum force)=10. For the fracture experiments the 

pre-cracks were extended under cyclic tensile loading for 10,000 cycles at ΔK=6 - 8 MPa.m0.5 and R=0.3 in 

order to get a/W-relations of about 0.55. The fracture tests were performed on a Zwick testing machine type 

1832 (Zwick Roell, Germany) with a cross head speed of 0.153 mm/min. The toughness of the ECAPed NiTi 

was evaluated using three different approaches: (i) linear-elastic fracture mechanics and determining the stress 

intensity factors KQ from the load-displacement curve, (ii) elastic-plastic fracture mechanics and determining 

J0.2 from the J-integral resistance curve (J-R-curve) at 0.2 mm crack extension and (iii) determining the 

initiation toughness Ki from the crack tip opening displacement (CTOD) as a local fracture parameter. 

Evaluations (i) and (ii) were performed according to ASTM standard E1820 [17]. Since pre-experiments on 

the ECAPed NiTi clearly showed extensive ductile behavior, the use of elastic-plastic fracture mechanics was 

required and crack resistance curves were monitored to account for the stable tearing of the specimens. The 

crack extension Δa was measured by a direct current potential drop method in order to get J-R-curves and K-

R-curves. The blunting line was calculated according to ASTM standard E1820 [17], with  

𝐽 = 𝑀𝜎𝑦∆𝑎      (1) 

Where M is a pre-factor with a value of 2 and σy is the yield strength of the martensitic phase determined 

from tensile tests. The J-integral value at a stable crack extension of 0.2 mm was determined (J0.2) and 

converted to a stress intensity factor (K0.2) for the specimens by the following relation [28]: 

𝐾0.2 = √
𝐽0.2𝐸

1−𝜈2     (2) 

For the Young’s modulus E a value of 68 GPa and for the Poisson’s ratio ν a value of 0.33 was taken. For 

the determination of the local fracture toughness stereophotogrammetric images of the fracture surfaces were 

acquired in the SEM and crack profiles of both specimen halves following identical crack paths were related to 

each other. 

 the opposite halves of the samples related to each other. From the profiles the CTOD necessary for the 

coalescence of the first pore with the pre-crack was measured (CTODi) and taken as criterion for the initiation 

fracture toughness of the crack growth. Several measurements were performed on different positions of each 

sample to get information about the variation of the local fracture toughness values. More details about the 

measurement of CTODi can be found in [29]. The CTODi can be converted to a J-integral value Ji by [30]: 

𝐽𝑖 =
1

𝑑𝑛
𝜎𝑦𝐶𝑇𝑂𝐷𝑖      (3) 

The factor dn, which depends on the hardening behavior of the material, was taken to be 0.78, as an 

approximation for a non-hardening material. 
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The FCG measurements were carried out on an electrodynamic Instron ElectroPulsTM E3000 testing 

machine at load ratios of R=0.1 and R=0.7. The potential drop technique was applied to monitor the crack 

lengths during the tests. More details about the testing procedure can be found elsewhere [31,32]. In order to 

measure the effective threshold stress intensity factor range ΔKth,eff and the long crack threshold stress intensity 

factor range ΔKth, the load rising method was applied [33]. ΔKth,eff is the stress intensity factor range at which 

first crack growth is detected. During this first crack propagation crack closure mechanisms build-up and 

reduce the crack driving force at the crack tip. Therefore, retardation or even a stop of the crack growth can 

occur after short crack advances, which can be interpreted as a cyclic R-curve behavior. When the stress 

intensity factor range exceeds ΔKth the crack propagates, without stopping, until final failure. With the 

commonly used load shedding method only the long crack threshold stress intensity factor range, ΔKth, can be 

determined. After the experiments the fracture surfaces and the side faces of the specimens were analyzed 

with the SEM. 

 

Fig.  D-1: Microstructure of the as-received NiTi. a) BSE image of the as-received NiTi, with a grain size of about 
100 µm. The black spots are precipitates with a size of up to a few microns. b) Microstructure derived from EBSD data. 
A cleanup with a minimum grain size of 50 points was applied in order to exclude unsatisfactorily indexed points for the 
grain size determination. 

 

Fig.  D-2: Schematic of an ECAP deformed billet and the different sample orientations. 

D.3 Results 

D.3.1 Microstructure of ECAPed NiTi 

BSE and EBSD analyses of the ECAPed NiTi revealed a significant grain refinement, with large fractions 

of the material exhibiting an UFG microstructure with grain sizes below 1 µm (Fig. D-3). However, also 

larger-grained areas were detected, with grain sizes up to a few microns, as shown in the lower right parts of 
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Fig. D-3(a) and (b) and in the EBSD image in Fig. D-3(c). By inspecting the microstructure in radial direction 

of the billet, elongated structures are revealed, which are about 45° inclined to the extrusion direction (Fig. D-

3(d-f)). The grain refinement was accompanied by an increase in hardness of about 25%, from 237±10 HV 

0.5 in the as-received state, to 296±7 HV 0.5 for the ECAPed NiTi. A Young's modulus of 67.6 ± 0.8 GPa 

was obtained by nanoindentation (Nano Indenter G200, Keysight Technologies, USA) using a Berkovich tip 

and following the analysis procedure proposed by Oliver and Pharr [34]. 

 

Fig.  D-3: Microstructure of the ECAPed NiTi shown with BSE (a & d) and EBSD (b,c,e,f) images. Images (a – c) 
were taken in the viewing direction parallel to the extrusion direction, in images (d – f) the viewing direction was parallel 
to the radial direction. 

D.3.2 Tensile tests 

Tensile tests on AR and ECAPed NiTi show that grain refinement leads to a higher transformation stress 

σtr and to a higher yield strength of the martensitic phase σy. Exemplary stress-strain curves for AR and 

ECPAed NiTi are shown in Fig. D-4. The stress of the martensitic phase transformation is increased from 180 

± 14 MPa in the AR state to 283 ± 62 MPa in the ECAPed state. The yield stress of the martensitic phase in 

AR NiTi gets increased by ECAP deformation from 467 ± 79 MPa to 1216 ± 73 MPa. The ductility in terms 

of elongation to fracture is only marginally affected by the SPD processing. 
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Fig.  D-4: Examplary stress – strain curves of AR and ECAPed NiTi. 

D.3.3 Fracture experiments 

As described in section 2, the fracture behavior of ECAPed NiTi was assessed by three different 

approaches and an overview of the results is given in Table D-1. Fracture surface analyses revealed that a local 

CTOD of 1.0 to 4.5 µm and 0.7 to 4.6 µm is necessary to initiate crack growth in the R-E and R-E sample, 

respectively. From the CTOD values stress intensity factors at crack initiation (Ki) were calculated, ranging 

from about 11 to 29 MPa.m0.5. The KQ values determined from the load-displacement curves in Fig. D-5(a) 

and (b) are in the range of 19.7 (R-E) to 22.0 MPa.m0.5 (E-R). Similar to the Ki value, also the KQ value shows 

little dependence on the orientation of the specimens, with only about 10 % difference between both 

orientations. For the comparison with results from literature Kmax was calculated from the maximum force in 

the load-displacement curve. The orientational variation of the Kmax values is small, with a difference of less 

than 10 % (32.0 MPa.m0.5 for the R-E and 29.3 MPa.m0.5 for the E-R sample). 

Table  D-1: CTOD, J-integral and K values obtained from the fracture experiments on ECAPed NiTi. 

 

The J-integral plotted against the crack extension (J-R-curves) in Fig. D-5(c) and (d) clearly shows a rising 

R-curve behavior, i.e. the crack growth resistance increases with crack extension. In order to quantify the 

crack growth resistance during stable crack propagation, J0.2 values were obtained from the intersection of the 

blunting line shifted to 0.2 mm crack extension with the J-R-curve. Stress intensity factor values calculated 

from J0.2 were found to be up to two times higher than KQ and Ki. From this evaluation a 10 % higher 

toughness value K0.2 for sample orientation R-E was determined (41.3 MPa.m0.5) compared to E-R (37.1 

MPa.m0.5). The initiation and fracture toughness expressed as J-integral values were found to be in the range 

of 1.1 to 7.2 kJ/m² for the initiation toughness Ji and 18.0 to 22.4 kJ/m² for J0.2. The R-curves are also plotted 

in Fig. D-6 in terms of K over the crack extension measured by potential drop (K-R-curves), although the 

validity of K after the crack initiation will be discussed in section 4.1.1. 
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Fig.  D-5: Fracture behavior of the two different orientations of ECAPed NiTi. (a) and (b) show the load-
displacement curves of the ECAPed NiTi CT samples, with orientation R-E and E-R, respectively. The intersections 
with lines of 95% initial slope are marked by PQ. In (c) and (d) the J-R-curves of the two orientations are presented. The 
initiation toughness calculated from the CTODi value is marked by Pi and Ji, the load and J-integral value at 0.2 mm crack 
extension is marked by P0.2 and J0.2. 
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Fig.  D-6: K-R-curves of the two tested orientations. The crack extension Δa was obtained from potential 

drop measurements. The range of the initiation toughness values is marked by Ki. 

The fracture surface images in Fig. D-7 reveal a clear difference between the fatigue pre-crack and the 

overload fracture. The fracture surface of the fatigue pre-crack is characterized by transgranular fracture with 

small ridge-like features. In contrast to that, ductile shallow dimples are observed for the overload fracture 

with diameters of a few micrometers. Only in few cases inclusions or precipitates can be found as initiation 

sites for dimple formation. More often single grains or the contour of several grains are visible in the center, 

as for example shown in Fig. D-7c), which suggests that nanovoids are initiated at grain boundaries. This is 

supported by simulation studies of NC and UFG microstructures, which predict the formation of voids at 

grain boundaries and triple junctions [35,36]. 

 

Fig.  D-7: SEM images of the fracture surface of an ECAPed NiTi sample. In a) the transition from the fatigue pre-
crack to the overload fracture is shown and marked by arrows. Furthermore, the stretched zone is marked in the lower 
part of the image. Transgranular fracture is visible in the pre-crack area. The region of the overload fracture exhibits 
ductile dimples, as shown in b) and c) under higher magnification. 

D.3.4 FCG experiments 

FCG curves of AR NiTi and ECAPed NiTi, tested at R=0.1 and R=0.7 are presented in Fig. D-8. For AR 

NiTi, as well as for all orientations of ECAPed NiTi a clear mean stress dependency can be observed. The 

ΔKth and ΔKth,eff values coincide for all samples tested at R=0.7. In contrast, at lower mean stresses all samples 
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show pronounced cyclic R-curve behavior for the threshold of the stress intensity factor range, which means 

that ΔKth,eff and ΔKth values differ. From the threshold values summarized in Table D-2 it can be seen that the 

ΔKth,eff values for both load ratios and all sample orientations and microstructures show negligible small 

variations between 0.8 and 1.1 MPa.m0.5. More pronounced differences can be observed for ΔKth, with the 

lowest for ECAPed NiTi with orientation R-R (1.3 MPa.m0.5) and the highest for ECAPed NiTi with 

orientation E-R (2.4 MPa.m0.5). For orientation R-E an additional sample was tested at R=0.1 and a difference 

of 27 % was found for the ΔKth values of the two specimens (1.6 and 2.2 MPa.m0.5). This reveals that the 

variation of the ΔKth values of the different orientations is comparable to the scatter of ΔKth values. 

In the Paris regime the FCG curves of all tested samples, regardless of the microstructure and their 

orientation, can be fitted with the Paris law (Equ. 4) and an exponent m close to 3. 

𝑑𝑎

𝑑𝑁
= 𝐶 ∗ ∆𝐾𝑚      (4) 

In Fig. D-8(a) dashed guidelines for a proportionality of the FCG rate da/dN to ΔK3 are fitted to data of 

AR NiTi. The same guidelines are also shown in the FCG diagrams of ECAPed samples in Fig. D-8(b-d) for 

comparison. It can be observed that at R=0.7 (filled symbols in Fig. D-8) the FCG rate of AR NiTi is higher 

than in the case of ECAPed samples. For orientations with crack growth in radial direction (R-R and E-R 

specimens) the FCG rates in the Paris regime are even reduced by a factor of 2 to 3, compared to AR NiTi. At 

low mean stresses (R=0.1, open symbols in Fig. D-8) the FCG rates during stable crack growth are 

comparable for all tested microstructures and orientations, with slightly faster FCG of ECAPed NiTi with R-

E orientation. In summary, differences between the tested samples are in general small, however, at R=0.7 

ECAPed samples exhibit slower FCG compared to the AR state. Furthermore, a common ΔKth,eff value of 

about 1 MPa.m0.5 was found for all tested specimens. The long-crack threshold values ΔKth vary even for 

different samples from the same microstructure and orientation. 
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Fig.  D-8: FCG diagrams of 50.2%Ni-49.8%Ti measured at R=0.1 and R=0.7. a) FCG curves of the as-received 
NiTi. b) – d) FCG curves of the ECAPed NiTi with different sample orientations. ΔK values, at which crack advance 
was detected but the crack was stopped, are marked by arrows pointing downwards. Arrows pointing upwards mark the 
ΔKth values. The ΔKth values of as-received NiTi at R=0.1 and R=0.7 are shown for comparison in the FCG diagrams of 
ECAPed NiTi and are marked by gray arrows underneath the ΔK-axis. The gray dashed lines are guidelines for the FCG 
data of the as-received NiTi in the Paris regime and are also shown in the diagrams of the ECAPed NiTi for comparison. 

Table  D-2: Effective threshold stress intensity factor ranges ΔKth,eff and long-crack threshold stress intensity factor 
ranges ΔKth of AR and ECAPed NiTi with different orientations, determined at load ratios of R=0.1 and R=0.7. For all 
samples tested at R=0.7 the ΔKth,eff and ΔKth values coincide. 
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Fig.  D-9: SEM images of the fatigue fracture surfaces of samples tested at R=0.1 in the threshold and lower Paris 
regime. (a) Fracture surface of AR NiTi. (b-d) Fracture surfaces of ECAPed NiTi samples with R-E, E-R and R-R 
orientation. All images were taken at the same magnification, with the scale shown in (d). The crack propagated from left 
to right. 

From the images of the fracture surfaces in Fig. D-9 it is obvious, that AR NiTi exhibits a significantly 

rougher fracture surface compared to ECAPed NiTi samples. In AR NiTi the crack propagated by 

transgranular fracture along crystallographic planes, which can be seen as ledges on the fracture surface. 

Grains can be recognized as areas, where ledges appear to be parallel, as for example marked in Fig. D-9(a). 

The fracture surfaces of the differently oriented ECAPed NiTi samples have in common that they are 

smoother and exhibit smaller topographic features than AR NiTi. Nevertheless, the fracture surfaces appear 

inhomogeneous, as there exist very flat areas, but also regions with ledges (see Fig. D-9(b-d)). In Fig. D-10 

SEM images of the fracture surfaces of the three differently oriented samples taken at higher magnifications 

are presented, which reveal that they have microscopically a similar appearance. Crack propagation occurred 

by transgranular fracture and no grain structure is visible.  



  109 

 

Fig.  D-10: SEM images of the fracture surfaces of ECAPed NiTi with R-E (a,d), E-R (b,e) and R-R(c,f) orientation. 
Small features from transgranular fracture can be observed, with no pronounced differences between the three sample 
orientations. 

In order to assess the roughness of the crack path, the side faces of the CT specimens of the ECAPed 

material were studied in the SEM, see Fig. D-11. A small crack path tortuosity is found for all orientations, 

however, also crack branching and therefore secondary cracks can be observed, which stopped after short 

crack advances. The crack path of the E-R sample in Fig. D-11(c) appears slightly smoother than for the other 

two orientations, however, due to the observed inhomogeneity of the fracture surface the representativeness 

of these crack paths is limited. Nevertheless, they give a rough impression of the overall crack path tortuosity.  
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Fig.  D-11: SEM images of the side faces of ECAPed NiTi samples with different orientations, tested at R=0.1. The 
images show the crack paths at ΔK between 1.6 and 2.1 MPa.m0.5. 

D.4 Discussion 

In the following the results of the fracture and FCG experiments on ECAPed NiTi will be discussed and 

compared to the coarse-grained material state. Special focus is devoted to the orientation dependence of these 

properties. 

D.4.1 Fracture behavior 

By combining the different test and evaluation methods as described in section 2 and 3.3 the fracture 

process in superelastic ECAPed NiTi was attempted to be comprehensively studied on the differently oriented 

samples. Characteristic values for the fracture process based on different concepts have been determined, 

however, their validity has to be scrutinized.  

D.4.1.1 Some remarks to the validity of fracture toughness measurements 

In general, the thickness (B) of the samples, as well as the width of the remaining ligament (W-a) have to 

be large enough to ensure the applicability of linear-elastic fracture mechanics and the dominance of small 

scale yielding. According to ASTM E399 [27] this is guaranteed, if the following condition is fulfilled: 

B,W-a > 2.5*(K/σ)²       (5) 

with K being the stress intensity factor and σ the stress describing the deviation from linear-elastic 

behavior. For classic ductile metals the yield strength can be taken for σ. For superelastic NiTi, however, the 

first deviation from elastic behavior occurs at the transformation stress σtr, due to the phase transformation 

from austenite to martensite. By considering σtr for the calculation of the limit of linear elastic fracture 

mechanics it can be shown that K values are valid up to only 12 MPa.m0.5 for the sample geometry given in 

section 2. As this is lower than the measured K values, the application of elastic-plastic fracture mechanics and 

the determination of a critical J-integral value appears be more appropriate. Additionally, for the 

determination of a valid KIC value, a relation Pmax/PQ smaller than 1.10 is required as well in order to guarantee 
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small scale yielding conditions. This requirement is not fulfilled by the fracture experiments of the present 

study. Nevertheless, KQ values, which represent lower limit values for the fracture toughness, are taken for the 

comparison of the toughness of differently oriented samples. Therefore, the results will be discussed in 

respect to critical stress intensity factors, as well as J-integral values. 

Furthermore, it should be taken into account that the crack tip opening displacement determined from 

post-fracture investigations of the fracture surface underestimates the fracture toughness of shape memory 

alloys. Due to the superelasticity of NiTi, even the deformation up to large strains of about 10 % is fully 

reversible. Thus, the CTOD measured on the fracture surface, which can be regarded as the CTOD in the 

unloaded state, could be significantly smaller than at maximum load. In contrast to that, in classical elastic-

plastic material the elastic relaxation is negligible small. Therefore, toughness values determined from the 

CTOD measurements in NiTi can only be regarded as conservative lower limits for the crack initiation. To 

conclude, the quantitative description of the fracture process has to be cautiously treated. 

D.4.1.2 Fracture process 

During the loading of the specimens elastic deformation of the preexisting austenite occurs, which 

corresponds to the linear part of the load-displacement curves. A deviation from linearity follows at loads 

around 500 N, which is equivalent to stress intensity factor values of about 15 MPa.m0.5 for both samples. 

This non-linearity can be caused by three different mechanisms: (i) stress induced transformation from 

austenite to martensite, (ii) plastic deformation, i.e. blunting of the crack tip and (iii) crack initiation and 

propagation. Synchrotron X-ray diffraction experiments [11] and thermographic measurements [12] revealed 

that martensite is induced in an limited area ahead of the crack tip before plastic deformation or crack growth 

was detected. Thus, a certain contribution to the first deviation from linearity would be caused by this stress 

induced superelastic martensitic transformation. The authors in [11] could not detect blunting of the crack tip 

by viewing the side faces of the specimen during the experiment and argued that the deviation from linearity is 

solely a result of the phase transformation. This, however, is not confirmed by the fracture surface 

observations of the present study, which clearly show that the fatigue pre-crack is followed by a stretched 

zone, which is commonly accepted to be a result of the blunting of the crack tip (see Fig. D-7). Furthermore, 

the analyses of stereophotogrammetric images of the fracture surfaces reveal, that a CTOD of 1 µm to 5 µm 

remains after the crack started to propagate. From these CTOD values it can be estimated that the initiation 

toughness Ki lies at least in the range of about 10 to 25 MPa.m0.5. However, at maximum load, i.e. before a 

back-deformation can occur, the CTOD is even higher and thus the Ki determined from the remaining CTOD 

in the unloaded state can only be a lower limit, as discussed in section 4.1.1. Nevertheless, the Ki values 

correlate well with the measured R-curves based on the stress intensity factor K in Fig. D-6, which show first 

crack advance for a K of 10 to 15 MPa.m0.5 and give a lower bound for the crack initiation. When the upper 

bound of Ki, calculated from the largest measured CTODi, is inserted into the R-curve, it can be seen that the 

crack has overall already extended up to 200 µm. However, the measured crack extension by potential drop is 

always an averaged quantity and therefore, an overall crack propagation can be detected, although not the 

whole crack front has advanced. The crack could grow, for example, along certain areas of the crack front; in 

other parts, however, the crack faces can still be connected and further blunted, which can finally be detected 

as crack paths with larger CTOD. The K value corresponding to the largest measured CTOD is needed for the 

crack to grow along the entire crack front. During further stable crack propagation the crack growth resistance 

increases until a plateau of about 35 MPa.m0.5 is reached. This K-based description is very useful to explain the 

onset of crack growth in a deformation regime, where small scale yielding can still be applied. In order to take 



112 

the pronounced plastic deformation into account it is required to apply elastic-plastic fracture mechanics and 

assess the toughness and crack growth resistance in terms of the J-integral. Fig. D-5(c-d) show the rising J-R-

curves of the ECAPed NiTi, i.e. the crack growth resistance is increasing during stable crack advance. In order 

to compare the R-curves, the J values at a crack advance of 0.2 mm are determined and marked as J0.2 in the 

diagrams. Converted to stress intensity factors K0.2 these values are with 37 to 41 MPa.m0.5 even higher than 

the plateau values of the K-R-curves, which is clear as the K-description can only deliver lower bound values 

due to the loss of small scale yielding conditions. 

For a comparison to other studies also KQ values, according to ASTM standard E1820 [17] and Kmax values 

calculated from the maximum load of the load-displacement curves were calculated. The KQ values lie in the 

range of 19.7 to 22.0 MPa.m0.5 and are therefore higher than the lower bound of the initiation toughness 

determined from CTOD and from the K-R-curves. Kmax values are closer to the plateau-value of the K-R-

curves with 29.3 to 32.0 MPa.m0.5. 

In order to assess the orientation dependence of the fracture behavior of ECAPed NiTi, the toughness 

values and R-curves of the two differently oriented specimens are compared. CTODi values vary in the same 

range for both orientations and the plateau values of the K-R-curve show a difference of only about 3 %. The 

R-E sample shows slightly steeper R-curves than the E-R sample and therefore also higher J0.2 and K0.2 values. 

To conclude, a weakly pronounced anisotropy of the fracture toughness is observed in ECAPed NiTi, 

especially compared to other UFG materials, which, however, were deformed to larger strains (see for 

example UFG iron [37] or nickel [32], both processed by HPT). Furthermore, the more equiaxed grain shape 

due to the ECAP deformation route BC seems to reduce the orientation dependency of the UFG NiTi. In 

contrast to that, UFG iron deformed by ECAP route A exhibited more strongly elongated grains and 

therefore also a pronounced orientation dependent fracture behavior [38]. 

Furthermore, the results were compared to studies from literature to see the effect of the ECAP 

deformation on the fracture behavior of NiTi. In [11] a mean Kmax value of 34 MPa.m0.5 was measured for 

superelastic NiTi, which is only slightly higher than the results obtained in the present study. Also the Kmax 

values of 20 to 35 MPa.m0.5 from [16] on NiTi with a few microns grain size are in good accordance, although 

one has to note that in this study the thickness of the samples was only 640 µm and the notch radius was very 

large with 100 µm, instead of a sharp pre-crack, as used in this study. K-R-curves were measured in [13,15] for 

microcrystalline down to nanocrystalline NiTi. Samples of flattened commercial NiTi tubing [13] exhibited a 

initiation toughness Ki of 10 to 16 MPa.m0.5, which is in good agreement with the measurements of the 

ECAPed NiTi. In [15] clearly higher initiation toughness values (Ki = 42 to 46 MPa.m0.5) and steeper K-R-

curves are reported for NiTi with a grain size between 80 nm and 1500 nm. However, specimens were 

prepared from a sheet with a thickness of 1 mm only and thus, with respect to the strength of the material, 

plane stress conditions were dominating, which results in higher measureable fracture toughness values. 

Furthermore, the crack length was measured optically on the side faces of the specimen. This measurement 

method is less sensitive to small crack advances than the PDT and cannot monitor crack advance in the 

interior of the sample, where plane strain conditions control the crack growth. Therefore it might be possible, 

that small crack advances occurred already before the reported Ki values.  

The conclusion of this the comprehensive comparison between the majority of studies on commercially 

available coarse-grained NiTi and the present results is that the increase in strength resulting from ECAP 

deformation has no observable detrimental effect on the fracture behavior of NiTi. 
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D.4.2 Fatigue crack growth behavior 

In the following discussion of the FCG behavior it will be distinguished between intrinsic and extrinsic 

toughening mechanisms [39]. Intrinsic mechanisms determine the resistance against material separation, which 

can be influenced by microstructural aspects, such as grain size, texture and grain boundary morphology. 

Extrinsic mechanisms act behind the crack tip and reduce the load, for example by crack closure or other 

shielding mechanisms like crack branching [39]. 

D.4.2.1 Intrinsic FCG resistance 

All experiments were started with short and open cracks from compression pre-cracking and thus it can be 

assumed that contributions from crack closure are minimized for the determination of the ΔKth,eff values, i.e. 

prior to the first crack advance [33]. The results in Table D-2 show that grain refinement and the sample 

orientation have no significant effect on the ΔKth,eff values, regardless of the mean stress. This is in good 

accordance to theory, which predicts that the effective threshold of ductile metals should only be dependent 

on the load amplitude necessary for the emission of dislocations from the crack tip and their return [40]. In 

the near-threshold regime at a ΔK of 1 MPa.m0.5 the size of the cyclic plastic zone of AR NiTi and ECAPed 

NiTi can be estimated to be 50 nm and 30 nm, respectively (estimation of Irwin for plane strain conditions 

[41]). This is substantially smaller than the mean grain size of the two microstructures and hence grain 

boundaries, which are important for the strength of the material, play a minor role, as dislocation movement 

in general takes place within the grains. Therefore ΔKth,eff values are not strongly influenced by the strength of 

the material, but by the elastic properties such as the Young’s modulus, which can be assumed to stay 

constant during grain-refinement down to the UFG state.  

FCG data from experiments at R=0.7 can be taken to assess the intrinsic FCG resistance during further 

crack propagation (filled symbols in Fig. D-8), since crack closure plays a minor at high mean stresses with 

resulting large crack tip opening displacements. It is obvious from the FCG diagrams in Fig. D-8 that 

ECAPed NiTi samples, regardless of their orientation, show lower FCG rates compared to AR NiTi (see 

dashed fit lines of AR NiTi). There is less difference for R-E samples (factor 2 to only slightly slower) than for 

R-R and E-R samples, which exhibit slower FCG by a factor of up to 3. In order to understand the effect of 

grain refinement on the FCG rate, the microscopic fracture mechanisms have to be investigated. From the 

fracture surface analysis it can be clearly seen, that grain refinement does no change the fracture mode and 

transgranular fracture is observed for the AR NiTi, as well as for the ECAPed NiTi. As both material states 

exhibit pronounced ductility, cycle by cycle FCG through a blunting and re-sharpening process can be 

expected, which is typical for ductile metals [42–44]. With that assumption the relation for the FCG rate 

da/dN, the cyclic crack tip opening displacement ΔCTOD, the stress intensity factor range ΔK, σy the yield 

strength and E the Young’s modulus can be expressed as follows: 

𝑑𝑎

𝑑𝑁
∝ ∆𝐶𝑇𝑂𝐷 ∝  

𝛥𝐾2

2𝜎𝑦𝐸
     (6) 

When the fracture mechanism and the Young’s modulus are not changed by the grain refinement, the 

FCG rate is proportional to 1/σy (see Equ. 6). The FCG rate for the ECAPed NiTi can be estimated from the 

ratios of the yield strengths by the following relation: 
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Equ. 7 predicts 60% lower FCG rates in the Paris regime for the ECAPed NiTi compared to the AR NiTi, 

represented by the dotted lines in the FCG diagrams of ECAPed NiTi in Fig. D-8(b-d). This estimation seems 

appropriate for ECAPed NiTi samples with orientations E-R and R-R. For the orientation R-E, however, the 

FCG rates are higher than expected. It seems, that in R-E samples the crack can more easily follow the 

elongated grain structures, which therefore might reduce the intrinsic FCG resistance. Nevertheless, the 

tendency for a lower FCG of ECAPed NiTi compared to AR NiTi seems to be explicable by its higher 

strength and the reduced ΔCTOD in the blunting and re-sharpening process (see Equ. 6 and 7). 

D.4.2.2 Extrinsic toughening mechanisms 

The difference between the ΔKth values, as well as the variation of the FCG rates in the Paris regime at 

R=0.1 and R=0.7 gives information about the contribution of crack closure and shielding mechanisms. In 

FCG tests at low mean stress (e.g. R=0.1) the crack tip opening displacement is small and often less or in the 

range of the size of asperities of the fracture surface, oxide debris or the plastic wedge, which builds up at the 

crack tip in ductile metals. These crack closure mechanisms, which are called roughness induced crack closure 

(RICC), oxide induced crack closure (OICC) and plasticity induced crack closure (PICC), respectively, are 

responsible for pre-mature contact of the crack faces upon unloading and reduce the load amplitude at the 

crack tip. Therefore, due to active crack closure a higher ΔK has to be applied globally in order to achieve the 

same loading conditions as without closure or in experiments at higher mean stresses. Thus, higher ΔKth 

values are measured at R=0.1 than at R=0.7 and the difference can be ascribed to crack closure mechanisms. 

The same is true for the FCG rate in the Paris regime, where at the same ΔK slower crack propagation is 

observed for lower mean stress or lower R-ratios. 

As can be seen in Fig. D-8 and Table D-2, at R=0.1 the ΔKth of ECAPed NiTi samples was found to be 

close to the ΔKth of AR NiTi, with 0.3 MPa.m0.5 lower and 0.8 MPa.m0.5 higher threshold values at a 

maximum, depending on the sample orientation. The FCG rates in the Paris regime are slightly higher for R-E 

and R-R oriented ECAPed NiTi samples or quite similar for E-R specimens, compared to the AR NiTi. This 

indicates that the reduction in grain size does not strongly influence the contribution of crack closure. From 

the fracture surface images in Fig. D-9 one could expect that the contribution of RICC is severely reduced for 

ECAPed NiTi, as the fracture surfaces are smoother and asperities are smaller than in AR NiTi. However, the 

crack tip opening displacement is still smaller or in the range of the asperities and hence RICC seems to have 

a similar contribution as in AR NiTi. PICC is expected to be the same for un-deformed and ECAP-deformed 

NiTi, as long as no grain growth and cyclic softening occurs ahead of the crack tip [31,45], which was indeed 

not observed. Also the contribution of shielding mechanisms, such as transformation toughening from phase 

transitions or geometric shielding from crack deflection or crack branching, cannot be significantly reduced, as 

the FCG curves of ECAPed NiTi are quite similar to those of AR NiTi. 

D.4.2.3 Inhomogeneity and orientation dependence 

Microstructure analyses of the ECAPed NiTi reveal that in general grains are smaller than 1 µm, however 

also areas with larger grains exist (see Fig. D-3). To investigate the impact of this microstructural variation on 

the FCG behavior, two R-E samples of ECAPed NiTi were tested with the same parameters. The results 

show a significant scatter in the FCG data, especially for the long crack threshold values ΔKth and the FCG 

rates in the near-threshold regime, which are more strongly influenced by the microstructure (see Table D-2 

and Fig. D-8(b)). Two R-E samples showed differences in their ΔKth values of about 0.6 MPa.m0.5 or about 
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25%. This magnitude of scatter is in the range of the variations of the FCG data of the differently oriented 

samples. Therefore, no significant anisotropic FCG behavior is noticable for the ECAPed NiTi. 

D.4.2.4 Comparison to coarse-grained NiTi 

In Fig. D-12 the FCG data of the as-received 50.2 Ni – 49.8 Ti (at. %) of the present study is shown 

together with data from literature for 50.0 Ni – 50.0 Ti (at. %) [20]. FCG experiments on 50.0 Ni – 50.0 Ti 

were performed at different temperatures, in order to test the material in its superelastic and its martensitic 

state. Although the composition varies slightly, the FCG data of the present AR NiTi is in good accordance 

with the data for superelastic NiTi from literature and clearly different from the data of the martensitic NiTi. 

This reveals that small variations of the composition do not strongly affect the FCG behavior of NiTi, as long 

as the same phase is present at the testing temperature.  

 

Fig.  D-12: Comparison of FCG data of 50.2 Ni - 49.8 Ti (at. %) measured in the present study (triangles) with data 
for 50.0 Ni – 50.0 Ti (at. %) from [20], tested in its superelastic and martensitic state (squares and stars, marked by *). 

D.4.3 Comparison to other UFG and NC materials 

ECAP processing of the present nickel-titanium alloy leads to an increase in hardness and strength of 

about 25%, without significantly deteriorating the damage tolerance of the material. This is in contrast to 

findings of previous studies on severely plastically deformed UFG nickel and ARMCO iron, where a weak 

crack path with reduced FCG resistance was reported. However, it has to be noted that the introduced strain 

is significantly lower for the NiTi (8 passes of ECAP, von Mises strain εvM of about 6.5), compared to the 

HPT deformed Ni and Fe (15 revolutions HPT, von Mises strain εvM of 10 to 70). Therefore, less grain 

refinement is observed for NiTi, which seemingly preserves transgranular fracture. In contrast to that, the 

small grain size in UFG Ni and Fe promotes intergranular fracture, which seems to reduce the FCG 

resistance. Furthermore, the grains of the ECAPed NiTi are less elongated than in the cases of UFG Ni and 

Fe, which is likely due to the absence of orientation dependent behavior in ECAPed NiTi. 

D.5 Conclusions 

ECAP deformation at elevated temperatures of NiTi is a beneficial treatment to increase the strength of 

NiTi without significantly deteriorating its fracture and FCG behavior. Comprehensive fracture experiments 
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reveal that crack initiation starts at a J-integral value of about 1.1 kJ/m and a stress intensity factor of about 10 

MPa.m0.5. However, crack growth resistance increases during stable crack propagation, i.e. ECAPed NiTi 

exhibits a rising R-curve. A plateau of 35 MPa.m0.5 was found for the K-R-curve, which is comparable to data 

for coarser-grained NiTi from literature. Applying the concept of elastic-plastic fracture mechanics, a J-integral 

value of about 20 kJ/m² was determined for a crack extension of 0.2 mm, which corresponds to a K0.2 of 

about 40 MPa.m0.5. FCG experiments show that ECAP deformation of NiTi can be beneficial for the FCG 

behavior, as it results in a higher intrinsic crack growth resistance under cyclic loading due to the increase in 

strength and the consequential reduction of the cyclic crack tip opening displacements. This results in slower 

crack propagation in the Paris regime for tests at high mean stresses for ECAPed NiTi, compared to the AR 

material. However, crack closure contributions seem to be somewhat reduced by the grain refinement and 

thus a tendency to faster crack advance was observed for FCG in ECAPed NiTi at low mean stresses. 

Effective threshold values ΔKth,eff are not influenced by the ECAP process and show only little variation, 

regardless of the grain size of the microstructure and the sample orientation. The long crack threshold values 

ΔKth of ECAPed NiTi show larger scatter, which seems to be an effect of the inhomogeneous microstructure. 

In total, ΔKth values of ECAPed NiTi are close to the threshold value of AR NiTi or even higher and no clear 

orientation dependence of the fracture and FCG behavior was observable for ECAPed NiTi. 

Further grain refinement and stronger elongation of the grains is expected to further improve the strength. 

However, care has to be taken as the damage tolerance of NiTi could get deteriorated, as more severely 

deformed UFG and NC materials are prone to intergranular fracture and to a strong reduction of the FCG 

resistance and the contribution of crack closure mechanisms. 
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