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An equiatomic, single-phase TiZrNbHfTa high-entropy alloy was subjected to high-pressure torsion,
leading to a grain size below 100 nm. Introducing a nanocrystalline microstructure to the material should
help to accelerate a possible phase decomposition of the material by having a high amount of fast
diffusion pathways and possible nucleation sites in the form of grain boundaries. In order to test the
materials thermodynamic stability the nanocrystalline high-entropy alloy. was subjected to various heat
treatments for temperatures between 300 �C and 1100 �C. Isochronal heat treatments (1 h) resulted in a
hardness increase from 420 HV1 for the as-processed state to 530 HV1 for an annealing temperature of
500 �C, while for temperatures of 700 �C and higher a softening compared to the as-processed state
occurred. In order to clarify this unexpected annealing response, analysis of selected microstructural
states was performed utilizing electron microscopy, x-ray diffraction as well as mechanical testing to gain
further information on microstructure-property relationships. Complementary, thermodynamic simu-
lations were performed via the Calphad approach and compared to the experimental results. A phase
decomposition of the originally equimolar single-phase high-entropy alloy into a NbTa-rich body-
centered cubic phase and ZrHf-rich phases, which occurred in two different crystal structures depending
on the annealing temperature, was the main reason for the property changes. The obtained results not
only give valuable new insights into the phase stability of the TiZrNbHfTa alloy, but also demonstrate the
impact of the newly forming phases in regards to mechanical properties and its implication for a possible
practical application of this alloy.

© 2017 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under the CC BY
license (http://creativecommons.org/licenses/by/4.0/).
1. Introduction

High-entropy alloys (HEAs) are multi-principal element alloys,
most commonly defined as having at least five different alloying
elements varying in chemical composition from 5 at% to 35 at%
[1,2]. Recently, multi-principal element alloys that do not strictly
satisfy the single-phase definition are also regarded as composi-
tionally complex alloys (CCAs) [3].

Among the large number of HEAs proposed in the last years,
some show outstanding mechanical properties, such as the face-
c.at (B. Schuh).

lsevier Ltd. This is an open access
centered-cubic (fcc), equiatomic CrMnFeCoNi alloy [4e6]. Despite
having a high tensile strength, it still remains highly ductile even at
very low testing temperatures. Additionally, it also has an excep-
tionally high fracture toughness, making it a potential candidate for
low temperature applications in future [6].

Among body-centered-cubic (bcc) HEAs, potential applications
are found in the high temperature regime [7e10]. Frequently pro-
posed reasons for this are two of the so called “core-effects” of
HEAs. Firstly, there is a severe lattice distortion [11,12], which
should lead to an inherently high strength due to strong solid so-
lution hardening, especially in bcc HEAs [13]. The second reason is
the sluggish diffusion effect, caused by the fluctuations in the po-
tential energy of sites due to changing bonding configurations with
different neighboring elements, giving rise to some especially deep
article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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diffusion traps [12,14e16]. It should be noted however, that both of
these “core-effects” are still controversially discussed in the liter-
ature. For instance, recent neutron scattering experiments showed
that the crystal lattice is not abnormally distorted in the CrMnFe-
CoNi alloy [17] and the sluggish diffusion effect is, so far, mostly
based on indirect observations, such as slow grain growth [3,16]. A
prominent example for a single-phase bcc HEA after casting and
homogenization at high temperatures is the quinary TiZrNbHfTa
system composed of 20 at% of each element, which has been well
characterized in regards to mechanical properties and underlying
deformation mechanisms for coarse-grained microstructures
[18e23]. Its compression ductility exceeds 50% [18], placing it
among the most ductile bcc HEAs, which often show poor cold
deformability [7,9,24]. The alloy's high yield strength and strain
hardening in compression tests is also retained up to temperatures
of 600 �C. For much higher temperatures (�1000 �C) the onset of
dynamic recrystallization and consequently a drop-off in the yield
strength and steady-state flow have been reported [19]. However, it
was also recently demonstrated by Senkov et al. that the single-
phase structure is likely only the equilibrium condition at tem-
peratures higher than 800 �C and that for lower temperatures the
single-phase structure might only be retained due to slow diffusion
kinetics [25]. Similar results were also obtained for the CrMnFeCoNi
alloy, which was believed to be a thermodynamically stable single-
phase high-entropy alloy as well [26e29]. In general, no in-
vestigations into the ultra-fine grained or nanocrystalline (nc) grain
size regime and its impact on the mechanical performance of the
TiZrNbHfTa alloy have been conducted so far, to the best of the
author's knowledge.

A pragmatic way to determine the formation of additional
phases in HEAs, especially at lower annealing temperatures
without requiring extensive annealing times, is to introduce fast
diffusion pathways in the form of grain boundaries [26,30]. Another
advantage of having a very fine-grained microstructure is that it
reduces the need for site-specific investigations, since even a small
sample volume is representative for the overall microstructure.
Therefore investigations of possible phase decompositions have
also transitioned to the nc grain size regime. For instance, for the
CrMnFeCoNi alloy a phase decomposition of the single-phase fcc
material into a multi-phase microstructure occurs much faster for
nc structures compared to coarse-grained ones [26e29]. A potent
way to achieve nc microstructures is high-pressure torsion (HPT),
which allows deformation even for relatively brittle materials at
room temperature [31].

Consequently, in this study an equiatomic TiZrNbHfTa alloy was
processed by HPT to induce a nc microstructure. These samples
thenwere subjected to various heat treatments in order to evaluate
the thermodynamic stability of this alloy. The resulting micro-
structures were investigated by electron microscopy as well as by
synchrotron X-ray diffraction (XRD) and complementary mechan-
ical testing via microhardness and tensile testing was performed.
Additionally, thermodynamic simulations were conducted using
the Calphad (CALculation of PHAse Diagrams) approach and
compared to experimental data. The obtained results give a
comprehensive overview of the microstructural stability of the
TiZrNbHfTa alloy and the impact of possible phase decompositions
on the mechanical properties of the material in the nanocrystalline
grain size regime.

2. Experimental

The studied alloy was prepared as described elsewhere [32].
Twomother alloys (TiZrHf and NbTa) were first melted twice by arc
melting under Ar atmosphere. The final composition was obtained
by mixing the two mother alloys first by arc melting, then by
induction melting under He atmosphere in a Cu cold crucible to
insure chemical homogeneity. Shaping of the ingot as a 8 mm
diameter, 60 mm long rod was obtained through a last step by arc
melting. The thickness was then reduced down to 0.8 mm by cold
rolling. The final grain size was controlled by a heat treatment at
1100 �C for 5 h under He atmosphere. The material in this state will
be referred to as “as-received” in the text.

Subsequently disks with 8 mm in diameter and a thickness of
0.8 mm were machined from the as-received material and
deformed by quasi-constrained HPT for up to 5 rotations. Process-
ing was performed at room temperature with a pressure of 7.8 GPa
and a rotational speed of 0.2 rotations/minute. Detailed informa-
tion on this processing technique can be found in Ref. [33]. For HPT
processing the ideal shear strain g can be calculated using Equation
(1), where r is the sample radius, t the sample thickness and n the
number of rotations [33].

g ¼ 2prn
t

ð � Þ (1)

For a shear strain of about 40, which is equivalent to a radial
position of ~1 mm after 5 rotations, the material reaches a micro-
structural equilibrium. At this stage microstructure features such as
grain size and percentage of high-angle grain boundaries no longer
change even if the strain is increased further. Samples that have
reached this equilibrium or “steady-state” condition are then sub-
jected to isochronal (t ¼ 1 h) heat treatments for temperatures
between 300 �C and 1100 �C or isothermal (T ¼ 500 �C) heat
treatments for annealing times ranging from 5 min to 100 h.

For hardness testing the samples were ground mechanically
with SiC paper and then mechano-chemically polished (OPS).
Hardness testing was performed with a microhardness tester
Micromet 5104 from Buehler, at a load of 1000 gf with 15 s of dwell
time. For investigations via scanning electron microscopy (SEM)
samples were additionally polished with an OPS solution from
Struers for 4 h utilizing a Bühler VibroMet 2. Samples for trans-
mission electron microscopy (TEM) were taken from edge regions
of the HPT disks in axial viewing direction (onto the top of the disk),
then first ground down to 100 mm, subsequently mechanically
dimpled to about 10 mm and finalized using Ar ion-milling. In-
vestigations of the microstructure were performed both by SEM
(Zeiss 1525) and TEM (Philips CM12/JEOL 2100 F). The Philips CM12
was mainly utilized for bright-field imaging and for obtaining
electron diffraction patterns. An image-side Cs-corrected JEOL
2100 F was further used for scanning-TEM (STEM) imaging as well
as energy-dispersive X-ray (EDX) measurements. To gain additional
microstructural information synchrotron XRD measurements were
done. The measurements were performed using a beam energy of
87.1 keV at the beamline P07/HEMS of the PETRA III synchrotron
within the DESY Photon Science facility. Detector geometry cali-
bration was performed using LaB6 as a reference material. For data
analysis two software packages were used, FIT2D [34] and Match!
[35] as well as several crystallography databases, including the
Crystallography Open Database, PDF-2 and the Inorganic Crystal
Structure Database.

Tensile samples were prepared by a newly developed grinding
tool to manufacture miniaturized, circular tensile samples [36]. The
preform of the tensile samples were HPT disks cut in half, therefore
the dimensions are: a length of 8 mm, a maximumwidth of 4 mm
and 0.8 mm in thickness. The center of the tensile specimen's gauge
length was situated at a radius of 2 mm of the former HPT disk.
Tensile samples had a cross sectional diameter of approximately
500 mm and a gauge length of 2.5 mm and at least 4 samples were
tested per investigated microstructural state. Tensile tests were
performed at room temperature in a tensile testing machine from
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Kammrath and Weiss using a 2 kN load cell and a crosshead speed
of 2.5 mm/s. During testing a commercial single-lens camera was
used to record up to 3.1 frames/s. All data then was evaluated by
using automated digital image correlation utilizing the MatLab [37]
software package. All further details on specimen production,
tensile testing and data evaluation can be found in Ref. [36].

CALPHAD modeling was used to describe the temperature-
dependent evolution of the phases (mole/mass fraction, composi-
tions) for the TiZrNbHfTa system. The approach considers the
calculation of thermodynamic properties and also phase diagrams
by extrapolation of binary systems descriptions. Simulations were
performed with the TCHEA1 database, which was introduced by
Thermo-calc [38] and especially developed for high-entropy alloys.
TCHEA1 has been recently used for CoCrFeMnNi, MnFeNiCuPt and
MnFeNiCuCo multi-component systems [39,40].

3. Results

3.1. Characterization of the as-received material and processing

The as-received material was first studied by means of electron
back-scatter diffraction (EBSD) and EDX measurements. Fig. 1a)
shows that the as-received state has a homogenous, coarse-grained
microstructure with an average grain size of ~100 mm. The equia-
tomic character of the alloy was verified by averaging 100 indi-
vidual EDX measurements performed in a line scan, see inset in
Fig. 1a). According to literature, the TiZrNbHfTa alloy in this
microstructural state should be a single-phase bcc alloy, which was
verified by XRDmeasurements (not displayed in the present paper)
and all performed EBSD scans only indicated the presence of a bcc
phase. The lattice constant of the TiZrNbHfTa alloy was determined
to be 341.9 pm, which is in good agreement with published data
[18,32].

The evolution of the microstructure and hardness as a function
of the shear strain g during HPT processing is presented in
Fig. 1bee). Hardness values were obtained by averaging four
Fig. 1. a) Microstructure of the coarse-grained, as-received state. In the inset the average
hardness as a function of shear strain during HPT processing. For g larger than 40 a satur
relatively low shear strains. c) At g close to 1 the typical formation of dislocation substructur
and e) show an increase in the number of deformation bands with an increase in shear str
indents at an equivalent radial position, the standard deviation is
indicated by the error bars (Fig.1b). The coarse-grained, as-received
material has a hardness of 309 ± 6 HV1. The hardness increases
with increasing strain up to about 419.4 ± 2.5 HV1 for g ~ 40, for
higher shear strains a plateau is reached.

Fig. 1c) e e) depict back-scatter electron (BSE) micrographs
illustrating the microstructural changes during shear deformation.
Fig. 1 c) shows a near center region of a sample after¼ of a rotation.
At such low applied shear strains (g ~ 1) the formation of disloca-
tion substructures, as often observed during HPT processing, can be
evidenced [33]. Additionally, the deformation starts to localize into
bands, in which the microstructure is significantly more refined
than in the surrounding material. This strong localization in grain
refinement is also the cause for the relative large standard devia-
tion regarding the materials hardness at low applied shear strains.
With increasing shear strain g, the number of deformation bands
increases as well (Fig. 1d) and e)). For very high shear strains of
g > 40 a steady state microstructure is reached, due to an equilib-
rium in the generation and annihilation of defects caused by the
ongoing deformation and dynamic recovery processes. This
microstructural state is homogenous with nanocrystalline, equi-
axed grains. This saturation in grain refinement is also reflected in
the hardness reaching a plateau at this point, see Fig. 1b).

3.2. Characterization of the HPT processed material

The severely deformed material (g > 40), which has reached the
steady-state regime was subsequently characterized by TEM and
STEM imaging in more detail. Fig. 2a) depicts a nc microstructure
with rather blurry boundaries, which is characteristic for many HPT
processed materials and typically attributed to the formation of
non-equilibrium grain boundaries during processing [41]. Since
boundaries are often difficult to discern for this microstructural
state, the grain size estimation in the processed material bears
difficulties, but based on a large number of dark-field images the
average grain size of the TiZrNbHfTa material in the steady-state
chemical composition determined by an EDX line scan can be seen. b) Evolution of
ation in hardness is achieved. c)-e) BSE images of the microstructure development at
es as well as the onset of a localization of deformation (see arrows) can be observed. d)
ain.



Fig. 2. a) STEM image of the steady-state microstructure of the TiZrNbHfTa alloy after
being subjected to shear strains larger than 40. The inset is a corresponding electron
diffraction pattern, showing that the material retains its single-phase bcc character
during HPT deformation. b) This was also confirmed via synchrotron XRD
measurements.

Fig. 3. a) Isochronal annealing treatments performed for 1 h lead to an increase in
hardness up to annealing temperatures of 600 �C. b) Isothermal heat treatments at
500 �C reveal that a significant portion of the hardening occurs within very short times
spans of just 5 min.
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regime can be estimated to be close to 50 nm. In the inset of Fig. 2a)
a corresponding electron diffraction pattern can be seen. Since all
Debye Scherrer rings can be attributed to one bcc phase with a
lattice constant of 340.2 pm, the TiZrNbHfTa alloy apparently re-
tains its single phase character during HPT processing. This could
also be confirmed by complimentary measurements via XRD for
which a lattice constant of 341.1 pm was determined, see Fig. 2b).
3.3. Annealing response of the HPT processed TiZrNbHfTa alloy

The TiZrNbHfTa alloy in the steady-state condition after HPT
processing was subsequently isochronally annealed for 1 h at
temperatures between 300 �C and 1100 �C, Fig. 3a). Even for very
low annealing temperatures of only 300 �C the hardness of the
material increases markedly by about 60 HV1 and continues to
increase further with higher annealing temperatures up to 500 �C,
for which a maximum hardness increase of more than 110 HV1 is
reached. At higher heat treatment temperatures (T > 500 �C) the
hardness decreases quickly.

In order to get better insights into the kinetics of this hardening
process additionally isothermal anneals at the peak hardness
temperature of 500 �C were performed. The majority of the hard-
ening occurs within very short time spans, as can be seen in Fig. 3
b). After 5 min of annealing the hardness increases by approxi-
mately 80 HV1 to 499 ± 6 HV1. For isothermal annealing the
maximum hardness is again reached for 1 h of heat treatment,
longer annealing times lead to moderate decreases in the materials
hardness.

In order to gain additional information on the microstructural
response to the heat treatment, three annealed samples, namely
500 �C for 1 h and for 100 h as well as 800 �C for 1 h, were
complementarily investigated by TEM.

Fig. 4 a) and b) show themicrostructure after a heat treatment at
500 �C for 1 h. During annealing the non-equilibrium grain
boundaries of the HPT processed state rearrange to a more
equilibrium-like state. Microstructural features seem therefore a lot
clearer compared to the as-deformed state. Complementary



Fig. 4. a) Bright field image of a specimen annealed at 500 �C for 1 h and b) a HAADF image of the same position, showing a two-phase microstructure. c) and d) for longer
annealing times of 100 h grain coarsening occurs, but no additional phases compared to the 1 h state can be detected. e) and f) after an annealing treatment at 800 �C for 1 h the
microstructure is still ultra-fine grained and shows a phase decomposition of the bcc high entropy phase. The insets in a), c) and e) show corresponding electron diffraction patterns.
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imaging via high-angle annular dark field (HAADF) was performed
along with additional EDX measurements, see Fig. 5 a) and b). The
lighter and darker grains visible in Fig. 4 a) and b), could be
correlated to a Nb-Ta (bcc, according to the electron diffraction
pattern inset) and Zr-Hf (hcp) enriched phases, respectively.

Prolonged annealing at 500 �C for 100 h leads to further grain
growth (Fig. 4 c) and d)), but no additional phases form. However,
with longer annealing times the chemical compositions of the
present phases changes markedly compared to the 500 �C, 1 h
specimen, see Fig. 5 a) and c). After the isochronal annealing
treatment at 800 �C (Fig. 4 e) and f)) the sample still has a grain size
in the sub-micron regime. Looking at the electron diffraction
pattern (inset of Fig. 4 e)) and EDXmeasurements (Fig. 5 e), it can be
seen, that a second Zr-Hf rich phase with a bcc crystal structure and
a lattice constant of approximately 356 pm is occurring at higher
temperatures instead of the Zr-Hf rich hcp phase. The Nb-Ta rich
phase retains its bcc character, with a lattice constant of about 342
pm.

Samples that were annealed at higher temperatures were sub-
sequently investigated via BSE imaging in the SEM. For heat
treatment temperatures of 900 �C the microstructure is partially
recrystallized, with some grains significantly growing in size, while
other grains are pinned by fine grain boundary precipitates (Fig. 6
a)). Annealing at even higher temperatures leads to a single-
phase microstructure, while further grain growth occurs, see
Fig. 6 b) and c). Grain sizes for samples annealed at 1000 �C for 1 h
and 1100 �C for 1 h are close to 25 mm and 50 mm as determined by
EBSD scans (area-weighted, not shown in the present manuscript).

Samples annealed for 1 h in a temperature range from 300 �C to
1100 �C additionally were investigated by means of synchrotron
XRD-measurements in order to obtain microstructural information
on a much larger sample volume compared to a TEM specimen. In
Fig. 7 a) a large range of 2Q angles featuring many peaks is dis-
played, while Fig. 7 b) focuses on the immediate region around the
(110) peak of the original bcc high-entropy phase in order to better
highlight the occurring changes. For the 300 �C sample no distinct
changes compared to the asedeformed sample can be detected, all
peaks still correspond to a single-phase bcc material. However, the
500 �C annealed specimens clearly show a decomposition of the
bcchigh-entropy phase into two different phases, where one still
has a bcc crystal structure with a slightly diminished lattice con-
stant of about 335.4 pm. The second phase on the other hand has a
hcp structure with the lattice parameters of a ¼ 318.7 pm and
c ¼ 506.7 pm, close to the lattice constants of pure Hf.

Additional measurements were performed for a sample
annealed at 500 �C for 100 h, which show that for longer annealing
times the hcp-related peaks start to become more pronounced.
Compared to the specimen annealed at 500 �C for 1 h, the peak
positions shift slightly, indicating a change in the lattice parameters
occurring for longer annealing times. Since with longer annealing
times the defect density in the material is reduced, the peak
broadening is reduced as well. This is in good agreement with the
prior TEM investigations, where a Nb-Ta rich bcc and a Zr-Hf rich
hcp phase were observed for these annealing states.

The specimen annealed at 800 �C for 1 h is likely containing
three different phases. The disordered bcc phase is still present,
however a change in peak positions is occurring (the lattice con-
stant now is 334.5 pm). Besides this bcc phase, two more phases
occur, another disordered bcc phase as well as small amounts of a
hcp phase e The diffraction peaks of these 2 phases are partially
overlapping. However, no hcp phase could be found for the 800 �C,
1 h annealing state utilizing TEM, see Fig. 4 e) and f), likely due to



Fig. 5. EDX line-scan data (a), c) and e)) of the annealed specimens, show the changes in the chemical composition occurring during the phase decomposition, while the HAADF
images show the location, where the scans were performed (b), d) and f)). a) Sample annealed at 500 �C for 1 h. The hcp phase (darker regions in the HAADF image b)) is clearly
enriched in Zr and Hf, while differences in chemistry in the bcc phase (Nb-Ta) are not that pronounced yet. c) For longer annealing times (t ¼ 100 h) at 500 �C the changes get more
pronounced and the bcc phase (lighter regions) is much richer in Nb and Ta. e) At 800 �C for 1 h phases enriched in Nb-Ta and Zr-Hf occur as well.
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this phase occurring at a low volume fraction at this point.
A summary of these findings can be found in Table 1.
3.4. Thermo-calc simulation

Results from the Calphad modeling are given in Fig. 8. From the
obtained simulations, the equimolar TiZrNbHfTa alloy seems to be
thermodynamically stable as a single-phase disordered bcc alloy
denoted BCC_B2#2 (Fig. 8 a) and b)) for temperatures of about
1020 �C up to its solidus temperature. Below 1020 �C the single-
phase state is no longer thermodynamically favourable and de-
composes into a multi-phase structure. Two bcc phases co-exist



Fig. 6. BSE images of samples annealed for 1 h at a) 900 �C, b) 1000 �C and c) 1100 �C. Samples at 900 �C show an inhomogeneous microstructure, where some grains have grown,
while others still remain fine-grained with second-phase precipitation occurring at the grain boundaries. Samples at higher temperatures, see b) and c), have recrystallized and the
only phase occurring is the original bcc high-entropy phase.

Fig. 7. a) Synchrotron XRD data of the HPT deformed and subsequently annealed
material. For 500 �C a phase decomposition of the single-phase HEA into a bcc and hcp
phase can be detected. At 800 �C two bcc and one hcp phase are present. b) Detailed
view of a) over a reduced 2Q range. The additional information on the chemistry was
obtained by TEM investigations.
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between 800 and 1020 �C (BCC_B2#1 and BCC_B2#2). With
decreasing temperature in this two-phase region, the original
equimolar BCC_B2#2 phase is significantly enriched in Hf and Zr
and to a smaller amount in Ti whereas the new BCC_B2#1 is pre-
dicted to contain predominantly Ta and Nb (Fig. 8 c) and d)).

For temperatures between 800 �C and 700 �C the equilibrium
condition is calculated to be a 3-phase state, where in addition to
the two phases mentioned above a hcp (HCP_A3#1) phase is pre-
sent, which is also relatively rich in Zr and Hf (Fig. 8 e)). Below
700 �C the original high-entropy BCC_B2#2 phase is no longer
thermodynamically stable and the microstructure consists of
BCC_B2#1 and HCP_A3#1. For low temperatures the B2#1 phase
gets progressively richer in Ta and Nb until it consists of 50 at%
each. The HCP_A3#1 phase remains fairly constant in Hf and Zr
content at around 35 at%, with some small fluctuations, while the Ti
content increases continually for temperatures below 800 �C.
Overall, these calculations reflect the experimental findings very
well. A comparison of the phase composition between simulation
and experiment can be found in Table 2.
3.5. Impact on mechanical properties

In order to determine the influence of HPT processing and
subsequent annealing treatments on the mechanical properties of
the TiZrNbHfTa alloy, tensile tests were performed (Fig. 9 a). The as-
received state has a relatively low tensile strength of about 830MPa
with a moderate ductility, and a total elongation to failure of about
9%. The corresponding fracture surface can be seen in Fig. 9 b).

Grain refinement via HPT processing leads to a significant in-
crease in the materials strength, the tensile strength of the HPT
samples is around 1900 MPa. More surprisingly, despite the large
increase in strength, the specimens remain fairly ductile with a
total elongation to failure of 7.9%.

Annealing treatments and the ensuing phase decomposition
heavily impact the mechanical properties as well. Upon annealing
the material at 500 �C for 1 h shows a strong decrease in ductility
and tensile samples, while still having high strength (~1500 MPa),
fail without much prior plastic deformation. At higher annealing
temperatures of 800 �C some of the ductility is restored but at the
cost of a significant loss in strength, with the tensile strength being
decreased to roughly 795 MPa.

All mechanical properties are summarized in Table 3, where the
reduction in the cross-sectional area of the tensile specimen during
testing was added as an additional measure of ductility.

These changes are also reflected in the fracture surfaceseWhile
the HPT processed sample shows a dimple fracture, which is



Table 1
Phases occurring in different microstructural states as determined via TEM and XRD investigations. For the 900 �C, 1 h annealing state no complimentary TEM analysis was
made.

Microstructural State Occurring Phases

SPD High-entropy bcc phase, a ¼ 341.1 pm
300 �C, 1 h High-entropy bcc phase, a ¼ 340.1 pm
500 �C, 1 h NbTa rich bcc, a ¼ 335.5 pm ZrHf rich hcp, a ¼ 319.8 pm, c ¼ 506.7 pm
500 �C, 100 h NbTa rich bcc, a ¼ 335.4 pm ZrHf rich hcp, a ¼ 318.7 pm, c ¼ 506.7 pm
800 �C, 1 h NbTa rich bcc, a ¼ 334.5 pm ZrHf rich bcc, a ¼ 344.9 pm ZrHf rich hcp, a ¼ 322.8 pm, c ¼ 511.5 pm
900 �C, 1 h bcc, a ¼ 333.9 pm bcc, a ¼ 341.6 pm
1100 �C, 1 h High-entropy bcc phase, a ¼ 340.1 pm

Fig. 8. Calphad simulations of the TiZrNbHfTa alloy with the TCHEA1 database: a) evolutionwith temperature of the mole fraction of the stable phases; b) zoom of the 200e1200 �C
range of a); Evolution of the composition for the different phases (left axis) for BCC_B2#2 (c), BCC_B2#1 (d) and HCP_A3#1 (e). The mole fraction is given on the right axis. All the
solid phases (BCC_B2#1, B2#2, HCP_A3#1, A3#2) are disordered.

Table 2
Mole fraction and composition of the system at 500 �C and 800 �C taken from Calphad simulations (TCHEA1 base). The values in the brackets are experimental data, obtained
via EDX line scans, for comparison (data from 500 �C, 100 h and 800 �C, 1 h annealed specimens). Bold numbers indicate the major elements forming the phase.

T ¼ 500 �C T ¼ 800 �C

BCC_B2#1 HCP_A3#1 BCC_B2#1 BCC_B2#2 HCP_A3#1

Mole Fraction (%) 43.27 56.73 35.75 62.18 2.07
Mass Fraction (%) 47.84 52.16 39.13 58.70 2.16
Composition of the phase Hf 0.60 (10.74) 34.80 (37.7) 4.98 (14.94) 27.79 (26.4) 45.37 (-)

Nb 45.69 (29.23) 0.41 (5.39) 38.30 (24.14) 10.11 (15.59) 1.11 (-)
Ta 45.94 (32.22) 0.22 (5.07) 41.98 (36.11) 8.00 (13.38) 0.79 (-)
Ti 6.80 (20.89) 30.07 (14.26) 10.19 (16.06) 25.69 (20.00) 18.40 (-)
Zr 0.97 (6.92) 34.52 (37.91) 4.54 (8.74) 28.41 (24.40) 34.34 (-)

at. % at. %
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Fig. 9. a) Tensile stress-strain curves of the TiZrNbHfTa alloy in different microstructural states. b)-e) secondary electron images of fractured tensile samples. b) shows the ductile
fractures surfaces of the as-received material. c), after HPT processing the specimens still shows a dimple fracture. After annealing the samples at 500 �C the fracture mode changes
to an intercrystalline fracture, d). e) increasing the annealing temperatures further leads to a recovery of ductility.

Table 3
Summary of mechanical properties obtained during tensile testing.

Microstructural State Tensile strength (MPa) Total elongation to failure (%) Reduction of area (%)

as-received 830 9.2 69
HPT 1900 7.9 49
500 �C,1 h 1520 1.7 5
800 �C, 1 h 795 5.0 67
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characteristic for ductile fractures, see Fig. 9 c), after annealing at
500 �C for 1 h, the samples fractures in an intercrystalline fashion,
Fig. 9 d). Ductility is regained for heat treatments at 800 �C, as can
be seen in Fig. 9 e).

4. Discussion

4.1. Microstructural changes during HPT processing

Reports are available on the deformationmechanisms present in
the TiZrNbHfTa alloy in the case of a coarse-grained microstructure
for relatively low deformation strains. Senkov et al. [19] reported on
simultaneous dislocation and twinning activity during compres-
sion testing at room temperature of the cast alloy and concluded
this to be a likely reason for the good compression ductility of
TiZrNbHfTa. Later investigations also revealed extensive deforma-
tion banding after cold rolling, with bands having a certain incli-
nation with respect to the rolling direction [25]. Studies of the
compressive properties of TiZrNbHfTa after casting with in-depth
TEM investigations showed that work hardening can be separated
into three distinct stages and came also to the conclusion, that for
larger plastic strains a localization of the deformation occurs [20].
Contrary to the study by Senkov et al. [19] no evidence of twinning
could be found in Ref. [23]. Rather, an inhomogeneous micro-
structure for low strains due to an early onset of shear banding, is
reported, which becomes more homogenous at higher strains.

The results obtained in this study are in line with the existing
results in literature. If the sample is only subjected to relatively low
shear strains, the formation of dislocation cells can be observed via
BSE imaging (Fig. 1c) but also lenticular or lamellae-like structures
are seen, as already reported in references [19,21]. Senkov et al. [19]
first described these structures as a mixture of shear bands and
deformation twins. However in this present study, despite similar
structures occurring, no conclusive proof could be found, that they
are related to mechanical twinning, similar to observations in
Refs. [22,23].

With increasing shear strain the deformation then quickly lo-
calizes into bands, which also drastically increase in number with
increasing strain. Since a higher degree of deformation is realised
inside of these deformation bands, the grain refinement is much
more pronounced there than in the surrounding material. The
microstructure is therefore rather inhomogeneous during early
stages of deformation, but for very high strains and the steady-state
regime the microstructure-homogeneity is restored. A similar
deformation behaviour during HPT processing has also been seen
for another bcc HEA, AlTiVNb [30].

4.2. Evolution of hardness after heat treatments

After the isochronal (t ¼ 1 h) anneals at low temperatures up to
600 �C a distinct increase in the material's hardness can be detec-
ted. Even for the lowest annealing temperature of 300 �C, for which
no precipitation of second phases could be detected by means of
XRD, a hardness increase of about 60 HV1 was measured, see Fig. 3
a). For nc metals several studies report a hardness increase occur-
ring during low temperature annealing. The origin of this phe-
nomenon is still controversially discussed [42e45]. The occurring
change in hardness is often ascribed to a change in the defect
structure of the material during annealing. Since in nc metals there
is an abundance of grain boundaries, which act not only as dislo-
cation sources but also as sinks and enable rapid dislocation
annihilation during the annealing treatment. This might require the



Table 4
Hardness values of the individually cast phases occurring in the 800 �C, 1 h
annealing treatment, before and after HPT processing.

Phase Microstructural State Vickers Microhardness (e)

Zr-Hf-rich As-cast 280.5 ± 11.9
HPT processed 367.2 ± 2.4

Nb-Ta-rich As-cast 267.7 ± 13.6
HPT processed 478.6 ± 3.4
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activation of new dislocation sources if plastic deformation is to be
realised after the heat treatment, needing higher stresses
compared to the as-deformed state [42,46]. Other explanations
consider grain boundary-dislocation interactions as the main
reason for the observed hardening. Annealing might cause an
elevated concentration of solutes at the grain boundaries, which
subsequently could suppress the emission of dislocations due to
solute drag [44]. At slightly higher annealing temperatures the
onset of a phase decomposition is observed and the formation of a
multi-phase microstructure could also possibly lead to an increase
in hardness. However, given the low hardness and strength of the
800 �C annealing state (Fig. 3 a) and 9 a)), in spite of having a fine-
grained multi-phase microstructure (Fig. 4 e)), this idea can be
questioned. The reason for the low strength of the 800 �C annealing
state is most likely twofold. Firstly, a strong decrease in solid so-
lution hardening due to the occurring phase decomposition. Sen-
kov et al. [18] estimated the contribution of solid solution
hardening in the TiZrNbHfTa alloy [47]. Since conventional models
for solid solution strengthening are usually based on “dilute”
alloying systems, where the solvent element and the solute ele-
ments can be clearly distinguished, in the case of the equiatomic
TiZrNbHfTa a pseudobinary solid solution was assumed. Due to the
very low atomic size difference Ta, Nb and Ti were considered the
solvent, while Hf and Zr where thought of as the solute. A majority
of the contribution to the solid solution strengthening due to
atomic size misfit is therefore arising from the misfit between Ta-
Nb-Ti and Hf-Zr, while the misfit and thus the strengthening
contribution within Ta-Nb-Ti and Hf-Zr is negligible. The second
contribution to solid solution strengthening is the elastic modulus
difference and is by far the largest around Ta atoms in the
TiZrNbHfTa alloy and comparably small between all other elements
[18]. However, annealing at 800 �C leads to a phase decomposition
into Nb-Ta and Zr-Hf rich phases, thus leading to a strong reduction
in the strength contribution via atomic size misfit, since both
phases mostly contain elements between which the size difference
is small. Secondly, while the 800 �C annealing state might still
possess an ultra-fine grained microstructure, the hardening
contribution due to grain refinement is not that distinct in the
TiZrNbHfTa alloy. As can be seen in Fig. 1 b), reducing the grain size
in the coarse-grained as-received state with a grain size of about
100 mm down to about 50 nm in the SPD processed state only leads
to a hardness increase of ~110 HV1 ( ~35% hardness increase,
compared to the as-received state). This is different to other single-
phase bcc metals, such as chromium [48], where reducing the grain
size from about 10 mm to approximately 250 nm for instance, leads
to a roughly threefold increase in hardness.

In order to explain quantitatively the hardness and strength of
the 800 �C, 1 h annealing state, the two main phases occurring in
this microstructural state were reproduced according to the
chemical information obtained by EDX line-scans in the TEM (Fig. 5
e)) and then subjected to HPT processing. Both phases show a
similar hardness after casting (~280 HV1 for the ZrHf-rich phase
and ~268 HV1for the NbTa-rich bcc phase). Introducing a nano-
crystalline microstructure via HPT and subsequent hardness testing
reveal, that the hardening due to grain refinement is not pro-
nounced, especially in the Zr-Hf phase (~31% hardness increase,
~79% for the Nb-Ta-rich phase), see Table 4.

Since the newly forming phases at this stage are very similar in
size the mechanical behaviour can be best envisioned as a com-
posite material. However, in such a material a hard phase usually
exists, which constraints the deformation in the softer matrix
phase, thus leading to an overall increase in the strength of the
material. In this case, both phases are very similar in their hardness
(Table 4), thus it is reasonable to observe that the hardness of the
composite does not differ strongly from the hardness of the two
individual phases.
After the maximum hardness of approximately 530 HV1 is

reached for 1 h of annealing at 500 �C, the material starts to get
softer again with prolonged heat treatment time. The reason for
the hardness maximum at 500 �C for 1 h of annealing is most
likely twofold. First, the above described “hardening by anneal-
ing” phenomena is occurring as well, likely even more pro-
nounced given the higher mobility of defects at this temperature.
Secondly, while a phase decomposition is already occurring at
this temperature, the changes in the phase chemistry after just
1 h of annealing are not strong yet (see Fig. 5 a) and c)) e

Therefore solid solution strengthening in both occurring phases
should still be significant. However, after 100 h the phase
decomposition is much more pronounced leading to a strongly
decreased contribution of atomic size misfit to the solid solution
hardening in both individual phases, which then results in the
lower hardness of this microstructural state. A less important
factor is the onset of grain growth (Fig. 4 c), which also could
offset the hardness contribution by annealing (either due to a
change in the defect structure or due to grain-boundary disloca-
tion interactions, as described above).
4.3. Changes in tensile properties

Many materials processed by HPT techniques show extraordi-
narily highmechanical strengths but often only amoderate amount
of plasticity [49]. Especially the tensile ductility is usually limited,
which is often related to low strain hardening in these materials,
which would help to prevent an early localization of deformation
[49,50]. Several strategies exist to potentially gain better ductility,
usually centered around gaining a higher strain hardening rate.
This, for instance, could be achieved by introducing a bi-modal
grain size distribution or nanoparticles, which could promote the
accumulation of dislocations. Furthermore, a high density of twins
should also improve the ductility of SPD processed materials
[49,51]. However, since in the HPT processed TiZrNbHfTa alloy none
of these microstructural features are found, the reason for the high
ductility must lie elsewhere. For instance, it was shown that a
higher ductility in SPD materials may also result from a change in
deformation mechanism or that a change in the grain boundary
state could possibly influence the mechanical properties [51].

Valiev et al. [52] reported that it was possible for severely
deformed copper and titanium to have both high tensile strength
and high ductility. They related this to a possible change in the
primary deformation mechanism, from dislocation and/or twin-
ning mediated deformation for the coarse grained material to
possibly grain boundary sliding or enhanced grain rotation for the
nc materials.

It also has to be noted that the grain size of the as-received state
is relatively large in comparison to the typical diameter of a tensile
sample (approximately 500 mm) and therefore the tested samples
might not be completely representative of the coarse-grained,
polycrystalline material due to the low number of grains. Howev-
er, the results seem to be in relatively good agreement with existing
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data on the coarse-grained material in literature performed on
standard specimens [21].

A closer investigation into the high tensile ductility by
measuring the strain rate sensitivity of the TiZrNbHfTa alloy will be
the goal of future investigations.

A common strategy to restore some of the limited ductility in
HPT processed materials is a subsequent annealing treatment [50].
However, in the case of the TiZrNbHfTa alloy this is no valid
approach. As can be seen in Fig. 9 d) an annealing treatment at
500 �C for 1 h leads to a severe embrittlement of the alloy and
intercrystalline fracture. The reason for the apparent loss in
strength compared to the HPT processed sample likely is also
caused by this pronounced embrittlement and an early failure of
the specimen in the elastic regime of the tensile test. The change
from a ductile fracture mode to an intercrystalline one can have
several causes, such as precipitation of a brittle phase at grain
boundaries. As can be seen in Fig. 4 a) and b) the microstructure for
this annealing state consists of two phases of similar grain size, so
the most likely cause of the transition to an intercrystalline fracture
is a weak interface strength between the hcp and the bcc phase.

On the other hand a good strength-ductility ratio also cannot be
achieved at higher annealing temperatures. At 800 �C the
TiZrNbHfTa alloy is more ductile again, as especially can be seen in
the large area-reduction occurring during tensile testing, see
Table 3). However, the material seems very prone to damage
localization, since necking occurs during testing with very little
prior uniform elongation. Likely reasons for this behaviour can be
found in the multi-phase microstructure and a very low work
hardening rate. In addition, the tensile strength of this micro-
structural state is already significantly decreased. The hardness
data also shows a similar trend for temperatures exceeding 800 �C,
see Fig. 3 a).

4.4. Comparison between experiment and simulation

In a previous publication by Senkov et al. [25] it has already been
shown, that after heavy cold rolling and subsequent annealing at
800 �C for 2 h, the TiZrNbHfTa alloy no longer is a single-phase bcc
alloy. Since the entropic contribution to the Gibbs free energy de-
creases with decreasing temperature it was concluded, that for
lower temperatures the observed phase decomposition should
occur as well.

In this study the phase decomposition could be observed even
for much lower annealing temperatures within very short time
frames due to the fast diffusion kinetics in nc materials, caused by
the high amount of grain boundaries. Experimental observations
and simulated data are generally in good agreement regarding
phase formation and temperature.

Considering the phase chemistry however, experiment and
simulation are only in partial agreement but the trends are satis-
factory (see Table 2). In general, the enrichment of elements
(especially in the Nb-Ta rich phase) is more pronounced in the
simulated data compared to what could be observed in experi-
ments. The reason for this can be twofold: Firstly, the equilibrium
condition has not yet been reached for the annealed specimens,
which for instance could be seen when comparing specimen
annealed at 500 �C for 1 h and 100 h, where in the latter a more
pronounced phase decomposition could be observed (Fig. 5 a) and
c)). Secondly, the Calphad approach often only leads to results that
are in partial agreement with experiments in regards to HEAs, since
calculating multi-component phase diagrams is more challenging
than for traditional alloys, where it is often sufficient for the ther-
modynamic database to only focus on the corner of the phase di-
agram, while for HEAs the database should be valid over the entire
composition range [53].
5. Summary and conclusions

In order to evaluate the thermodynamic stability of an equia-
tomic, single-phase TiZrNbHfTa alloy it was nanostructured by
utilizing HPT. The nc samples then were subjected to various
annealing treatments and the resulting specimens were investi-
gated comprehensively by electron microscopy, XRD and tensile
testing to determine microstructure-property relationships. The
results can be summarized as follows:

1. HPT-processing of the coarse-grained TiZrNbHfTa alloy results
in a significant grain refinement down to a minimum grain size
of approximately 50 nm and, without losing the single-phase
character, leads to a more than twofold increase in tensile
strength up to 1900 MPa.

2. After subjecting the nc samples to various heat treatments for
temperatures below 1000 �C a clear tendency towards a phase
decomposition could be observed. For temperatures between
800 �C and 900 �C the TiZrNbHfTa alloy decomposes mostly into
two different bcc phases (Nb-Ta and Zr-Hf rich). For lower
temperatures a second Zr-Hf rich phase with a hcp crystal
structure can occur as well.

3. The phase decomposition also heavily impacts the mechanical
performance of the alloy. While after HPT processing the alloy
possesses excellent mechanical strength and good ductility,
annealing can lead to a severe embrittlement of the alloy.

4. The experimentally observed phases are in good agreement
with the predictions by thermodynamic simulations.

In summary, the presented results shed new light on the
occurring phases of the former single-phase TiZrNbHfTa alloy and
their impact on the mechanical properties. In addition, the initially
single-phase alloy might constitute a practical basis to synthesize
complex nanocomposite structures. The volume fraction of the
individual phases could be tailored by selecting the appropriate
annealing time and temperature to optimize the trade-off between
strength and ductility.
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