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Nickel (Ni) and carbon nanotube (CNT)-reinforced Ni-matrix composites were processed by high-pressure torsion (HPT). The evolution of dislocation densities and crystalline domain sizes were analyzed by means of X-ray
diﬀraction (XRD) using Whole Powder Pattern Modelling (WPPM). The composites showed an evident gradient
in the microstructural reﬁnement and in hardness with increasing applied strain. This eﬀect was found to be
more pronounced in the presence of higher amounts of CNT. In particular, a higher amount of screw dislocations
was measured by WPPM after HPT. It was concluded that the strengthening of CNT-MMC processed by HPT is
mainly due to work hardening and grain reﬁnement, both mechanisms being assisted by the presence of CNT,
with marginal contribution of particle strengthening.

1. Introduction
It is well known that during severe plastic deformation (SPD) there
is an increase in the dislocation density and high-angle grain boundaries, leading to the reﬁnement of the microstructure [1]. Particularly
in high pressure torsion (HPT), a microstructural gradient is observed in
the sample (along the radial direction), which decreases gradually with
increasing imposed strain until the saturation in the microstructural
reﬁnement is reached [2,3]. In the case of pure Ni, the equivalent von
Mises strain εv needed to reach the onset of saturation in the microstructural reﬁnement, characterized by a fairly constant hardness
throughout the sample, is approximately εv ~ 20 [3]. In the disk center,
on the other hand, stress homogeneity is not really obtained [4].
Nevertheless, although the equivalent strain there should be zero, ac2πTr
cording to ε v = t 3 , where T is the number of turns, t is the sample
thickness and r the distance from the center of the sample [5], the
dislocation density should increase due to the accumulated stress,
especially in the case of pure metals, in which impurities are not expected to inﬂuence the microstructural evolution during processing.
Furthermore, as dislocation glide is a very important deformation mechanism during HPT [4], a thorough analysis of the dislocation density
in severely deformed CNT/Ni composites is of great interest, in order to
better understand the remarkable increase in hardness [6] and the
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premature cracking during the deformation process at room temperature in the presence of high amounts of CNT [7]. Nevertheless, and to
the best knowledge of the authors, there are still limited studies in the
literature regarding the microstructural evolution of severely deformed
metal matrix composites (MMC).
Structural and microstructural information, including crystalline
domain sizes and dislocation densities, have been extracted from diffraction patterns by means of line proﬁle analysis (LPA) using traditional approaches such as the Scherrer equation [8], the WarrenAverbach method [9] and Williamson-Hall plot [10]. Furthermore,
semi-quantitative studies based on the modiﬁed approaches of these
traditional techniques are common [11–16], which take into account
the anisotropic nature of the dislocation strain ﬁeld by considering the
so-called dislocations contrast factor. Nevertheless, most of these
techniques are limited to the extraction of microstructural information
from the peak widths, by ﬁtting each reﬂection with an arbitrary bellshaped function; all other diﬀraction pattern details, albeit potentially
important, are disregarded. To remove this limitation, full pattern
analysis techniques such as the Whole Powder Pattern Modelling
(WPPM), have been proposed [17]. In WPPM, the line proﬁles are obtained from physical models of the instrument and from the specimen.
Speciﬁcally, the peak shape originating from dislocation eﬀects is obtained according to the Wilkens-Krivoglaz-Ryaboshapka theory [18]
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that originally introduced the contrast factor of dislocations. Furthermore, dislocation densities analyzed by LPA techniques have been reported in the literature for severely deformed metals, whose high dislocation densities (ρ > 1014 m−2) cannot be easily quantiﬁed by
means of traditional techniques such as Transmission Electron Microscopy (TEM); in many cases, conventional LPA is performed to obtain
crystalline domain size and micro-strain, from which the dislocation
density is calculated via the Williamson-Smallman approach [19–21],
which is only valid for random distribution of dislocations (i.e. noninteracting dislocations).
The present study provides a systematic approach, in which WPPM
is performed at two diﬀerent positions on HPT deformed CNT/Ni
composites as well on bulk Ni samples, by limiting the measured area
along the radial direction and thus reducing the eﬀect of the microstructural gradients on the results, in order to investigate the eﬀect of
increasing CNT content and increasing strain on the evolution of the
domain size and dislocation densities during HPT. Finally, the
strengthening contributions from grain boundaries, dislocation accumulation and the presence of particles were estimated from the results.
2. Materials and methods

Fig. 1. X-ray diﬀraction in Bragg Brentano conﬁguration used in the present
study.

The starting materials included multi-walled CNT (CCVD grown,
Graphene Supermarket, USA density 1.84 g/cm3) and dendritic Ni
powder (Alfa Aesar, Germany mesh −325, 99.8% purity). Powder
mixtures obtained via colloidal mixing (see e.g. [22]) were cold pressed
(990 MPa) into cylindrical pellets (diameter 8 mm, thickness ~ 1 mm)
and sintered under vacuum (2.0 × 10−6 mbar) at 900 °C for 3 h. Different CNT fractions were used, namely: 0.5, 1, and 2 wt% (2.4, 4.7 and
9 vol%, respectively). All sintered samples (~1 mm thickness and 8 mm
of diameter) were further processed by means of HPT at room temperature using 1, 4, 10 and 20 T (turns), 4 GPa of pressure and 2 rpm.
Pure Ni bulk samples were also obtained and processed under the same
conditions and analyzed for comparison reasons, given that Ni has been
extensively investigated and serves as model material for the HPT
processing of MMC.
TEM micrographs were collected on selected samples using a JEOL
JEM 2010 instrument operated at 200 kV. Speciﬁcally, Ni and 2 wt%
CNT samples processed using 1 T and 20 T were analyzed at 3 mm from
the center. The TEM lamellas were extracted perpendicular to the shear
direction in a dual-beam Helios NanoLab 600 (FEI) microscope using a
gallium focused ion beam (FIB).
The HPT samples were cut in halves, embedded in resin, polished
using polishing disks with 6, 3 and 1 μm diamond suspensions and
mirror-ﬁnished with OP-S (Struers) colloidal silica. In this way, possible
eﬀects of the sample roughness on the results are avoided. The X-ray
diﬀractograms were collected using Cu-Kα radiation at room temperature by means of a PANalytical Empyrean diﬀractometer, equipped
with a 50 μm focusing polycapillary collimator in the primary beam,
and a parallel plate collimator (0.27° acceptance angle) in the diﬀracted
beam. A Ni ﬁlter was used to suppress the unwanted Kβ radiation. In
this setup, only the lattice planes parallel to the surface of the specimen,
i.e. orthogonal to the scattering vector →
s , contribute to the diﬀracted
signal. In order to limit the eﬀects of the microstructural gradients on
the results, the beam size was restricted to a width of 50 μm and a
variable length depending of the 2θ angle, e.g. 146.19 μm at 40° and
65.27 μm at 100°. In order to better correlate the results to the speciﬁc
equivalent strains corresponding to the measured areas located at about
3 mm from the center, the specimen was aligned such that the scattering vector was parallel to the shear direction and in this way, although the X-ray penetration depth in Ni varies from 34.28 μm at 40°
and 52.52 μm at 100°, the microstructural gradient along the depth is
expected to be negligible.
Only the peaks corresponding to fcc Ni were observed in the
40°–100° scan range. The step size was set to 0.05° with 40 second
counting time for a total of 1200 points. Fig. 1 shows a schematic

representation of the XRD setup. The LaB6 instrumental proﬁle powder
standard was also measured with the same conﬁguration in order to
model the instrumental broadening, using an oscillation of the stage of
5 mm in the X axis to increase the counting statistics and reduce the
graininess problems (the LaB6 powder has in fact a particle size of ca.
2 μm and the particles are almost single crystals).
For the analysis of the dislocation density and the crystalline domain size, the PM2K software, implementing the WPPM method, was
employed [23,24]. A thorough description of the WPPM approach is
given elsewhere [17]. In the following a short and simpliﬁed introduction to the method is given.
In WPPM, the complex function Chkl(L) describes the Fourier
Transform (FT) of the intensity Ihkl(d∗) of the hkl diﬀraction proﬁle. If d∗
is a length in reciprocal space (equal to dhkl∗ in the Bragg condition),
then

Ihkl (d∗) = khkl (d∗)

∫ Chkl (L) exp(2πL(d∗ − d∗hkl ))dL

∗

(1)
∗

Here, khkl(d ) comprises all terms contributing to Ihkl(d ) and not
related to line broadening sources, such as Lorenz-polarization factor,
the structure factor, scale factor, etc. As broadening eﬀects are convoluted in the measured diﬀraction proﬁle and due to the properties of
the Fourier transform of a convolution, Chkl(L) is a product of functions
describing the various sources of broadening aﬀecting the analyzed
proﬁle. In our case we have to consider, for instance, the instrumental
broadening (TpVIP) that can be measured using a line-proﬁle standard,
the contribution from the ﬁnite size of the domains (AS), the contribution from the lattice distortions caused by dislocations (AD).
Therefore,
S
D
Chkl (L) = (TIP
pV ) ∙ (A ) ∙ (A )

(2)

Expressions for the above mentioned FTs can be found in [17].
Further broadening sources can be included, when necessary.
The parameters of interest obtained in the WPPM analysis were:
mean (μ) and square of the variance (σ) of a log-normal distribution of
coherent domain sizes, dislocation density (ρ), and average character of
the dislocations (extracted as fe, relative edge fraction). Spherical domains were used to model the diﬀraction patterns of the HPT samples
with a log-normal distribution of domains, which has been considered
appropriate in the case of severely deformed metals [1].
For a quantitative evaluation of the dislocation densities, the (orientation-averaged) dislocation contrast factor is however needed for
each individual hkl. The approach proposed by Martinez-Garcia et al.
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Fig. 2. Examples of WPPM of the data collected at 3 mm from the center on a) Ni after 1 T and b) after 20 T, c) 2 wt% CNT after 1 T and d) after 20 T.

contrast to pure Ni, where no further grain reﬁnement is observed from
Fig. 3e, the HPT applied to 2 wt% CNT samples (Fig. 3f) causes a signiﬁcant decrease in grain size. Furthermore, oxide particles could also
promote grain reﬁnement by pinning the dislocation and grain
boundary motion [27]. Nevertheless, a negligible contribution should
be expected in this case in comparison to the eﬀect provided by the
CNTs. Note that the oxide signal is not detected as shown in the respective SAED patterns in Fig. 3. Additionally, the introduction of
oxygen during SPD is more likely to occur in powder samples [28] than
in annealed (bulk) ones (this study).
The evolution of the mean domain size, as well as the dislocation
density with increasing equivalent strains are presented in Figs. 4 and 5,
respectively. The mean domain sizes D and the respective standard
deviations SD (presented as the error bars), have been calculated from
the mean (μ) and the square of the variance (σ) of the log-normal dis-

[25] can be used in the general case. For cubic materials, the following
(h2k2 + h2l2 + l2h2)

holds [26]: Chkl = A + BH , with H = (h2 + k2 + l2)2 , and A and B are
constants that depend on the dislocation slip system and on the singlecrystal elastic constants of the material. The primary slip system of Ni is
1
⟨110⟩ {111} Suitable A and B values for edge and screw dislocations
2
acting on this slip system were calculated from the known values proposed by Ungár et al. [11] obtained using the single elastic constants
c11 = 243.6; c12 = 149.4 and c44 = 119.6 GPa (note that a diﬀerent
parameterization is used in the cited reference, and in particular that
q
A = Ch00 , B = − A ). The calculated values for edge dislocations are:
Ae = 0.262, Be = − 0.367, and for screw dislocations: As = 0.267 and
Bs = − 0.599 in agreement with the data calculated by Scardi et al.
[26].
Moreover, despite the technical diﬃculties related to the need of
working with a small spot size and consequently, with a broad instrumental function, the agreement between data and model is rather good.
As an example, Fig. 2 shows the modelling result for Ni and 2 wt% CNT
samples processed to equivalent strains of εv ~ 16 and εv ~ 320, as representative examples. Moreover, the diﬀerence plot is almost featureless in all studied cases. Fig. 2 shows that the addition of CNT to Ni
causes evident line broadening with increasing strain.
In addition, Vickers micro hardness (HV0.3) measurements were
performed at 3 mm from the samples' centers using an indenter Struers
DuraScan 50/70/80 using 15 s of dwell time.

2

⎛μ + σ ⎞
⎜

⎟

2

2

tributions via D = e⎝ 2 ⎠ and SD = (e(2μ + σ ) )(eσ − 1) , respectively.
In the case of the dislocation densities, the error bars correspond to the
estimated errors in the WPPM.
Regarding the composites, the distribution of the reinforcement at
the disks' centers is expected to be less homogeneous than at areas
further away from it since the reinforcement distribution should improve with increasing equivalent strain and increasing CNT content
[29]. Moreover, since the grain size is expected to reduce with increasing accumulated strain, a reduction in the domain sizes is expected
further away from the samples' centers, especially in the composites,
where the presence of second phases can enhance the reﬁnement process. This eﬀect can be observed in Fig. 4.
On one hand, the reduction in the domain size caused by the presence of CNT in the composites can be explained analogically to the

3. Results and discussion
TEM micrographs in Fig. 3 show exemplarily the eﬀect of CNTs on
the microstructural reﬁnement with increasing applied strains. In
346
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Fig. 3. Bright Field TEM micrographs and respective SAED patterns of (a, b): Ni and (c, d): 2 wt% CNT samples, processed to the respective equivalent strains, given
on the micrographs. Shear direction normal to plane of paper (marked as X). (e, f): Grain size distributions of Ni and 2 wt% CNT samples, respectively.

WPPM for the respective samples (see Fig. 4a). However, the domains
“seen” by diﬀraction should not be confused with the grains observed
by microscopy: the two are the same only when the “grains” are defectfree, contain a non-signiﬁcant quantity of defects, or defects are randomly distributed within the grains.
The dislocation density of the bulk Ni samples from the present
study is consistent with the results reported in [30] for HPT Ni, namely
ρ~0.3 × 1016 m−2 (Fig. 5a). On the other hand, the dislocation density
increases in the composites with increasing applied strains and increasing CNT content. Speciﬁcally, adding CNTs to a Ni matrix leads to
a signiﬁcant increase in the dislocation density up to ρ~4 × 1016 m−2
at 3 mm from the center (Fig. 5), which can be in turn observed as an
increase in hardness (see Fig. 6).
Additionally, the diﬀerence in dislocation density between the
center and the edge also increases with increasing strain and CNT
content, which is related to an eﬀective pinning of the grain boundaries
by the CNT and possible delay in dislocation accumulation at the
samples' centers during HPT.
Furthermore, the evolution of the dislocation character, as described by the edge dislocation fraction fe obtained from WPPM, is
reported in Fig. 7 for the two studied sample's positions. It is observed
that mainly screw dislocations accumulate far from the center during
processing in both Ni samples and the composites. This can be explained as during plastic deformation, mainly dislocation tangles of
edge character are arranging to form dislocation walls and screw dislocations locate primarily in the grain interiors and can be easily annihilated by cross slip [31–33]. Moreover, the application of high hydrostatic pressures during HPT mostly restricts the deformationinduced vacancies to reach the edge dislocations, reducing eﬀectively

reduction in grain size caused by impurities. It is well known that edge
dislocations interact more eﬀectively with solute atoms than screw
dislocations. For instance, when edge dislocations interact with solute
atoms inside the grains (such as dissolved oxygen atoms), they are
pinned by them [28]. These pinning eﬀects can eventually promote
dislocation pile-up and subsequently dislocation rearrangement into
low energy conﬁgurations (LAGB), which not only increases the dislocation density but also assists the microstructural reﬁnement. At the
same time, dislocations may interact with solute atoms and second
phases at the grain boundaries. Additionally, as the steady state is ruled
by the grain boundary mobility [3], the decrease in steady state grain
size can be accounted by the pinning of the grain boundaries by impurities and second phase particles located there.
On the other hand, in the case of pure bulk Ni samples, processing
above the equivalent strain needed for the saturation hardness to take
place (i.e. εv ~ 20, see Fig. 6), leads to marginal changes in both the
domain size and the dislocation density. No further decrease in the
domain size might be related to a transient state, which involves dislocation pileup at the grain boundaries and grain boundary motion as
discussed by Pippan et al. [3], who studied the evolution of the grain
size of Ni samples subjected to HPT at room temperature starting from
both coarse and nano grained samples, obtaining the same ﬁnal steady
state grain size after HPT. According to them, during SPD, pure metals
are not further reﬁned after the steady state has been reached due to
stress-induced boundary migration phenomena. Furthermore, they estimated a saturation size of plastically deformed Ni of about 200 nm (as
measured from TEM micrographs) [3]. In the present study, Ni average
grain sizes extracted from TEM micrographs are in the order of ~80 nm
(see Fig. 3e), which are in the same order to the sizes extracted from

Fig. 4. Evolution of mean domain size for increasing equivalent strains and increasing number of turns (for the case of samples' centers where the equivalent strain is
zero) in a) Ni, b) 0.5 wt% CNT, c) 1 wt% CNT and d) 2 wt% CNT.
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Fig. 5. Evolution of the dislocation density for increasing equivalent strains and increasing number of turns (for the case of samples' centers where the equivalent
strain is zero) in a) Ni, b) 0.5 wt% CNT, c) 1 wt% CNT and d) 2 wt% CNT.

as proposed in [38], which promotes some dislocation annihilation,
especially of edge character. In the sample's center the strain accumulates due to the inhomogeneous nature of the HPT process. Therefore,
given that low misorientation angles of subgrains and even dipolar
dislocation walls separating subgrains with no diﬀerences in orientation
are “viewed” by XRD as crystalline domains [39], when the available
edge dislocations arrange with increasing imposed strain into dislocation cells and sub-grains, these are in turn “seen” by XRD as new
crystalline domains, which reduces the detection of edge dislocations
located there.
Finally, diﬀerent strengthening mechanisms can be accounted for
the increase in hardness in the severely deformed composites such as
strain hardening, grain size reﬁnement (Hall-Petch) and dispersion
strengthening (Orowan). However, it was observed that even though
increasing carbon content increases the saturation value of hardness in
Ni samples during HPT [40], increasing CNT content up to 2 wt%
yielded similar saturation values of hardness in samples processed at
room temperature, as opposed to higher processing temperatures,
where CNT play an important role [7]. Moreover, it was observed that
the increase in hardness of CNT-reinforced MMC followed a Hall-Petch
relationship with small deviations at smaller grain sizes [7]. Nevertheless, as stated in [41], unless signiﬁcant recovery of defects post
deformation (or during deformation) occurs, there will be a correlation
between dislocation density and the grain size and thus the linearity of
a Hall-Petch type plot should not be taken as an indication that grain
boundary strengthening dominates. The contribution of these three
mechanisms to the strengthening was estimated and plotted in Fig. 8.
Other contributions are considered negligible in comparison.
For the estimation of the grain boundary contribution via the HallPetch relation, it was assumed that crystalline domains act as obstacles
1
for dislocation analogous to grain boundaries according to ∆σ = K D ,
where K was taken from the data compiled in [42] for nano-crystalline
1
Ni assuming ∆σ = 3 ∆Hardness . Furthermore, the contribution of

Fig. 6. Evolution of hardness (measured at 3 mm from the samples' centers)
with increasing equivalent strains.

dislocation climb and annihilation [34,35]. By enhancing the dislocation density, there is an increase in the total grain boundary area, which
corresponds to a decrease in the average grain size [36] that is
equivalent to a decrease in the crystallite size as measured by XPA.
Moreover, J. Gubicza et al. [37], suggested that the annihilation of both
edge and screw dislocations is hindered during HPT more eﬀectively in
comparison to other SPD processing methods due to the high load applied, which delays both climb and cross-slip of dislocations. According
to this, the increase in the screw dislocation character can be explained
by the cross-slip of dislocations being hindered during HPT, with edge
dislocations mainly arranging to contribute to the grain reﬁnement of
the material. Moreover, after releasing the hydrostatic pressure applied
during processing, a release of excess vacancy concentration takes place
349
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Fig. 7. Evolution of the edge dislocation fraction for increasing equivalent strains and increasing number of turns (for the case of samples' centers where the
equivalent strain is zero) in a) Ni, b) 0.5 wt% CNT, c) 1 wt% CNT and d) 2 wt% CNT.

4. Conclusions

dislocation strengthening (work hardening) was estimated using the
Taylor relation ∆σ = MαGb ρ , where M is the Taylor factor (~3), α is a
constant taken as 0.24, G is the shear modulus G = 76.5 GPa, b is the
Burgers vector b = 0.249 nm and ρ is the total dislocation density.
Dispersion hardening due to the presence of CNT was estimated using
0.13Gb
r
the Orowan-Ashby relation ∆σ = d In b [43], where d is the interparticle distance, which was taken as the nearest neighbor distance
calculated from the distance of the agglomerates centers of mass as
described in [29], and r was taken as the agglomerate radius. It should
be noted that the strengthening contributions remain an estimation and
should not be taken as absolute values.
It has been shown that both work hardening and grain boundaries
contribute to the strengthening in many metals [44] and composites
[45] processed by SPD. This correlates well with the present results.
Nevertheless, both dislocations and grain boundaries have comparable
contribution to the strengthening, except where the domain sizes are
the smallest and grain boundaries dominate due to the signiﬁcantly
smaller fraction of dislocations that can be stored inside the grains.
Orowan strengthening, on the other hand, has only small contribution
to the strengthening mainly because, even though the CNT agglomerate
sizes and homogeneity was signiﬁcantly improved during HPT [29], the
agglomerate size is still large (~100 nm), which in many cases is bigger
than the grain sizes, and because dislocation loops that may form
around smaller agglomerates can eventually create dislocation cell
structures, which in turn may result in a Hall-Petch type strengthening
[43].
Based on the present results it can be concluded that the presence of
CNT in CNT-MMC processed at room temperature by SPD with increasing CNT content and increasing imposed strain, increases the
dislocation density (work hardening), assists the grain reﬁnement and
to a lesser extent contribute to particle strengthening via Orowan
looping.

In summary, SPD of CNT/Ni matrix composites was studied by TEM
and advanced X-ray diﬀraction analysis. The WPPM of diﬀraction data
is capable of evidencing the variations in the microstructure of the
specimens subjected to SPD and pointing out the microstructure reﬁnement eﬀect caused by the presence of CNT in the system. The saturation in the microstructural reﬁnement is not reached during HPT at
room temperature in the studied composites, as evidenced by the signiﬁcant gradient in microstructure and hardness. Furthermore, an increase in the dislocation density in the system is evidenced with increasing number of turns. Moreover, the increase in the quantity of
screw dislocations measured by WPPM, was attributed to the reduction
of restoration processes due to the high applied hydrostatic load during
HPT of CNT/MMC, with mainly edge dislocations contributing to the
grain reﬁnement. Finally, CNT are observed to promote the grain reﬁnement signiﬁcantly, as a consequence of the interaction of the nanotubes with grain boundaries and dislocations, which contribute signiﬁcantly to the strengthening of the composites.
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Fig. 8. Contribution from the respective strengthening mechanisms with increasing equivalent strains in in a) Ni, b) 0.5 wt% CNT, c) 1 wt% CNT and d) 2 wt% CNT.
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